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The  peritectic  reactions  NiAl  + L -*■  Ni2Al3  and  Ni2Al3  + L ->•  NiAl 3 

in  Al-Ni  alloys  containing  16.5  to  50  at . % Ni  were  studied  at  cooling 

rates  varying  from  10  to  1 0'’  K/s  using  directional  solidification, 

electromagnetic  levitation  or  drop  tube  processing.  Changes  in  the 

morphology  and  the  volume  fraction  of  the  constituent  phases  were 

studied  as  a function  of  the  alloy  composition,  cooling  rate,  and 

holding  time  at  the  primary  solid  + liquid  region.  The  results  show 

that  the  peritectic  phase  forms  a continuous  rim  around  the  primary  if 

the  peritectic  phase  is  nonfaceted.  In  contrast,  when  the  peritectic 

is  faceted,  a discontinuous  rim  is  formed  giving  a cellular 

morphology.  The  spacing  of  the  peritectic  phase  cells  on  the  primary 

.10 

followed  t kinetics  in  contrast  to  the  secondary  dendrite  arm 

33 

spacing  which  followed  t kinetics,  where  t is  the  solidification 
time . 
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The  calculated  nucleation  rates  of  Ni^l^  and  NiAl^  showed  that 
in  the  case  of  NiAl^  the  peritectic  reaction  plays  a significant  role 
in  the  nucleation  of  the  peritectic  phase.  In  contrast  the  peritectic 
reaction  is  only  of  secondary  importance  in  nucleating  the  Ni^Al^ 
phase  because  the  NiAl  phase  acts  as  a potent  heterogeneous  nucleation 
site  for  the  Ni^Al^-  The  potency  of  the  NiAl  as  a nucleation  site 
was  demonstrated  by  the  close  lattice  match  between  the  two  phases. 

For  continuously  cooled  samples  the  volume  fraction  of  the 
primary  phase  was  lower  at  low  (20  K/s)  and  high  ( 1 05  K/s)  cooling 
rates  than  at  intermediate  rates.  The  reduction  in  the  amount  of  the 
properitectic  phase  at  high  cooling  rates  can  be  predicted  using 
dendrite  tip  temperature  depression,  peritectic  temperature  elevation 
and  supercooling  prior  to  nucleation.  The  reduction  in  the 
properitectic  phase  at  low  cooling  rates  is  mostly  due  to  the 
dissolution  of  the  faceted  peritectic  phase.  At  low  cooling  rates  the 
reduction  in  amount  of  the  properitectic  is  greatest  in  samples  in 
which  the  properitectic  phase  has  the  highest  surface  area. 
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CHAPTER  ONE 
INTRODUCTION 

The  solidification  of  binary  and  higher  component  systems  can  be 
represented  by  a number  of  reactions,  one  of  which  is  the  peritectic 
reaction  described  by  the  equation 

L + S1  I S2 

and  illustrated  for  a hypothetical  binary  system  in  Figure  1.1.  In  a 
peritectic  reaction  the  primary  solid,  , reacts  with  the  remaining 
liquid,  L,  to  produce  a new  solid  phase,  S2* 

Many  intermetallic  compounds  of  commercial  interest  form  by  a 
peritectic  reaction  during  solidification;  yet  relatively  little  is 
known  about  the  kinetics  of  the  reaction.  This  is  in  part  due  to  the 
complexity  of  the  peritectic  reaction  compared  with  a eutectic 
reaction;  a peritectic  reaction  involves  dissolution  and  growth, 
whereas  a eutectic  reaction  involves  only  growth.  Another  difficulty 
in  studying  peritectic  reactions  is  that  the  nucleation  behavior  of 
the  peritectic  phase  is  affected  not  only  by  the  thermal  conditions 
but  also  by  the  amount,  morphology  and  nucleation  potency  of  the 
primary  (proper itectic ) phase.  If  the  peritectic  phase  is  not  easily 
nucleated  on  the  primary  phase,  the  latter  may  continue  to  grow  and 
suppress  the  peritectic  reaction  to  lower  temperatures.  If,  on  the 
other  hand,  growth  of  the  primary  phase  is  incomplete,  which  might  be 
the  case  during  rapid  solidification  or  solidification  of  facet 
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TEMPERATURE 


Figure  1.1  A hypothetical  binary  phase  diagram  illustrating  the 
peritectic  reaction. 
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forming  intermetallics , the  nucleation  of  the  second  phase  could  occur 
at  a composition  and  a temperature  different  than  the  equilibrium. 

At  this  stage  it  is  necessary  to  define  the  various  terms  and 
expressions  used  in  the  description  of  the  peritectic  reaction.  The 
terminology  used  in  this  dissertation  can  be  illustrated  using 
Figure  1.1.  The  term  primary  refers  to  the  first  phase  solidified  in 
the  microstructure . In  alloys  that  undergo  multiple  peritectic 
reactions  during  solidification,  the  term  properitectic  refers  to  all 
phases  that  have  formed  prior  to  the  peritectic  reaction  being 
studied.  For  an  alloy  that  undergoes  only  one  peritectic  reaction 
during  solidification  the  terms  properitectic  and  primary  become 
synonymous.  The  peritectic  isotherm  (Tp)  is  the  temperature  at  which 
under  equilibrium  conditions  the  properitectic  phase  would  transform 
to  the  peritectic  phase.  The  peritectic  or  secondary  phase  is  the 
solid  that,  according  to  the  phase  diagram,  forms  as  a result  of  the 
peritectic  reaction.  In  the  present  discussion,  this  term  applies 
regardless  of  the  actual  mechanism  of  formation  of  the  phase.  In  many 
instances  the  phase  that  should  form  via  a peritectic  reaction  may  in 
fact  form  via  a mechanism  that  is  not  represented  by  equation  1.1  such 
as  direct  solidification  from  the  melt.  The  peritectic  liquidus  (Cp) 
is  the  minimum  composition  that  would  undergo  a peritectic  reaction 
during  solidification.  At  a temperature  slightly  below  the  peritectic 
isotherm,  the  term  C ^ refers  to  the  peritectic  phase  in  equilibrium 
with  the  liquid.  Throughout  the  review  of  the  literature  the 
conventions  of  the  various  authors  with  regard  to  phase  identification 
and  terminology  have  been  converted  to  the  convention  described  above. 


The  purpose  of  this  work  was  to  investigate  effects  of  the 
surface  area  of  the  primary  phase  and  the  cooling  rate,  both  above  and 
below  the  peritectic  isotherm,  on  the  morphology  and  volume  fractions 
of  the  constituent  phases  in  alloys  that  undergo  a peritectic 
reaction.  The  alloys  chosen  for  this  study  were  from  the  aluminum 
rich  portion  of  the  aluminum-nickel  binary  system.  In  the  aluminum 
rich  portion  of  the  binary  two  peritectic  reactions  occur: 


NiAl  + Liquid  -*■  NigAl 

at  1406  K 

1.2 

Ni^Al^  + liquid  -*■  NiAl 

at  1128  K 

1.3 

and  one  eutectic  reaction: 

Liquid  -*•  NiAl  + A1  at  913  K 1.4 

The  aluminum-nickel  system  was  selected  for  four  reasons: 

1.  The  equilibrium  phase  diagram  is  well  established. 

2.  The  peritectic  reactions  occur  at  readily  accessible  and 
measureable  temperatures. 

3-  There  are  no  lower  temperature  phase  transf ormations  that 

complicate  the  interpretation  of  the  microstructures  or  alter 
the  volume  fraction  of  the  phases  already  formed. 

4.  All  the  solid  phases  exist  over  a narrow  composition  range. 

The  dissertation  is  divided  into  five  subsequent  sections:  (1) 

the  literature  review  of  both  the  Al-Ni  system  and  the  peritectic 
reaction,  (2)  the  experimental  procedure,  (3)  results,  (4)  discussion 
of  the  results,  and  finally  (5)  conclusions  and  suggestions  for  future 


work . 


CHAPTER  TWO 
LITERATURE  REVIEW 

The  Aluminum-Nickel  Phase  Diagram 

The  Al-Ni  system  has  been  extensively  studied  and  is  now 
considered  to  be  well  established.  Gewyn  [08Gwy]  published  the  first 
complete  diagram.  The  currently  accepted  diagram,  shown  in  Figure 
2.1,  is  largely  based  on  the  work  of  Fink  and  Willy  [34Fin]  for 
aluminum-rich  alloys  and  of  Bradely  and  Taylor  [37Bra1]  for  x-ray 
analysis  of  the  entire  system.  The  formation  and  solubility  limits  of 
NigAl  were  determined  by  Schramm  [4lSch]  and  later  by  Floyd  [52Flo], 
while  Taylor  and  Floyd  [52Tay]  established  the  solubility  of  aluminum 
in  nickel . 

The  diagram  contains  four  intermetallic  compounds:  NiAl ^ . 

Ni2Al3»  NiAl  and  Ni^Al.  The  intermetallic  compound  NiAl  forms 
congruently  from  a 50  at.  % Ni  liquid  at  1911  K,  while  the  other 
compounds  all  form  via  peritectic  reactions.  The  system  contains  two 
eutectics;  one  between  Al-NiAl^  at  approximately  2 at . (6  wt.)  % Ni  at 
912  K [ 08Gwy , 23Bin,  34Fin]  and  the  other  between  Ni-Ni^Al  at  1658  K 
and  75  at.  % Ni  C37Ale]. 

The  intermetallic  phase,  NiAl^,  forms  via  a peritectic  reaction 
at  1133  K from  liquid  of  composition  1 5 at . (28  wt.)  % Ni  C37Ale]  and 
Ni2A13‘  Subsecluent  x-ray  work  by  Bradely  and  Taylor  [37Bra1,  37Bra2] 
determined  it  to  be  of  singular  composition,  25  at . (42  wt.)  % Ni . It 
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Figure  2.1 


The  aluminum-nickel  phase  diagram  [65Han] 


has  an  orthorhombic  crystal  structure  [37Bra1 , 37Bra2,  49Ray , 47Veg], 
with  unit  cell  dimensions  of 
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a = 6.5982  A 
b = 7.3515  A 
c = 4.8021  A 


There  are  16  atoms  per  unit  cell  of  which  4 are  nickel  and  12  are 
aluminum.  The  NiAl^  structure  is  similar  to  the  structure  of 
cementite,  Fe^C. 

The  second  intermetallic  compound,  N^Al^,  occurring  at  40  at. 
(59  wt.)  % Ni  was  identified  by  Alexander  and  Vaughan  [37Ale]  using 
metallography  and  by  Bradley  and  Taylor  [37Bra1,  37Bra2]  using  x-ray 
diffraction.  This  phase,  like  NiAl^,  forms  via  a peritectic  reaction 
from  a liquid  of  composition  of  27  at . (44  wt.)  % Ni  and  NiAl  of 


composition  42  at.  % Ni  at  1406  K.  Unlike  NiAl^,  N^Al^  exists  over  a 
range  of  composition,  determined  to  be  36.3-40.8  at.  (55.3-60  wt . ) 

1 Ni  [37Ale , 37Bra1 , 72Tay],  The  phase  boundaries  determined  by 
Taylor  and  Doyle  [72Tay]  were  at  variance  with  those  of  Bradley  and 
Taylor  [34Bra1]  and  Alexander  and  Vaughan  [37Ale].  The  boundaries  as 
determined  by  the  three  studies  are  summarized  in  Table  2.1.  The 
crystal  structure  of  Ni2Al^  was  determined  by  Bradley  and  Taylor 
[37Bra1,  37Bra2]  and  Taylor  and  Doyle  [72Tay]  to  be  trigonal  with  5 
atoms  per  unit  cell  as  illustrated  in  Figure  2.2.  The  unit  cell 
dimensions  are 


a = 4.0282  A 
c = 4.8906  A 
c/a  = 1 .2141 


The  variations  of  lattice  parameters,  c/a  ratio  and  the  density  as  a 
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Table  2.1 


The  phase 

boundaries 

of  aluminum  rich  NiAl  and  Ni2Al^ 

phases  . 

Composition,  at.  % Ni 

Bradley  and  Alexander 

Taylor 

Temperature 

Taylor  and  Vaughan 

and  Doyle 

Boundary 

°C 

[37Bra 1 ] [37Ale] 

[72Tay] 

NiAl/ 

(NiAl+Ni2Al3) 

1133 

42.5 

42.5 

900 

44.0 

44.0 

700 

44.6 

44.6 

500 

42.2  44.9 

45.2 

Ni ^Al V 


(Ni2Ai3+NiAl) 

1133 

40.0 

40.0 

40.0 

900 

40.7 

42.2 

700 

40.7 

42.2 

500 

41  .3 

40.7 

42.2 

NigAiy 

(Ni2Al3+NiAl3) 

854 

36.8 

37.7 

700 

36.8 

37.7 

500 

37.3 

36.8 

37.7 

Source  [37Bra1,  37Ale,  72Tay] 
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Figure  2.2  The  Ni2Al  unit  cell  [37Bra2]. 
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function  of  composition  were  studied  extensively  by  Taylor  and  Doyle 
[72Tay],  The  results  of  their  lattice  parameter  measurements  are 
summarized  in  Figure  2.3. 

At  higher  nickel  contents,  an  intermetallic  compound  based  on  the 
composition  NiAl  exists  from  42.9  to  69.5  at.  % Ni . The  compound 
melts  congruently  at  1911  K at  50  at . % Ni  which  is  higher  than  both 
the  melting  points  of  nickel  and  aluminum.  The  phase  boundary  on  the 
aluminum-rich  side  was  determined  metallographically  by  Alexander  and 
Vaughan  C37Ale],  using  x-ray  diffraction,  by  Bradley  and  Taylor 
[37Bra2]  and  more  recently  by  Taylor  and  Doyle  [72Tay].  The  results 
of  the  phase  boundary  determinations  are  also  summarized  in  Table 
2.1.  From  this  table  it  is  clear  that  differences  between  the  various 
studies  are  small. 

The  NiAl  structure  was  determined  to  be  an  ordered  CsCl  type 
[4lSch]  with  the  nickel  atoms  occupying  the  cube  centers  and  aluminum 
atoms  the  cube  corners.  The  ordering  of  NiAl  with  respect  to 
temperature  was  initially  studied  by  Bradley  and  Taylor  [37Bra1 , 
37Bra2]  and  more  recently  by  Hughes  et  al . [71Hug].  In  both  studies 
the  alloy  was  found  to  maintain  virtually  complete  order  to  1273  K and 
remain  substantially  ordered  right  up  to  the  melting  point. 

From  the  variation  of  lattice  parameter  and  density,  Bradley  and 
Taylor  [37Bra1]  were  able  to  arrive  at  a mechanism  for  the  inclusion 
of  excess  nickel  and  aluminum  atoms  in  nonstoichiometric  NiAl.  In  the 
ideally  ordered  state  at  50  at.  %,  the  nickel  atoms  and  the  aluminum 
atoms  both  form  simple  cubic  lattices  which  interpenetrate . On  the 
nickel-rich  side  of  the  stoichiometric  composition,  replacement  of  the 


Figure  2. 
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The  lattice  parameter  and  c/a  ratio  of  Ni„Al_  as  a 
function  of  composition  [37Bra1]. 
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aluminum  atoms  (atomic  radius  = 1.286  A)  by  the  smaller  nickel  atoms 
(atomic  radius  = 1.214  A)  occurs,  resulting  in  a reduction  in  the  unit 
cell  size.  Since  the  nickel  is  heavier  than  aluminum,  there  is  also  a 
corresponding  increase  in  density. 

On  the  aluminum-rich  side,  however,  the  NiAl  density  calculated 
with  the  assumption  of  aluminum  substituting  for  nickel  atoms  gives  a 
density  and  lattice  parameter  much  larger  than  what  is  observed 
experimentally.  The  deviation  of  the  observed  results  from  the 
expected  results  is  especially  apparent  at  compositions  less  than 
49  at . Ni,  as  shown  in  Figure  2.4.  In  order  to  explain  the 
simultaneous  steep  fall  in  the  lattice  spacings  and  densities,  it  is 
necessary  to  assume  that  there  are  less  than  two  atoms  per  unit  cell 
in  the  aluminum-rich  alloys.  Thus  the  deficiency  in  nickel  atoms  is 
not  being  made  up  by  extra  aluminum  atoms  but  the  nickel  sites  are 
remaining  vacant.  These  conclusions  were  verified  by  Guseva 
[51Gus].  However  Guseva's  lattice  parameter  determinations  suggested 
that  substitution  of  aluminum  for  nickel  continued  to  48.5  at.  % Ni . 
Cooper  [63Coo],  carrying  out  careful  lattice  parameter  determinations, 
established  that  from  48.5  to  49.5  at.  % Ni  a transition  from  atom 
substitution  to  vacancy  substitution  occurs. 

The  production  of  vacancies  at  the  nickel  sites  rather  than 
direct  substitution  of  aluminum  for  nickel  has  been  confirmed  by 
Yamaguchi  et  al . [70Yam]  using  resistivity  measurements,  and  by 
Westbrook  [56Wes]  using  Vickers  diamond  pyramid  hardness. 

If  the  CsCl  structure  is  to  remain  ordered,  the  vacancies  must  be 
uniformly  distributed  throughout  the  lattice.  If  there  is  a tendency 
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Figure  2.4  The  lattice  parameter  of  NiAl  as  a function  of  composition 
[72Tay ] . 
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for  the  vacancies  to  cluster,  then  regions  of  the  crystal  will  have 
varying  degrees  of  order.  These  variations  in  ordering  show  up  as 
dislocation  networks  and  anti-phase  boundaries  which  can  be  identified 
in  the  transmission  electron  microscope.  Such  a study  was  carried  out 
by  Ball  [69Bal]  and  Ball  and  Smallman  [68Bal]  who  observed  numerous 
helical  dislocations  and  dislocation  loops  in  quenched  foils.  They 
concluded  that  the  vacancies  are  clustered  and  precipitate  on  the  cube 
planes  as  platelets.  Support  of  the  results  of  Ball  [69Bal]  and  Ball 
and  Smallman  [68Bal]  has  come  from  Epperson  et  al . [78Epp]  using 
neutron  small  angle  scattering  and  transmission  electron  microscopy. 
The  advantage  of  neutron  small  angle  scattering  experiments  is  that  a 
relatively  large  sample  size  could  be  used. 

Bradley  and  Taylor  [37Bra2]  first  recognized  that  NiAl  and  N^Al^ 
are  structurally  closely  related  to  each  other.  They  interpreted  the 
NiAl  structure  as  being  made  up  of  six  interpenetrating  trigonal 
lattices,  three  of  nickel  and  three  of  aluminum.  The  mutual  positions 
of  the  six  lattices  are  such  that  the  structure  has  a cubic 
symmetry.  In  Ni2Al3  one  of  the  six  lattices  is  missing,  so  that  cubic 
symmetry  is  impossible.  The  unit  cell  is  trigonal  and  contains  two 
atoms  of  nickel  and  three  of  aluminum.  The  aluminum  atoms  fit 
together  to  make  distorted  cubes  with  almost  the  same  dimensions  as  in 
NiAl;  two-thirds  of  the  sites  at  the  centers  of  the  distorted  cubes 
are  taken  up  by  nickel  atoms,  the  rest  are  left  vacant.  Bradley  and 
Taylor  [37Bra2]  also  noted  that,  despite  the  differences  in  their 
crystal  structures  and  nickel  content,  the  three  phases 
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NiAl^.  Ni^Al^  and  NiAl  have  the  same  interatomic  spacing  of  2.6^  A 
between  adjacent  nickel  and  aluminum  atoms. 

In  a later  study  Taylor  and  Doyle  [72Tay]  explained  the 
relationship  between  NiAl  and  Ni2Al  in  terms  of  the  location  of 
vacancies.  In  the  NiAl  phase  as  much  as  25$  of  the  nickel  sites  are 
vacant  at  the  phase  boundary.  In  Ni2Al3>  33$  of  the  nickel  sites  are 
vacant  but  are  now  ordered  in  such  a way  that  every  third  sheet  of 
nickel  atoms  perpendicular  to  the  cube  diagonal  of  the  NiAl  structure 
is  absent.  The  ordering  of  the  vacancies  with  respect  to  a particular 
cube  diagonal  effectively  reduces  the  crystal  symmetry  from  cubic  to 
trigonal . 

The  mechanisms  of  excess  nickel  and  aluminum  incorporation  into 
the  NiAl  lattice  takes  on  further  significance  when  the  Hume-Rothery 
rules  [26Hum]  for  intermetallic  compounds  are  considered.  The  Hume- 
Rothery  rules  relate  the  solid  solubility  to  the  atomic  size  factor 
and  to  the  electron  concentration.  If  the  transition  metal,  in  this 
case  nickel,  is  assumed  to  make  no  electronic  contribution,  an 
electron  to  atom  ratio  of  1.5  is  predicted  at  the  ideal  50-50$  atomic 
composition.  Taylor  and  Doyle  [72Tay]  pointed  out  that  the  number  of 
electrons  per  unit  cell  increases  from  2.28  at  61.9  at.  $ Ni  to 
3.00  at  stoichiometric  NiAl,  thus  satisfying  the  Hume-Rothery  rule  of 
1.5  electrons  per  atom  since  there  are  two  Ni  atoms  per  unit  cell  in 
the  CsCl  structure.  At  increasing  aluminum  content  the  ratio  of 
electrons  to  atoms  remains  constant  even  as  the  number  of  atoms  per 
unit  cell  drops  from  2.00  to  1.75  at  the  phase  boundary. 
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The  close  interrelationship  of  NiAl  and  Ni2Al3  was  further 
demonstrated  by  Taylor  and  Doyle  [72Tay]  by  considering  Ni2Al3  to  be 
an  extension  of  the  NiAl  phase.  Their  analysis  shows  that,  while  the 
number  of  atoms  per  unit  cell  continues  to  drop  in  aluminum-rich  NiAl, 
the  number  of  electrons  per  unit  cell  remains  constant  at  3.00  until 
the  stoichiometric  compound  Ni2Al3  is  reached.  When  the  aluminum 
begins  to  replace  the  nickel  substitutionally , the  new  phase  N i 2A1 ^ 
forms  and  the  number  of  atoms  per  unit  cell  remains  constant  while  the 
number  of  electrons  per  unit  cell  rises. 

If  NiAl  containing  62  to  68  at . % Ni  is  quenched  fast  enough,  a 
martensitic  transformation  occurs,  which  is  described  in  greater 
detail  in  the  next  section.  Tempering  of  the  NiAl  martensite  has 
revealed  the  presence  of  a possible  new  equilibrium  phase.  This  phase 
was  first  recognized  by  Enami  and  Nenno  [78Ena]  who  described  it  as  an 
ordered  phase  with  a Pt^Ga^-type  structure.  The  phase  was  determined 
to  have  the  same  morphology  and  configuration  of  internal  defects  as 
the  as-quenched  martensite  except  for  ordering  in  the  atomic 
arrangement . 

The  Ni5Al3  phase  was  also  studied  by  Robertson  and  Wayman  [84Rob] 
who  tried  to  determine  the  phase  boundaries  and  the  variations  in 
lattice  parameter.  The  results  of  Robertson  and  Wayman  [S^Rob]  and 
Enami  and  Nenno  [78Ena]  are  tainted  by  the  presence  of  cobalt  in  their 
alloys.  The  amount  of  cobalt  was  not  reported  by  Robertson  and  Wayman 
[84Rob]  but  Enami  and  Nenno  [78Ena]  reported  1 at.  %.  The  effect  of 
the  cobalt  on  their  results  was  not  considered  but  could  have  a 
profound  effect  on  such  important  parameters  as  crystal  structure  and 
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lattice  parameter.  Nonetheless,  Robertson  and  Wayman  [84Rob]  reported 
a tentative  modification  to  the  phase  diagram  to  include  the  Ni^Al^ 
phase . 

Whether  Ni^Al^  is  a truly  equilibrium  phase  or  not  has  yet  to  be 

determined.  Ni_Al_  has  only  been  found  in  tempered  martensite,  a 
5 3 

structure  that  forms  from  the  rapid  cooling  of  nickel-rich  NiAl.  If 
in  fact  Ni^Al^  is  an  equilibrium  phase,  then  it  should  form  from  the 
decomposition  of  NiAl  and  Ni^Al  and  in  diffusion  couples  of  NiAl  and 
Ni . No  such  observation  has  been  made  yet. 

In  addition  to  the  Ni^A^  compound,  the  existence  of  N^Al  has 
also  been  reported  by  Lasalmonie  [77Las]  and  Reynaud  [77Rey]  on  the 
basis  of  extra  spots  on  electron  diffraction  patterns.  Reynaud 
[77Rey]  and  Lasalmonie  [77Las]  could  not  agree  on  the  structure  of 
this  new  phase  or  on  how  it  was  formed.  Reynaud  [77Rey]  interpreted 
structure  to  be  hexagonal,  similar  to  N^Al^.  while  Lasalmonie  [77Las] 
interpreted  the  structure  as  "omega"  type.  The  existence  of  this 
phase  has  not  been  supported  by  other  studies. 

The  intermetallic  compound  Ni^Al  forms  via  a peritectic  reaction 
in  which  the  liquid  of  composition  74.5  at.  % Ni  reacts  with  NiAl  of 
composition  69.2  at.  % Ni  to  form  Ni^Al  of  composition  73.75  at. 

% Ni.  The  Ni^Al  phase  has  an  ordered  FCC  unit  cell  of  the  type  Cu^Au 
and  a lattice  parameter  of  3.561  A. 

Unlike  the  aluminum  solid  solution,  the  nickel  solid  solution  can 
dissolve  as  much  as  20.2  at.  % A1  at  the  eutectic  temperature.  With 
falling  temperature,  the  Ni^Al  first  nucleates  coherently  and  later 
incoherently.  The  solid  solubility  of  aluminum  in  nickel  is, 
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therefore,  dependent  on  the  experimental  data  and  the  type  of 
precipitate  being  measured.  The  incoherent  solvus  was  determined  by 
Alexander  and  Vaughan  [37Ale],  while  the  coherent  boundary  was 
determined  by  Williams  [59Wil];  both  agree  with  the  boundaries 
calculated  by  Rastogi  and  Ardell  [69Ras].  The  existence  of  a coherent 
precipitate  in  nickel  has  formed  the  basis  for  important  commercial 
alloys  which  use  the  Ni^Al  precipitate  as  a strengthening  mechanism. 
Consequently,  considerable  attention  has  been  focused  on  the 
precipitation  of  the  Ni^Al  phase  from  nickel  solid  solutions  in  both 
binary  and  multicomponent  alloys.  The  physical  and  chemical 
properties  of  the  aluminum-rich  phases  are  summarized  in  Appendix  A. 

In  alloys  that  undergo  a peritectic  reaction  during 
solidification,  solid  state  diffusion  through  the  peritectic  envelope 
is  considered  to  be  the  dominant  mechanism  for  the  reaction.  To 
accurately  assess  the  importance  and  extent  of  this  mechanism, 
accurate  and  reliable  diffusion  data  are  essential.  Fortunately,  the 
aluminum-nickel  system  has  been  the  object  of  extensive 
investigations . 

Diffusion  data  on  the  aluminum-nickel  system  were  first  reported 
in  connection  with  studies  on  the  solid  state  bonding  of  nickel  to 
aluminum  as  function  of  temperature,  pressure  and  time  [54Sto]. 
Storchheim  et  al . [54Sto]  observed  that  increasing  pressure  caused  a 
reduction  in  the  penetration  coefficient  and  a reduction  and  eventual 
elimination  of  intermetallic  phases  in  a Ni-Al  couple.  Berkowitz 
et  al . [54Ber],  studying  tracer  diffusion  of  cobalt  60  into  NiAl, 
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determined  that  the  diffusion  in  NiAl  was  by  the  vacancy  migration 
mechanism  in  aluminum-rich  alloys  and  probably  by  the  same  mechanism 
in  nickel-rich  alloys. 

Castleman  and  Seigle  [58Cas]  studied  Al-Ni  diffusion  couples  over 

the  temperature  range  773-898  K,  with  particular  attention  on  the 

Ni^Al^Ni  and  Ni^Al^-Al  diffusion  couples.  They  concluded  that  after 

a minimum  thickness  of  0.030  mm,  the  growth  of  Ni^l^  phase  follows  a 

1/2 

parabolic  law  of  the  form  x = bt  . The  estimated  chemical  diffusion 

coefficient  at  873  K is  about  9.1  X 10  ^ cm^/sec  and  the  heat  of 

activation  for  diffusion  is  31,000  cal  per  mole.  Similarly,  the 

growth  of  the  NiAl^  follows  a parabolic  growth  law  after  a minimum 

thickness  of  0.0M0  mm.  The  chemical  diffusion  coefficient  at  873  K 

- 1 1 2 

was  estimated  to  be  1.8  X 10  cm  /sec,  with  the  heat  of  activation 
of  27,000  cal  per  mole. 

Diffusion  of  nickel  and  aluminum  in  the  Ni-Al  system  was 
completely  reinvestigated  by  Janssen  and  Riech  [69Jan] , studying  the 
growth  kinetics  of  the  Ni2Al3>  NiAl,  N i ^A1 , NiAl,  and  Ni(Al)  phases  in 
NiAl-Al,  Ni^Al-Al,  Ni-Al,  Ni-Ni^Al,  Ni-N^Al^  and  Ni-NiAl  diffusion 
couples  at  temperatures  ranging  from  701  to  1273  K.  Tungsten  wires 
and  Vicker  diamond  microhardness  indentations  were  used  as  markers  to 
investigate  the  Kirkendall  effect.  The  phase  boundary  compositions 
and  the  composition  profile  in  each  phase  were  obtained  by  electron 
probe  x-ray  microanalysis. 

For  all  the  diffusion  couples  studied,  the  thickness  of  the 
intermetallic  layers  followed  a parabolic  relation  of  the  form 
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x = kt  . Using  the  methods  of  Wagner  and  Boltzmann-Matano-Hurmann , 
the  diffusion  coefficients  were  calculated,  as  summarized  in  Table 
2.2.  The  diffusion  coefficients  calculated  by  the  two  methods  are  in 
good  agreement  with  each  other  and  with  those  of  Castleman  and  Seigle 
[58Cas] . 

A very  pronounced  Kirkendall  effect  was  noted  in  the  system.  In 
the  case  of  Ni^Al^-Al,  NiAl-Al,  Ni  Al-Al  and  Ni-Al  couples,  only  the 
aluminum  atoms  were  moving,  suggesting  a vacancy  mechanism.  In 
contrast,  couples  with  nickel  as  one  component  showed  that  only  nickel 
atoms  were  mobile,  again  suggesting  a vacancy  mechanism.  The  apparent 
inconsistencies  were  explained  by  the  great  stability  of  the 
intermetallic  compounds.  Consequently  in  the  case  of  the  Ni-Al 
system,  both  nickel  and  aluminum  atoms  can  be  the  fastest  diffusing 
species  depending  on  which  component  is  available  in  excess. 

Metastable  Phase  Formation  in  Aluminum-Nickel  Alloys 

The  first  published  study  on  rapidly  solidified  Al-Ni  alloys  was 
by  Bletry  [70Ble]  who  obtained  a supersaturated  solid  solution  of  A1 
with  5 at . % Ni  using  a splat  cooling  device.  Tonejc  et  al . [71Ton] 
further  increased  the  solid  solubility  limits  to  7.7  at.  % Ni  using 
the  "two  piston"  technique  and  smaller  samples.  At  nickel  contents 
higher  than  8 at . %,  rapid  solidification  has  been  unable  to  further 
enhance  the  solid  solubility  of  nickel  in  aluminum.  The  distribution 
of  nickel  atoms  in  the  metastable  solid  solution,  termed  clustering, 
was  studied  by  a number  of  investigators  [72Dar,  75Bon,  77Fon]. 
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Table  2.2 

The  diffusion  coefficients  of  nickel  and  aluminum  in 
NiAl^,  Ni2Al3  and  NiAl. 


Diffusion  Coefficient 


Boltzman-Matano- 

Type  of  Annealing  Wagner  Method  Heumann  Method 

Couple  Temperature , K cm2/sec  cm2/sec 


Ni-Al 

883 

DNi2Al3  6.5 

X 

10"9 

7.1 

X 

10  9 

Ni3Al-Al 

883 

7.4 

X 

10~9 

7.4 

X 

10"9 

NiAl-Al 

883 

2.2 

X 

10"9 

2.5 

X 

10"9 

NiAl-Al 

869 

1 -3 

X 

10~9 

1 .4 

X 

10"9 

NiAl-Al 

792 

6.0 

X 

10_1  1 

1 . 1 

X 

10"10 

NiAl-Al 

501 

1 .5 

X 

10~12 

4.1 

X 

10" 12 

Ni2Al3-Ni 

1273 

°NiAl  2-5 

X 

io"10 

3.6 

X 

10" 10 

Ni2Al3-Ni 

1073 

6 . 6 

X 

10'12 

3.1 

X 

10"1 1 

Ni2Al3~Ni 

958 

1.4 

X 

10" 12 

8.5 

X 

10"14 

NiAl-Ni 

1273 

8.0 

X 

10“10 

GO 

CT> 

X 

10"10 

NiAl-Ni 

1073 

2.9 

X 

10"1  1 

3.1 

X 

10"1  1 

NiAl-Ni 

958 

2.4 

X 

10'12 

2.8 

X 

10" 12 

Source  [69Jan] 
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Dartyge  et  al . [72Dar],  Fontaine  [77Fon],  and  Bonefacic  [75Bon]  have 
all  concluded  that  despite  rapid  solidification  the  nickel  atoms  tend 
to  form  clusters  in  the  supersaturated  solid  solution. 

Investigations  using  rapid  solidification  have  not  reported  the 
formation  of  any  new  metastable  phases  or  significant  metastable 
extensions  of  the  existing  phases  in  alloys  containing  between  8 and 
50  at.  % Ni . Nickel-rich  NiAl  containing  62  to  68  at.  % Ni  undergoes 
a martensitic  transformation  if  cooled  rapidly  from  the  single  phase 
region.  The  transformation  was  first  observed  by  Guard  and  Turkalo 
[60Gua]  and  later  Ball  [67Bal]  who  recognized  it  as  a martensitic 
transformation.  The  reasons  for  martensitic  transformation  can  be 
traced  to  the  instability  of  the  NiAl  at  low  values  of  electron  to 
atom  ratio  consistent  with  the  Jones  theory  of  electronic  compounds 
[37Jon].  Au  and  Wayman  [72Au]  established  that  the  transf ormation  is 
thermoelastic  in  nature  and  Enami  and  Nenno  [71Ena]  have  reported  a 
shape  memory  effect  in  Ni-36.8  at.  $ Al  martensite. 

The  structure  of  NiAl  martensite  was  determined  to  be  an 
"ordered"  AuCu  type  or  face-centered  tetragonal  [68Ros,  71Lit]. 
Litvinov  et  al . [71  Lit ] reported  the  structure  as  face  centered 
tetragonal  with  lattice  parameters,  a = 3.78  A and  c = 3.21  A 
(c/a  = .853) - Based  on  the  measured  lattice  parameters,  the  unit  cell 
volume  of  the  tetragonal  phase  is  45.72  A^  compared  to  44.84  A^  for 
the  BCC  phase.  Dilation  measurements  also  confirmed  that  expansion 
occurs  on  cooling.  Later  work  by  Enami  et  al . [73Ena]  suggested  that 
the  structure  is  a normal  AuCu  type  based  on  the  observation  that  the 
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ordered  AuCu  structure  cannot  form  martensite  directly  from  the  high 
temperature  CsCl  type  structure. 

Other  techniques  of  metastable  phase  formation,  such  as  vapor 
deposition  and  ion  beam  implantation,  have  been  successfully  used  to 
produce  new  phases  and  extensions  of  phase  boundaries  in  aluminum- 
nickel  alloys.  Using  vapor  deposition  of  thin  films  onto  a microscope 
slide,  Duzevic  et  al . [73Duz]  extended  the  range  of  solid  solubility 
to  11.5  at.  % Ni.  Alloys  having  compositions  greater  than  14.5  at. 

% Ni  consisted  of  the  equilibrium  NiAl^  and  a supersaturated  aluminum 
phase.  Films  of  compositions  14.4  at.  $ Ni  showed  the  presence  of  a 
new  metastable  phase  that  did  not  correspond  to  any  previously  seen 
metastable  or  stable  phase.  Duzevic  et  al . [73Duz]  concluded  that  the 
limiting  metastable  solid  solubility  of  nickel  in  aluminum  lies  in  the 
composition  range  11.5  to  14.4  at.  % Ni. 

Cantor  and  Cahn  [76Can1 , 76Can2,  76Can3]  prepared  alloys  ranging 
from  11.3  to  83.8  at.  % Ni  by  co-sputtering  in  a radio  frequency 
getter-sputtering  unit.  The  resulting  films  were  2000  to  3000  A thick 
and  were  examined  using  transmission  electron  microscopy  in  both  the 
as  deposited  and  during  in  situ  annealing.  In  the  as  deposited  films, 
it  was  possible  to  extend  the  metastable  solid  solubility  of  nickel  in 
aluminum  to  20.9  at.  % Ni  [76Can1,  76Can2].  Between  20.9  and  40  at. 

% Ni  an  anomolous  FCC  phase  was  found  while  a disordered  BCC  structure 
was  found  in  alloys  containing  between  42.5  and  78.8  at.  % Ni . 
Annealing  of  the  vapor  quenched  thin  films  caused  a period  of  grain 
growth  in  which  the  as  quenched  grain  size  of  50  A increased  to  200  A 
followed  by  the  precipitation  of  the  equilibrium  phase(s).  The 
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precipitation  kinetics  could  be  described  as  rapid  nucleation  followed 
by  coarsing,  except  for  Al-25  at.  % Ni  in  which  case  the  precipitation 
was  initiated  by  sparse  nucleation,  followed  by  very  rapid  growth  of 
large  crystals  of  NiAl^  [76Can3]. 

In  nickel-rich  alloys,  Anderson  et  al . [79And]  investigated 
metastable  phase  formation  using  thin  film  vapor  deposition.  For 
samples  containing  between  20  and  35  at.  % Al  a disordered  Ni^Al 
structure  was  observed,  while  in  samples  containing  between  30  and 
50  at.  $ Al  a disordered  NiAl  structure  was  found. 

In  addition  to  liquid  quenching  and  vapor  deposition,  ion  beam 
implantation  has  been  used  to  study  Al-Ni  alloys.  Mayer  et  al . 

[8lMay]  evaporated  aluminum  and  nickel  and  then  bombarded  the  thin 
film  with  a Xe  ions  at  room  temperature.  Subsequent  x-ray  diffraction 
analysis  revealed  only  the  presence  of  equilibrium  NiAl^. 

In  a slightly  different  experimental  set  up,  Cordts  et  al . 

[83Cor]  implanted  nickel  substrates  with  1 80  keV  Al  ions  with  doses  as 
1 8 2 

high  as  2.4  X 10  ions/cm  . Composition  vs  depth  profiles  were 
obtained  using  Auger  spectroscopy  and  Ar  ion  sputtering.  Aging  of  the 
implanted  layers  at  873  K produced  Ni ^A1 , Ni2Al,  NiAl  and  possibly 
Ni^l^.  Longer  aging  caused  a disappearance  of  the  NijAl  phase, 
suggesting  that  it  was  a metastable  phase.  The  disordered  BCC  and  FCC 
phases  observed  by  Cantor  and  Cahn  [76Can1,  76Can2]  in  vapor  quenched 
alloys  were  not  found. 

The  stability  and  formation  of  NiAl^  under  ion  irradiation  was 
studied  by  Nastasi  et  al . [86Nas]  by  depositing  thin  layers  of  nickel 
and  aluminum  (30  and  150  A,  respectively)  to  an  overall  thickness  of 
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350  A.  The  irradiation  was  done  using  300  keV  Xe  and  60  keV  Ne 

ions.  The  as  deposited  and  irradiated  films  were  then  examined  in  the 

transmission  electron  microscope.  In  addition,  a hot  stage  sample 

holder  was  used  to  study  the  nucleation  behavior  of  the  NiAl  in  the 

3 

microscope.  A heating  rate  of  approximately  15  K/min  resulted  in  the 
crystallization  of  extremely  large  grains  of  NiAl^  at  673  K in  the  ion 
mixed  samples. 

The  authors  also  modeled  nucleation  of  the  NiAl^  by  using  the 
classical  nucleation  theory  assuming  homogeneous  coherent  nucleation 
of  a spherical  nucleus.  Another  assumption  was  also  made  that  the 
nucleation  was  not  at  steady  state  but  could  be  represented  by  the 
transient  equation, 


J(t)  = J exp(-R/t)  2. A 

s 

where  R is  the  inductive  period,  Js  is  the  steady  state  nucleation 
rate  and  t is  the  time.  The  induction  period  was  expressed  as 

R = 1/(2Z2  B*)  2.5 

# 

where  B is  the  rate  at  which  atoms  are  added  to  the  critical  nucleus 
and  Z is  the  Zeldorich  nonequilibrium  factor. 

The  Zeldorich  factor  was  evaluated  from  the  expression 

Z = [-0.5  kT(— --j*-)  *]1/2 
3r  r 


where  k is  Boltzmann's  constant,  r is  the  radius  of  the  nucleus,  r*  is 
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the  radius  of  the  critical  size  nucleus  and  AG(r)  is  the  change  in 
Gibb's  free  energy  of  nucleus  with  respect  to  radius. 

The  critical  nucleus  was  assumed  to  contain  at  least  as  many 
atoms  as  the  unit  cell,  which  for  NiAl^  is  16.  A value  for  3*  of  0 . 1 8 
atoms/s  was  calculated  at  373  K.  Using  the  values  of  Z and  B*,  an 
induction  period  of  110  sec  was  calculated  before  steady  state  was 
reached.  The  steady  state  nucleation  rate  was  defined  as 

J = ZB  N exp(-AG  /kT)  2.7 

where  N is  the  number  of  atomic  nucleation  sites/unit  volume,  assumed 
equal  to  the  number  of  aluminum  atoms/unit  volume.  Delta  G*  is 
defined  as 


* 

AG 


1 6ttY' 


3(AG  , +AG  )' 
chem  e 


2.8 


where  Y is  the  interfical  energy  between  aluminum  and  NiAl^  and  equal 
2 

to  200  ergs/cm  , and  AG^  are  the  chemical  and  strain  energy 

components  of  the  nucleation  driving  force.  The  strain  energy 

component  was  estimated  from  the  elastic  constants  of  aluminum  as 
9 3 

2.39  X 10  ergs/cm  . The  chemical  driving  force  was  calculated  from 

the  difference  in  free  energy  between  a mixture  of  nickel  and  aluminum 

of  composition  Ni  A1  and  the  compound  NiAlo.  This  was 
• 2b  . / b o 

interpreted  as  the  free  energy  of  mixing  of  -4.23  X 1010  ergs/cm^. 

Using  these  values,  the  transient  nucleation  rate  J(t)  was  expressed 
on 

as  3.4  x 10  exp  (-110/t). 
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The  Peritectic  Reaction  at  Cooling  Rates  Below  100  K/s 

Until  recently,  interest  in  the  peritectic  reaction  was  confined 
to  its  ability  to  refine  the  as  cast  grain  structure  of  castings.  As 
early  as  1936,  Iwase  et  al . [36lwa]  showed  that  there  was  a connection 
between  the  formation  of  the  equiaxed  zone  in  castings  and  the 
occurrence  of  peritectic  reaction.  In  particular  the  addition  of 
titanium  to  form  Al^Ti  has  been  the  subject  of  numerous  investigations 
and  has  wide  commercial  application  [83Lee],  Such  factors  as  the 
titanium  concentration,  the  morphology  of  the  Al^Ti,  the  cooling  rate, 
the  crystallography  of  the  primary  and  peritectic  phase,  and  the 
effects  of  third  element  additions,  such  as  boron,  have  all  received 
attention  [83Arn].  In  these  studies  the  effects  of  the  peritectic 
reaction  ratner  than  the  actual  reaction  per  se  were  of  interest . 

Rhines  [56Rhi]  was  the  first  to  recognize  that  equilibrium  during 
peritectic  solidification  is  almost  never  achieved  and  to  distinguish 
between  equilibrium  and  nonequilibrium  or  natural  solidification.  As 
a consequence  of  the  nonequilibrium  nature  of  the  peritectic  reaction, 
the  kinetics  of  reactions  such  as  nucleation,  growth  and  solid  state 
diffusion  are  important  in  determining  the  extent  of  the  reaction. 

The  relative  roles  of  these  reactions  are  complicated  by  the  fact  that 
different  reactions  can  dominate  at  varying  departures  from 
equilibrium. 

One  of  the  first  studies  of  the  peritectic  reaction  was  by  Drouzy 
and  Perin  [65Dro].  Two  alloys,  Sn-40  wt . J Cu  and  Al-25  Ni  , were 
solidified  at  cooling  rates  ranging  from  0.01  to  2 K/sec  for  the  Sn-Cu 
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samples  and  from  0.01  to  4 K/sec  for  the  Al-Ni  samples.  The  alloys 
were  cooled  either  continuously  or  the  cooling  rate  changed  at  the 
peritectic  temperature.  The  volume  fractions  of  the  primary, 
peritectic  and  remaining  material  were  determined  quantitatively  from 
representative  micrographs.  In  addition  to  the  Sn-Cu  and  Al-Ni 
systems,  the  peritectic  reactions  in  Al-30  wt . % Co , Sb-18  wt . % Fe , 
Cd-16  wt.  % Cu,  Pb-27  wt.  % Bi,  Sn-64  wt . % Sb  and  Sn-10  wt.  % Sb 
systems  were  also  studied  but  in  these  cases  only  qualitative 
observations  were  made  at  a single  unspecified  cooling  rate.  The 
extent  of  the  reaction  was  described  in  terms  of  a yield  varying  from 
0 to  1 . A yield  of  0 corresponded  to  no  diffusion  in  the  solid,  with 
complete  diffusion  in  the  liquid  and  no  peritectic  reaction.  A yield 
of  1 indicated  that  the  peritectic  reaction  goes  to  completion 
regardless  of  the  actual  mechanism. 

Their  results  for  Cu-Sn  (Table  2.3)  show  that  the  yield  remains 
constant  at  10-16?  despite  an  increase  in  the  cooling  rate  from  0.01 
to  2 K/sec.  In  contrast,  when  the  cooling  rate  is  2 K/sec  above  the 
peritectic  isotherm  and  0.01  K/sec  below  the  peritectic  reaction 
temperature,  the  yield  increases  to  40$.  The  yield  decreases  to  7? 
when  the  situation  is  reversed  and  the  cooling  rate  is  slower  above 
the  peritectic  reaction  temperature  and  faster  below.  Similar  trends 
to  those  observed  in  the  Sn-Cu  samples  were  found  in  the  Al-Ni  samples 
also  summarized  in  Table  2.3.  In  the  Al-Ni  samples  however, 
increasing  the  cooling  rate  from  0.01  to  4 K/sec  gave  a measurable 
increase  in  the  yield  of  the  peritectic  reaction. 


Table  2.3 

The  yield  of  the  peritectic  reaction  under  different 
cooling  conditions  in  Al-42Ni  and  Cu-IOSn  alloys. 


Composition 

Cooling  rate, 
Above  Tp 

K/sec 
Below  Tp 

Yield,  % 

Sn-40Cu 

0.01 

0.01 

10-16 

2.0 

2.0 

12-16 

0.01 

2.0 

0-7 

2.0 

0.01 

40-41 

Al-42Ni 

0.01 

0.01 

50 

4.0 

4.0 

40 

0.01 

4.0 

15 

4.0 

0.01 

93 

Source  [65Dro] 
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In  both  systems,  the  increase  in  yield  when  the  cooling  rate  was 
initially  high  but  low  below  the  peritectic  temperature  was  attributed 
to  changes  in  the  dimensions  of  the  primary  crystals.  The  authors 
reported  a relative  change  in  the  size  of  the  primary  of  1/10  between 
the  slowest  and  fastest  continuously  cooled  samples.  Since  the 
peritectic  reaction  is  governed  by  the  diffusion  through  the 
peritectic  envelope,  both  the  area  and  the  time  available  for 
diffusion  affect  the  yield  of  the  reaction.  In  the  Al-Ni  system,  the 
authors  concluded  that  the  reduction  in  the  time  available  for 
diffusion  is  more  than  compensated  for  by  a reduction  in  the  size  of 
the  primary  phase,  which  results  in  a larger  yield  in  the  samples 
cooled  at  the  constant  rapid  rate  compared  to  the  slower  cooled 
samples.  A qualitative  comparison  with  the  other  systems  studied 
suggested  to  the  authors  that  the  temperature  of  the  peritectic 
isotherm  also  influences  the  yield  of  the  reaction.  A higher  reaction 
isotherm  promotes  a greater  yield,  presumably  because  of  the  faster 
diffusion  kinetics  at  higher  temperatures . 

A similar  study  on  the  effects  of  cooling  rates  above  and  below 
the  peritectic  reaction  was  carried  out  by  Goddard  and  Childs  [78God] 
using  Pb-Bi  alloys.  Samples  of  the  peritectic  composition,  33.3  wt . 

% Bi  , were  melted  and  furnace  cooled  at  1 K/min.  The  cooling  rate 
decreased  to  0.75  K/min  at  temperatures  below  the  peritectic 
temperature.  The  cooling  was  interrupted  as  desired  by  isothermal 
heat  treatment  followed  by  quenching  the  sample  in  water.  The  volume 
fractions  of  the  primary  and  peritectic  phases  were  determined  through 
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the  use  of  representati ve  photomicrographs  and  a planimeter.  A 
comparison  of  alloys,  that  were  cooled  at  1 K/min  to  a temperature  of 
4 K above  or  4 K below  the  peritectic  temperature  and  then  quenched, 
did  not  detect  a measurable  difference  in  the  amount  of  the  primary 
phase  present.  This  was  interpreted  by  Goddard  and  Childs  [78God]  as 
evidence  that  the  peritectic  reaction  did  not  occur  to  any  measurable 
extent  as  the  alloys  were  cooled  through  the  peritectic  temperature . 
Continued  slow  cooling  to  1 4 K below  the  peritectic  temperature  caused 
a large  amount  of  the  peritectic  phase  to  nucleate  and  grow,  which  was 
attributed  to  the  direct  crystallization  of  the  peritectic  phase  from 
the  melt. 

The  Pb-Bi  system  was  again  the  subject  of  investigation,  this 
time  by  Tiwari  et  al . [72Tiw].  Alloys  with  15,  26,  and  37  wt . % Bi 
were  solidified  at  cooling  rates  of  0.02,  0.09  and  0.33  K/sec . The 
volume  fractions  of  the  constituents  were  determined  by  cutting  and 
weighing  the  respective  phases  from  photomicrographs.  Although  the 
authors  did  not  comment  on  it,  their  data  showed  the  volume  fraction 
of  the  primary  phase  going  through  a minimum  between  cooling  rates  of 
0.09  and  0.33  K/s.  Tiwari  et  al . [72Tiw]  applied  a Scheil  type 
segregation  equation  to  the  solidification  of  Pb-Bi  alloys  and 
compared  the  predicted  results  to  the  experimentally  determined  volume 
fractions,  reproduced  in  Table  2.4.  The  calculated  volume  fractions 
agree  reasonably  well  with  the  furnace  cooled  samples  but  their  model 
is  unable  to  explain  variations  in  the  volume  fraction  of  the 
peritectic  and  primary  phase  with  increasing  cooling  rate. 
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Table  2.4 

Predicted  and  measured  volume  fractions  in  Pb-Bi  alloys 
cooled  at  various  rates. 


Experimental  values,  % 


Composition, 
wt . % 

Phase 

Predicted 

values 

Furnace 
cooled , 
.02  K/sec 

Sand 
cooled , 
.09  K/sec 

Air  jet 
cooled , 
.33  K/sec 

Pb-1 5Bi 

primary 

91.6 

86 

88 

78 

peritectic 

6.9 

14 

12 

22 

eutectic 

1.5 

tr* 

tr 

tr 

Pb-26Bi 

primary 

60 

59 

61 

52 

peritectic 

32.6 

41 

39 

48 

eutectic 

7.4 

tr 

tr 

tr 

* tr  = trace 


Source  [72Tiw] 
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Sartell  and  Mack  [64Sar]  studying  the  Cu-Sn,  Ag-Sn  and  Cu-Sb 
alloys  interpreted  the  formation  of  peritectic  phase  as  the  sum  of 
three  competing  reactions. 


(1) 

Liquid  + 

primary  •+  secondary 

2.10a 

(2) 

Liquid  -*• 

secondary  + liquid 

2.10b 

(3) 

Primary 

secondary,  at  the  primary  interface 

2.10c 

and,  within  the  secondary  phase,  diffusion  to  support  the  reaction 
represented  by  equations  (2.10a)  and  (2.10b).  Experiments  conducted 
on  Cu-Sn  and  Ag-Sn  alloys  with  60  and  26.9  wt.  % Sn,  respectively, 
involved  furnace  cooling  at  1.7  K/min  followed  by  isothermal  holding 
below  the  peritectic  transformation  temperature.  The  volume  fractions 
were  measured  by  lineal  analysis  without  differentiating  between  the 
second  phase  formed  as  a result  of  solidification  and  that  which 
formed  by  solid  state  precipitation.  Alloys  with  large  amounts  of 
solid  state  decomposition  approached  equilibrium  structures  faster. 

In  addition  to  isothermal  heat  treatment,  Ag-26.9  wt . $ Sn  alloys  were 
solidified  at  cooling  rates  ranging  from  .44  to  56.7  K/min.  In  these 
alloys  the  volume  fraction  of  the  peritectic  phase,  summarized  in 
Table  2.5,  represents  only  the  second  phase  material  formed  via 
solidification  and  does  not  include  solid  state  precipitation  of  the 
second  phase  associated  with  the  eutectic  reaction.  Again  the  authors 
did  not  comment  on  the  minimum  in  the  volume  fraction  of  the 
peritectic  phase  observed  at  a cooling  rate  of  approximately  4 K/min. 
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Table  2.5 

Volume  fraction  of  the  peritectic  phase  vs 
cooling  rate  for  Ag-26.9Sn  alloys. 


Cooling  rate, 
K/sec 

Volume  fraction 
peritectic  phase,  % 

0.44 

47.6 

3.17 

41.6 

5.70 

40.2 

19.10 

47.9 

56.70 

57.8 

Source  [64Sar] 
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The  shape  of  the  peritectic-liquid  phase  interface  was  suggested 
by  Sartell  and  Mack  [64Sar]  to  be  dependent  on  the  relative  amount  of 
material  that  had  to  be  transported  across  the  solid-liquid 
interface.  If  a large  amount  of  material  was  to  be  transported, 
spherical  growth  fronts  developed  to  increase  the  liquid-solid  contact 
area  and  thus  facilitating  transfer  of  material.  Spittle  [70Spi] 
later  challenged  this  conclusion  and  demonstrated  that  the  morphology 
of  the  beta  phase  was  the  result  of  different  cooling  rates  and  not 
the  peritectic  reaction. 

The  nucleation  of  the  peritectic  phase  was  studied  by  Boswell 
et  al.  [79Bos]  using  the  droplet  technique  devised  for  the  study  of 
heterogeneous  nucleation  in  eutectic  systems.  The  droplet  technique 
measures  the  nucleation  temperature  of  entrained  droplets  of  the 
peritectic  liquid  in  the  primary  phase  matrix.  Alloys  from  the  Al-Ti  , 
Pd  Ag,  Pb-Bi , Cu-Sn,  Ag-Sn,  Cu-Ge  and  Cu-Fe  systems  were  found  to 
supercool  as  much  as  30  K below  the  peritectic  reaction  temperature. 
They  concluded  that  supercooling  was  necessary  to  nucleate  the 
peritectic  phase  but  that  the  observed  supercoolings  were  generally 
less  than  those  observed  in  the  eutectic  systems. 

Petzov  and  Exner  [67Pet]  by  means  of  isothermal  heat  treatments 
below  the  peritectic  transformation  temperature  determined  that  the 
thickness  of  the  peritectic  phase  is  governed  by  an  equation  of  the 
form, 

1/2 

X = kt  2.11 

where  X is  the  thickness  of  the  peritectic  phase,  t is  the  time  and  k 
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is  the  reaction  rate  constant.  On  the  basis  of  the  t1/2  kinetics, 
Petzov  and  Exner  [67Pet]  concluded  that  the  growth  of  the  peritectic 
envelope  is  governed  by  solid-state  diffusion  kinetics.  Similar 
results  and  conclusions  were  obtained  by  Titchner  and  Spittle  [74Tit], 
who  also  measured  the  thickness  of  the  peritectic  envelope  and  the 
reaction  time  in  Cu-Sn,  Cu-Cd , Pb-Bi , Cu-Zn  and  Cu-Sb  alloys.  The 
change  in  the  thickness  of  the  peritectic  phase  was  modeled  using  the 
expression 


Ax 

2t 


= Y 


.Per  _ 

J Ddc 

C1 

per 


2.12 


where  D is  the  interdiffusion  coefficient  in  the  peritectic  phase  for 
the  composition  C,  and  and  C2  refers  to  the  composition  of  the 

peritectic  phase  in  equilibrium  with  the  primary  and  liquid  phases, 
respectively.  The  term  Y is  related  to  the  diffusional  driving  force 
through  the  equation, 


Y = 


C.  ~ C . 
1 pn 


<Cper  ' Cpn)(Cl  ' Cper> 


2.13 


where  Cpep  = 1 (Cpep  + Cper),  and  and  Cpr.  refer  to  the 

composition  of  the  liquid  and  the  primary  phase,  respectively.  The 
factor  Y was  plotted  vs  the  measured  reaction  rate  constant  and,  while 
a linear  relationship  was  not  obtained,  a correlation  between  Y and 
the  rate  constant  was  found. 
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Galushko  and  Tawan  L79Gal]  attempted  to  classify  peritectic 
systems  by  the  tendency  of  the  peritectic  reaction  to  dominate  the 
formation  kinetics  of  the  peritectic  phase.  The  authors  suggested 
that  there  are  two  possible  mechanisms  for  the  formation  of  the 
peritectic  phase,  the  classical  peritectic  reaction  and  direct 
solidification  from  the  melt.  Recognizing  that  these  reactions  depend 
on  the  cooling  rate  and  the  area  of  contact  between  the  three  phases, 
a criterion  based  on  the  relative  location  of  the  peritectic 

composition  on  the  peritectic  horizontal  was  nonetheless  developed,  as 
given  by  the  equation 


Cper  Cp  > 

C . - C < 1 
pn  per 


2.14 


where  Cpgr , Cp  and  Cpr.  are  the  compositions  of  the  peritectic  phase, 
the  peritectic  liquidus  and  the  primary  phase,  respectively.  If 
equation  2.13  is  greater  than  1,  then  the  peritectic 
reaction/transf ormation  contributes  significantly  to  the  final 
product,  if,  however,  equation  2.13  is  less  than  1,  the  peritectic 
phase  forms  without  dissolution  of  the  primary  phase  and  by  direct 
precipitation  from  the  melt. 

The  attempt  by  Kerr  et  al . [74Ker]  to  classify  peritectic  systems 
was  based  on  the  relative  slopes  of  the  free  energy  vs  composition 
curves.  The  systems  were  classified  by  the  possibilities  of  either 
sharper  (S)  or  flatter  (F)  free  energy  curves.  Since  there  are  three 
phases  a total  of  nine  possibilities  exist  but  no  distinction  is  made 
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between  the  two  solid  phases,  leaving  six  possibilities.  The  various 
classes,  their  characteristics  and  a few  examples  are  shown  in  Table 
2.o.  The  authors  claim  that  there  is  no  phase  diagram  of  the  type 
^sFs^l’  which  leaves  only  five.  Systems  with  limited  compositions  of 
one  solid  and  with  steeper  liquidus  above  the  peritectic  temperature 
were  identified  as  being  most  likely  candidates  to  provide  grain 
refining  effects  in  castings. 

Most  recently,  St.  John  and  Hogan  [87StJ]  have  proposed  a 
classification  system  based  on  the  shape  of  the  peritectic  phase 
boundaries  in  the  equilibrium  phase  diagram.  Their  classification  is 


modification  of  the  criterion  proposed  by  Titchner  and  Spittle 

[74Tit ] . The  modification  takes  the  form  of  an  additional  term 
1 2 

(cper  " C ),  that  i3  included  in  equation  2.12,  to  give 

*£  - V(C2  - C1  )S 
2t  per  per  avg 


2.15 


where  Dayg  is  the  average  interdiffusion  coefficient  in  the  peritectic 
phase.  Y , x and  t are  as  defined  in  equation  2.11.  This  modification 
was  included  because  the  average  interdif fusion  coefficient  is  used 
rather  than  the  interdiffusion  coefficient  for  a particular 
composition . 

Their  analysis  of  peritectic  systems  leads  to  three  types, 
reproduced  without  modification  in  Figure  2.5.  In  type  A,  shown  in 
Figure  2.5a,  the  peritectic  solidus  and  solvus  lines  have  gradients  of 
the  same  sign.  In  type  B systems,  shown  in  Figure  2.5b,  the 
peritectic  solidus  and  solvus  have  gradients  of  opposite  signs,  in 
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The 

Table  2.6 

classification  of  peritectic 

systems . 

Class 

Number 

Characteristics 

Example 

FSFSF1 

many 

large  compositional  range 
in  solids,  shallow  liquidus 

(Sb)  + 1 + SbSn 

Wi 

several 

limited  composition  in  one 
solid,  shallow  liquidus 

(Mo)  + 1 -*■  AlMo^ 
LiAl  + 1 ■+  Li2Al 

SsSsFl 

many 

limited  compositions  in 
solids,  shallow  liquidus 

Cu-Sn:  e + 1 -*■  n 

Ag-Be:  (Be)  + 1 -►  6 

SSFSS1 

few 

limited  compositions  in  at 
least  one  solid,  steeper 
liquidus  above  Tp 

Al^Ti  + 1 -►  A1 
CaPb^  + 1 ->■  Pb 

SSS3S1 

few 

limited  compositions  in 
solids,  steep  liquidus 

(B)  + 1 -*•  A132 

Source  [7^Ker] 


gure  2.5  The  three  types  of  peritectic  phase  diagrams  according  to 
St.  John  and  Hogan  [87StJ]. 
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type  C systems,  shown  in  Figure  2.5c,  the  solidus  and  solvus  are 
vertical  and  have  almost  no  composition  change  with  temperature. 

Of  the  three  systems,  type  B is  expected  to  have  the  largest  rate 
constant  and,  therefore,  the  peritectic  reaction  is  more  likely  to  be 
completed.  This  occurs  because  the  solidus  and  solvus  diverge, 
producing  the  greatest  composition  difference  in  the  peritectic  phase 
with  falling  temperature.  The  type  A systems  also  have  diverging 
solidus  and  solvus,  but  because  their  slopes  are  the  same  sign,  the 
difference  is  not  as  great  as  in  the  type  B systems.  The  type  C 
systems  have  almost  no  composition  gradient  in  the  peritectic  phase 
and,  therefore , were  expected  to  have  the  slowest  transformation 
kinetics.  It  should  be  noted  that  the  phase  diagrams  drawn  by 
St.  John  and  Hogan  [87StJ]  cannot  represent  actual  phase  diagrams 
because  of  violations  of  Gibbs'  phase  law.  This  is  especially  evident 
in  type  C which  lacks  a lower  temperature  reaction. 

Their  classification  system  was  applied  to  the  data  of  Titchner 
and  Spittle  [74Tit]  with  an  apparently  good  correlation  between  the 
type  of  phase  diagram  and  the  extent  of  the  reaction.  Their  analysis 
did  not  attempt  to  account  for  differences  in  the  diffusion 
coefficient  with  respect  to  temperature  or  from  one  system  to 
another.  The  authors  felt  that  the  change  in  composition  at  the  phase 
boundaries  outweighed  the  change  in  the  diffusion  coefficient  during 
the  temperature  interval  of  solidification. 


Directional  Solidification  of  Alloys  that  Undergo 
a Peritectic  Reaction 

Controlled  directional  solidification  of  peritectic  alloys  was 

not  attempted  until  the  work  of  Uhlmann  and  Chadwick  [61  Uhl ] in 

1961.  Their  work  was  an  attempt  to  test  a hypothesis  put  forward  by 

Chalmers  L59Cha]  who  suggested  that  a two-phase  structure  similar  to 

eutectics  could  be  formed  at  compositions  between  C and  C (see 

p per 

Figure  1.1).  Uhlmann  and  Chadwick  found  that  solidification  occurred 
over  a range  of  temperatures  and  concluded  that  a steady  state  process 
involving  a planar  interface  would  be  unstable. 

Livingstone  [71Liv]  and  later  Flemings  [74Fle]  have  each 
suggested  that,  if  the  dendritic  growth  of  the  primary  phase  can  be 
suppressed,  a two-phase  peritectic  alloy  solidifying  with  a flat 
liquid-solid  interface  might  experience  coupled  growth  of  the  two 
solid  phases.  A number  of  experiments  have  been  attempted  to  produce 
coupled  eutectic  like  growth  in  peritectic  alloys  but  none  have  been 
successful.  Shcherbakov  et  al . [74Shc]  studied  the  Pb-Bi  system  with 
temperature  gradients,  G,  ranging  from  200  to  360  K/cm  and  growth 
rates,  R,  ranging  from  0.3  to  2 cm /hr.  At  values  of  G/R  below 
1.27  x 10  K s cm  the  microstructures  consisted  of  branched 
dendrites  of  the  primary  phase  in  a matrix  of  the  peritectic  phase. 

For  values  of  G/R  between  1.27  to  2.00  x 1 06  K s cm-2  the 
microstructure  consisted  of  weli  aligned  rods  of  the  primary  phase  in 
the  secondary  phase.  At  values  of  G/R  above  2.00  x 10^  K s cm-2  the 
microstructure  consisted  solely  of  the  peritectic  phase.  Likewise, 
Barker  and  Hellawell  [74Bar]  directionally  solidified  Pb-Bi  alloys 


with  a temperature  gradient  greater  than  10  K/mm  and  a growth  rate  of 
0.025  y/s.  The  growth  rate  was  calculated,  according  to  the 
constitutional  supercooling  criteria,  to  ensure  a planar  solid-liquid 
interface.  In  two  of  a total  of  six  samples,  banding  was  observed 
which  was  attributed  to  disturbances  that  interrupt  slow  growth  at 
steep  temperature  gradients.  In  samples  with  no  banding, 
solidification  started  by  the  formation  of  a single  primary  crystal 
followed  by  the  peritectic  phase  and  finally  the  eutectic.  Laue  back 
reflection  photographs  taken  on  either  side  of  the  primary-eutectic 
interface  showed  no  evidence  of  preferred  epitaxial  configuration. 
3ased  on  this,  it  was  concluded  that  the  peritectic  phase  did  not 
nucleate  on  the  primary  but  on  the  alumina  walls  of  the  crucible 
[74Bar] . 

Barker  and  Hellawell  [74Bar]  also  demonstrated  the  effects 
varying  degrees  of  undercooling  ahead  of  the  primary  and  peritectic 
phases  can  have  on  the  peritectic  temperature,  shown  in  Figure  2.6. 

If  the  undercooling  of  the  primary  phase  is  greater  than  the 
undercooling  of  the  peritectic  phase,  the  peritectic  temperature  is 
depressed  and  the  liquidus  is  shifted  to  higher  solute 
concentrations.  If  the  undercooling  of  the  peritectic  phase  is  larger 
than  that  of  the  primary,  the  peritectic  temperature  is  still 
depressed  but  is  shifted  to  lower  solute  concentrations. 

Boettinger  [74Boe]  has  also  made  an  attempt  to  verify  the 
predictions  of  Flemings  [74Fle]  and  Ulhman  and  Chadwick  [6lUlh];  this 
time  studying  the  Sn-Cd  system  with  growth  rates  ranging  from  .85  to 
^2.5  y/s  and  temperature  gradients  ranging  from  251  to  421  K/cm. 


Temperature 
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Composition 

Figure  2.6  The  effects  of  different  undercooling  on  the  peritectic 

isotherm.  Full  lines  show  the  equilibrium  phase  diagram, 
broken  lines  correspond  to  AT  > AT  and 

dotted  lines  for  the  reverse  ^iSar^.  secondary 
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Thermocouples  were  used  to  measure  the  temperature  of  the  liquid-solid 
interface  to  within  a claimed  accuracy  of  ± 2 K.  His  results  showed 
that  at  u/R  values  that  were  predicted  to  cause  planar  growth,  the 
banded  structure  was  observed,  along  with  wide  variations  and 
fluctuations  in  the  interface  temperature. 

The  banded  structure  observed  by  Barker  and  Hellawell  [74Bar], 
Titchener  and  Spittle  [ 7 5T it]  and  Boettinger  [74Boe]  was  postulated  to 
be  the  result  of  alternate  crystallization  of  the  primary  and 
peritectic  phases  and  not  due  to  external  factors  such  as  variations 
in  the  growth  rate  or  thermal  gradients  [74Boe].  According  to  this 
mechanism,  the  primary  phase  solidifies  until  the  composition  of  the 
liquid  at  the  interface  exceeds  Cp , causing  the  peritectic  phase  to 
nucleate.  The  peritectic  phase  grows  until  growth  depletes  the 
composition  of  the  liquid  to  less  than  Cp  at  which  time  the  primary 
phase  renucleates  and  the  process  repeats  itself  [75Tit]. 

Brody  and  David  [79Bro]  using  the  same  analysis  as  Boettinger 
arrived  at  a substantially  different  explanation  for  the  banded 
microstructure.  They  suggested  that  compositions  that  would  normally 
have  two  phases  but  are  solidifying  with  single  phase  are  doing  so  at 
an  interface  temperature  that  is  above  the  peritectic  temperature;  on 
a metastable  extension  of  the  solidus  of  the  peritectic  product 
phase.  The  planar  interface  is  disrupted  by  the  nucleation  of  the 
primary  phase  behind  the  interface.  On  the  other  hand,  Ostrowski  and 
Langer  i_790st]  proposed  that  the  banded  structure  resulted  from 
different  nucleation  rates , similar  to  the  ideas  of  Barker  and 
Hellawell  [74Bar]. 
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The  inability  to  form  aligned  phase  structures  similar  to 
eutectics  led  to  the  conclusion  that  suppression  of  the  dendritic  or 
cellular  growth  of  the  primary  phase  is  not  a sufficient  condition  for 
coupled  growth  of  the  primary  and  peritectic  phases  at  a planar 
interlace  [74Boe].  Similar  observations  and  conclusions  were  reached 
by  Titchner  and  Spittle  [74Tit]  in  their  study  of  directionally 
solidified  Sn-Sb  and  Zn-Cu  alloys;  by  Ostrowski  and  Langer  [790st] 
studying  Ag-Zn  alloys;  and  by  Brody  and  David  [79Bro]  who  studied 
Pb  Bi  and  Sn-Cd  alloys . As  yet , no  one  has  produced  coupled  two-phase 
growth . 

Boettinger  [74Boe],  modifying  the  analysis  of  Jackson  and  Hunt 
[o6Jac] , has  shown  that  the  dependence  of  the  liquid  undercooling  on 
the  velocity  at  constant  interlamellar  spacing  for  a peritectic  system 
is  opposite  to  that  of  a eutectic.  For  peritectics,  an  increase  in 
velocity  will  increase  the  interface  temperature  in  contrast  to 
eutectic  systems  where  increased  growth  rates  lead  to  eutectic 
temperature  depressions.  This  leads  to  an  interlamellar  spacing  that 
should  theoretically  tend  to  a maximize,  in  contrast  to  eutectics 
which  tend  to  minimize,  the  interlamellar  spacing  for  a given  growth 
rate.  The  analysis  is  supported  by  the  observations  of  Shcherbakov 
et  al.  [74Shc]  who  noted  a coarser  inter-rod  spacing  for  peritectic 
alloys  compared  to  eutectic  structures  grown  under  similar 
conditions.  The  physical  significance  of  growth  at  a maximum  extremum 
is,  however,  questionable. 

Superheating  of  the  peritectic  reaction  has  been  found  by  a 
number  of  investigations  but  has  not  been  universally  supported  and  in 


some  cases  conflicting  evidence  exists  in  the  same  alloy  system. 
Arnberg  et  al . [83Arn]  have  pointed  out  that  because  the  peritectic 
reaction  is  exothermic  it  cannot  start  spontaneously  but  has  to  be 
triggered  by  a normal  nucleation  event.  Delamore  and  Smith  [71Del]  in 
their  study  on  the  grain  refining  of  Al-Ti  master  alloys  observed  that 
a supercooling  below  the  equilibrium  peritectic  reaction  temperature 
was  required  to  initiate  the  reaction.  Similarly  Sundquist  and 
Mondolfo  [olSun]  noted  that  the  nucleation  of  the  peritectic  phase  in 
the  Pb-Bi  system  required  an  undercooling  of  at  least  17  K. 

In  contrast,  Kerr  et  al . [74Ker]  and  Cisse  et  al . [74Cis], 

studying  solidification  of  Al-Ti  alloys,  found  the  nucleation  of  the 

peritectic  aluminum  phase  occurred  at  a temperature  as  much  as  5 K 

above  the  peritectic  temperature  at  a cooling  rate  of  48  K/s.  The 

authors'  explanation  for  the  increased  nucleation  temperature  is  based 

on  the  free  energy  curves  of  the  liquid,  primary  and  peritectic 

phases,  illustrated  in  Figure  2.7.  Referring  to  this  figure,  under 

equilibrium  conditions  a liquid  of  composition  Ca  can  lower  its  free 

energy  by  forming  the  equilibrium  primary  phase  and  liquid  of 

composition  C-^ . With  rapid  cooling  it  becomes  increasingly  more 

difficult  to  form  the  primary  phase  because  the  composition 

fluctuations  become  more  improbable  as  time  available  for  formation  is 

reduced.  The  liquid,  however,  can  still  lower  its  free  energy  by 

forming  a supersaturated  solid  solution  of  composition  C Thus 

per  ’ 

despite  the  lower  driving  force,  the  authors  claim  that  formation  of 
the  supersaturated  peritectic  phase  is  favored  by  faster  kinetics 


FREE  ENERGY 
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Figure  2.7  The  free  energy  curves  of  the  A1 , A1  Ti  and  liquid  phases 
at  a temperature  above  T [74Cis].  ^ 
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since  the  compositional  fluctuations  required  to  form  the  primary 
phase  are  greater  than  those  necessary  to  form  the  peritectic  phase. 

St.  John  and  Hogan  [82StJ]  repeated  the  directional 
solidification  experiments  of  Kerr  et  al . [74Ker]  and  did  not  find  an 
elevation  of  the  peritectic  reaction  in  the  Al-Ti  system  but  did  find 
an  elevation  for  the  Cd-Ag  and  Zn-Cu  systems.  Brody  and  David  [79Bro] 
used  two  thermocouples  inserted  0.5  cm  apart  to  measure  the 
temperature  of  the  liquid-solid  interface.  The  sample  was 
directionally  solidified  until  the  bottom  thermocouple  indicated  a 
temperature  just  below  the  peritectic,  then  the  sample  was  quenched. 
The  distance  of  the  interface  from  both  thermocouples  was  measured  and 
the  temperature  of  the  interface  was  estimated  by  assuming  a linear 
temperature  gradient  in  the  region  of  the  two  thermocouples.  The 
maximum  superheat  observed  was  approximately  25  K for  a cooling  rate 
of  .01  K/s.  As  in  earlier  studies  the  results  were  plotted  as 
metastable  extensions  of  the  peritectic  phase  into  the  primary  + 
liquid  phase  field. 

St.  John  and  Hogan  [84stJ]  considered  whether  the  peritectic- 
liquid  interface  was  convex  or  concave.  The  shape  of  the  solid-liquid 
interface  was  generally  assumed  to  resemble  a eutectic  interface; 
dendrites  or  cells  of  the  primary  phase  preceeding  the  solidification 
of  the  peritectic  phase.  Referring  to  the  two  possibilities 
illustrated  in  Figure  2.8,  St.  John  and  Hogan  [84stJ]  by  means  of 
microprobe  analysis  established  that  the  peritectic-liquid  interface 
was  nonisothermal  due  to  liquid  concentration  gradients  normal  to  the 


growth  direction. 
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Figure  2.8  The  two  types  of  solid-liquid  interface,  described  as 
convex  and  concave  [84Stj]. 
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In  the  vicinity  of  three-phase  contact,  an  interface  shown 
schematically  in  Figure  2.9a  had  been  assumed  by  Chambers  [59Cha]  and 
Rhines  [56Rhi]  in  their  respective  texts.  Hillert  [79Hil]  showed  that 
this  assumption  was  incorrect  and  that  in  the  vicinity  of  the  three- 
phase  contact,  the  primary  phase  will  tend  to  dissolve  creating  an 
interface  represented  by  Figure  2.9b.  An  interface  structure  similar 
to  that  proposed  by  Hillert  was  used  by  Fredrickson  and  Nylen  [82Fre] 
for  their  analysis  of  directionally  grown  Cu-Sn  and  Al-Mn  alloys. 

Attempts  to  model  the  observed  microstructures  have  concentrated 
on  modifying  existing  models  of  eutectic  growth  to  peritectic  systems 
[74Boe,  79Bro , 79Hil].  In  some  cases  such  as  interface  stability,  the 
extension  to  peritectic  systems  agrees  with  the  observed 
microstructure . However,  the  modified  growth  velocity  vs  undercooling 

models  of  eutectics  are  inadequate  for  peritectic  systems  as  will  be 
shown  below. 

Hillert  [79Hil]  modeled  the  thickening  of  the  peritectic  layer  by 
solid  state  diffusion  using  the  equation 


v = 


2D  (CL  - CL  ) 

L per  per 

■■f  f (C  - r IF 
per  pri  per  pri' 


2.16 


where  v is  the  growth  velocity,  fpp.  and  fpgp  are  the  atomic  fractions 

of  the  primary  and  peritectic  phases,  respectively,  C and  C 

pri  per 

are  the  compositions  of  the  primary  and  peritectic  phases, 

L L 

pri  ana  Cper  are  ^he  propositions  of  the  primary  and 
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(a) 


Figure  2.9  The  shape  of  the  three-phase  junction  according  to  (a) 
Rhines  [56Rhn]  and  (b)  Hillert  [79HiI]. 
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peritectic  phase  in  equilibrium  with  the  liquid,  and  Dr  is  the 
diffusion  coefficient  of  the  liquid.  S is  the  thickness  of  the 
peritectic  phase.  The  maximum  growth  rate  hypothesis  was  derived  for 
coupled  eutectic  growth  and  assumes  that  the  diffusion  fields  in  front 
of  the  two  eutectic  phases  overlap.  The  validity  of  this  analysis  to 
peritectic  systems  has  not  been  supported  experimentally  [79Bro,  6lUhl]. 

Fredrikson  and  Nylen  [82Fre]  directionally  solidified  alloys  of 
Cu-20Sn,  Cu~70Sn,  Ag-15Sn,  and  Al-IIMn  in  temperature  gradients  of  5, 

15,  and  30  K/mm,  and  at  rates  of  0.1,  1.0,  10,  and  100  mm/min.  The 
results  were  compared  to  models  derived  to  predict  the  growth  rate  and 
the  thickness  of  the  peritectic  layer,  in  all  but  the  Al-Mn  alloys 
the  peritectic  phase  formed  a continuous  rim  around  the  primary 
phase.  In  the  Al-Mn  alloys  it  was  observed  that  only  higher  cooling 
rates  favored  the  precipitation  of  the  peritectic  phase  as  a 
continuous  rim  around  the  primary.  According  to  the  authors,  the 
incomplete  coverage  of  the  primary  phase  is  because  it  does  not 
dissolve  fast  enough  during  the  peritectic  reaction.  Their  attempt  to 
model  the  dissolution  of  the  primary  is  described  by  the  equation 


dt 
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where 
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V 
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= amount  of  primary  phase  dissolved 
= molar  volume  of  the  liquid  phase 
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pr  l 

= molar  volume  of  the  primary  phase 
z = diffusion  distance 

D-j^  = diffusion  coefficient  of  solute  in  the  liquid 
Cpri  = the  composition  of  the  liquid  in  equilibrium  with  the 
primary  phase 

Cper  = GOmP°3ition  of  the  liquid  in  equilibrium  with  the 
peritectic  phase 

= the  composition  of  the  primary  phase. 

The  driving  force  for  dissolution  (c  . - ) was  evaluated  as 

pri  per 

a function  of  temperature  from  the  Al-Mn  phase  diagram  and  the 
interval  of  time  (dt)  was  also  expressed  as  a function  of  temperature 
difference  between  the  peritectic  temperature,  Tp  and  the  interface 
temperature,  T using  the  cooling  rate,  l to  give, 
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which  was  integrated  to  obtain  the  dissolution  of  the  primary  phase  as 
a function  of  temperature  below  the  peritectic  temperature, 
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(8.87  x 10  1/2 


(T 

per 


- T) 


2.19 


where  x is  distance  of  the  primary  phase  dissolved. 

Equation  2.19  was  plotted  for  three  cooling  rates,  Figure  2.10, 
which  predicts  the  undercooling  for  complete  dissolution  of  the 


THICKNESS  OF  y-PARTICLES  (lY).  nm 
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figure  2.10  The  calculated  decrease  in  thickness  of  the  primary- 
phase , as  a result  of  liquid  phase  dissolution,  for 
temperatures  below  Tp  in  Al-Mn  alloys  [82Fre]. 
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primary  phase.  According  to  this  analysis,  the  temperature  for 
complete  primary  phase  dissolution  decreases  with  increasing  cooling 
rate . 

For  the  Cu-Sn  and  Ag-Sn  systems,  Fredriksson  and  Nylen  [82Fre] 
modeled  the  growth  of  the  peritectic  phase  around  the  primary  phase  by 
equating  the  dissolution  rate  of  the  primary  phase  with  the  growth 
rate  of  the  peritectic  phase  and  assuming  no  diffusion  in  the 
solids.  Based  on  the  observed  microstructures , the  assumption  was 
also  made  that  the  growth  of  the  peritectic  phase  around  the  primary 
phase  was  continuous  and  was  not  determined  by  any  instabilities.  The 
above  assumptions,  in  effect,  imply  that  the  primary  and  peritectic 
phases  are  coupled.  The  assumptions  of  minimum  undercooling  or 
maximum  growth  rate  law  used  by  Zener  [46Zen]  and  Hillert  [57Hil]  for 
their  analysis  of  coupled  eutectic  growth  were  then  applied  to  the 
peritectic  phase.  The  growth  rate  v,  expressed  as  a function  of  the 
thickness  of  the  peritectic  phase  S,  the  diffusivity  in  the  liquid, 
and  the  compositions  of  the  phases,  was  given  as 
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where  C^.  is  the  composition  of  the  liquid  in  equilibrium  with  the 
L 

primary  phase,  C is  the  composition  of  the  liquid  in  equilibrium 
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with  the  peritectic  phase,  Cpgr  is  the  composition  of  the  peritectie 

phase  in  equilibrium  with  the  liquid.  The  thickness  Sb  was  related  to 

the  driving  force,  AG,  the  molar  volume  of  the  liquid  v1  and  the 

m 

surface  tension,  a,  between  the  primary  peritectic  and  liquid  phases, 
to  give 
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The  growth  velocity,  v,  was  equated  to  the  furnace  travel  rate 
and  the  thickness  of  the  peritectic  layer  was  calculated  as  a function 
of  the  surface  tensions.  The  results,  of  these  calculations, 
reproduced  in  Figure  2.11,  were  compared  to  the  measured  thickness. 

The  authors  claim  that  despite  the  fact  that  solid  state  diffusion  has 
not  been  considered,  reasonable  agreement  was  achieved  between  the 
experimental  and  predicted  results.  However,  in  order  for  the 
experimental  and  theoretical  results  to  agree  the  surface  tension 
between  the  primary  and  peritectic  phases  in  the  Cu-20Sn  system  had  to 
change  from  approximately  250  to  525  ergs/cm^  when  the  growth  rate 
increased  from  1 to  100  mm/min.  Further  in  the  case  of  Ag-15Sn  there 
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2.11  The  calculated  thickness  of  the  peritectic  phase  in  Cu-Sn 
and  Ag-Sn  alloys  as  function  of  surface  tension  [82Fre]. 
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was  no  agreement  for  any  surface  tension  less  than  700  ergs/cm2  at 
either  1 or  100  mm/min  growth  rates.  The  assumption  of  coupled  growth 
between  the  primary  and  peritectic  phases  is  also  questionable  based 
on  tne  experiments  of  Boettinger  [74Boe]  and  Brody  and  David  [79Bro]. 


Rapid  Solidification  of  Alloys  that  Undergo  a Peritectic  Reaction 
At  cooling  rates  above  200  K/sec  diffusion  in  the  solid  state  can 
generally  be  disregarded  because  the  time  available  is  too  short. 

Thus  the  classical  peritectic  reaction  of  diffusion  of  solute  through 
the  peritectic  envelope  does  not  occur  to  any  measurable  extent. 
Instead  high  cooling  rates  provide  alternate  nucleation  sequences 
because  of  the  large  supercoolings  associated  with  rapid 
solidification.  These  alternative  nucleation  sequences  include 
supercooling  of  the  liquid  followed  by  nucleation  of  the  peritectic 
phase,  nucleation  of  the  peritectic  phase  at  temperatures  above  the 
peritectic  isotherm,  supercooling  of  the  peritectic  reaction,  and 
nucleation  of  the  primary  and/or  the  peritectic  phase  on  foreign 
heterogenous  catalysts . 

The  work  of  Borromee-Gautiee  et  al . [68Bor]  on  the  Pb-Bi  system 
produced  single  phase  lead  solid  solutions  up  to  20  at.  % Bi  by  splat 
cooling  onto  a copper  substrate  cooled  to  77  K.  The  cooling  rate  was 
estimated  to  be  106  K/s.  Between  20  to  30  at . % Bi , a two-phase  alloy 
consisting  of  the  primary  lead  solid  solution  and  the  peritectic  phase 
of  composition  33.3  at.  % Bi  was  reported.  At  concentrations  between 
30  to  50  at . % just  the  peritectic  phase  was  obtained  with  no  primary 
lead.  The  formation  of  the  peritectic  phase  at  30  at.  % Bi  represents 
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an  undercooling  of  approximately  35  K of  the  primary  liquidus  or 
conversely  a superheating  of  the  peritectic  phase  by  approximately  the 
same  amount.  The  authors  did  not  comment  on  the  relative  amounts  of 
the  primary  and  peritectic  phase  in  the  two-phase  region. 


Tne  first  study  to  address  the  effects  of  rapid  solidification  on 
the  peritectic  reaction  was  by  Grechnyi  and  Ipatova  [69Gre],  Samples 
of  Sn-Sb  were  initially  melted  in  quartz  capillaries  and  then  quenched 
in  water.  Analysis  of  a sample  with  an  initial  composition 
between  Cp  and  Cpgr  showed  the  primary  phase  to  be  absent;  only  the 
peritectic  and  the  terminal  solid  solution  were  present . For  the 
alloy  studied  this  represented  a supercooling  of  approximately  25  K of 
the  primary  liquidus  or  a superheating  of  the  same  amount  of  the 


peritectic  liquidus.  In  alloys  containing  greater  than  the  peritectic 
composition,  the  primary  and  peritectic  phases  were  present  but  the 
solid  solution  was  absent.  The  authors  concluded  that  the  primary  and 
peritectic  phases  were  supersaturated  and  crystallized  separately  with 
little  influence  of  the  peritectic  reaction. 

Lead-bismuth  alloys  were  rapidly  solidified  by  Tiwari  et  al . 
[70Tiw]  at  compositions  of  15,  25  and  37  wt . % Bi . The  splat  cooling 
technique  was  again  used  but  in  this  case  a single  phase  structure  was 
not  obtained.  Instead  a two-phase  structure  consisting  of  a primary 
lead-rich  phase  and  a peritectic  phase  was  found  in  alloys  of 
composition  15  and  25  wt . % Bi . Alloys  of  37  wt . % Bi  contained  the 
peritectic  phase  and  a eutectic,  as  predicated  by  the  phase  diagram. 

The  authors  attributed  the  difference  to  the  lower  substrate 


temperature  (83  K)  used  by  Borromee-Gautiee  et  al . [68Bor]  compared  to 
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thei.  experiments,  which  were  conducted  at  room  temperature.  The  two- 
phase  microstructure  observed  in  the  splat  cooled  15  and  25  wt.  % Bi 
samples  did  not  conform  to  the  classical  description  of  the  peritectic 
reaction  of  the  primary  phase  surrounding  the  primary,  but  instead  a 
two-phase  dendritic  or  cellular  structure  was  observed.  It  was 
postulated  that  the  two-phase  structure  was  the  result  of  separate 
nucleation  and  growth  of  the  peritectic  phase  directly  from  the  melt. 

The  ability  to  suppress  the  formation  of  the  primary  phase  was 
demonstrated  in  the  aluminum- titanium  system  by  Cisse  et  al . 

[74Cis].  Alloys  of  0.35  and  0.8  wt . % Ti  were  solidified  at  cooling 
rates  ranging  from  1 to  500  K/sec . Their  results,  which  were  treated 
in  greater  detail  in  an  earlier  section,  show  that  as  the  cooling  rate 
was  increased,  the  volume  fraction  of  the  primary  phase  decreases  and 
is  eventually  eliminated  entirely.  Further,  the  cooling  rate 
necessary  to  suppress  the  formation  of  the  primary  phase  increased  as 
the  composition  moved  away  from  the  peritectic  liquidus.  For  example, 
an  A1-.35  wt . $ Ti  alloy  required  a cooling  rate  of  only  20  K/sec  to 
eliminate  the  primary  phase  while  an  alloy  of  0.8  wt.  % Ti  required  a 
cooling  rate  of  500  K/sec.  The  authors  attributed  the  reduction  and 
elimination  of  the  primary  phase  to  be  the  result  of  the  metastable 
formation  of  the  peritectic  phase  at  temperatures  above  the  peritectic 
isotherm  and  the  formation  of  a nonstoichiometric  metastable  Al^Ti 
phase  with  lesser  amounts  of  titanium. 

In  a later  study,  Maxwell  and  Hellawell  [75Max]  confirmed  the 
observation  of  Cisse  et  al . [74Cis]  regarding  the  metastable  formation 


of  the  peritectic  but  disputed  the  claim  that  the  primary  phase  had 
altered  its  composition. 
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Galushko  [8lGal]  extended  the  K criterion  discussed  in  connection 
with  the  classification  of  peritectic  systems,  to  incorporate  the 
effects  of  cooling  rate.  At  cooling  rates  between  1 0 to  10^  k/s  the 
tendency  towards  separate  crystallization  of  the  primary  and 
peritectic  phases  is  enhanced.  The  peritectic  reaction  plays  an 
increasingly  lesser  role  in  the  final  microstructure  as  the  cooling 
rate  increases,  even  in  systems  with  K>1.  Also,  the  higher  the 
temperature  of  the  peritectic  isotherm,  the  less  dominant  is  the 
peritectic  reaction.  At  cooling  rates  between  10^-10^  K/s,  Galushko 
[8lGal]  observed  a fine  grained  two-phase  mixture  which  the  author 
claimed  to  be  the  result  of  simultaneous  nucleation  and  growth  of  the 
primary  and  peritectic  phases. 

Using  the  K factor  and  the  observations  on  the  effects  of 
increasing  cooling  rate,  Galushko  and  Shulikov  [84Gal]  classified 
peritectic  microstructures  into  four  types  with  respect  to  the  K 
parameter  and  cooling  rate.  The  first,  called  "ideal,”  results  from  a 
system  with  K>1  in  which  the  peritectic  reaction  goes  to  completion, 
and  the  microstructure  consists  only  of  the  peritectic  phase.  The 
second  or  normal  microstructure  also  has  K>1  but  the  peritectic 
reaction  does  not  go  to  completion,  for  cooling  rates  between  1 to 
i 00  K/s.  For  this  case,  a two-phase  microstructure  results  with  the 
primary  and  peritectic  phases.  The  third  microstructure  called 
"anomalous"  results  from  the  solidification  of  a system  with  K<1  at 
cooling  rates  of  1 to  100  K/s  and  from  the  rapid  cooling  with  K>1. 
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The  fourth  microstructure  is  characterized  as  "finely  dispersed"  and 
occurs  at  cooling  rates  above  104  K/s  regardless  of  the  value  of  K. 
This  microstructure  results  from  the  simultaneous  multiple  nucleation 
and  independent  growth  of  the  primary  and  peritectic  phases. 

Recently,  Evans  et  al . [86Eva]  used  containerless  drop  tube 
solidification  as  means  of  supercooling  and  rapidly  solidifying 
Ni-20  at.  % Ge  samples,  which  were  supercooled  350  K below  the 
equilibrium  primary  phase  liquidus  and  200  K below  the  peritectic 
isotherm.  The  microstructure  of  the  undercooled  sample  showed  only 
the  presence  of  the  primary  and  a metastable  germanium-rich  phase;  the 
peritectic  phase  was  absent  from  the  microstructure . 

In  aluminum-nickel  alloys,  Psarev  et  al . [80Psa]  solidified  Al-20 
and  23  at.  % Ni  and  Al-30  and  50  wt . % Co  alloys  at  cooling  rates  up 
to  1 04  K/s.'  The  authors  did  not  comment  on  the  relative  amounts  of 
each  phase  but  noted  no  supercooling  of  the  peritectic  reaction  in 
either  system.  This  was  in  contrast  to  earlier  experiments  conducted 
by  Kuznetsov  and  Psarev  [80Kuz]  on  the  Al-Cr  system.  In  the  Al-Cr 
system,  similar  cooling  rates  (104  K/s)  produced  considerable 
undercooling  of  the  peritectic  isotherm  and  the  formation  of 

metastable  supersaturated  chromium-rich  intermetallics  and  aluminum 
solid  solution. 

An  important  use  of  Al-Ni  alloys  has  been  as  hydrogenation 
catalysis  called  Raney  catalysis.  Enrichment  of  the  NiAl^  phase  in 
the  microstructure  has  been  shown  to  enhance  the  catalytic 
reactivity.  Brooks  et  al . [82Bro]  studied  the  effects  of  rapid 
solidification  on  the  catalytic  effectiveness  of  alloys  containing 
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15  and  31.5  at.  % Ni  cast  using  the  United  Technologies  RSR  process 
compared  to  conventionally  cast  alloys.  Compared  to  the 
conventionally  cast  alloys,  the  rapidly  alloys  gave  consistently 
superior  hydrogenation  rates,  which  the  authors  attributed  to  an 
increase  in  the  volume  fraction  of  NiAl  . 

Ethridge  et  al . [84Eth]  at  NASA  used  containerless  drop  tube 
solidification  in  an  attempt  to  enhance  the  amount  of  NiAl^  in 
Al-25  at.  % Ni  alloys.  Using  a containerless  environment,  it  was 
hoped  to  supercool  the  liquid  below  the  Ni2Al3  liquidus  and  eventually 
form  a single  phase  NiAl^  alloy.  Their  results,  however,  indicated 
that  supercooling  of  the  Nl^l^  phase  was  not  achieved  due  to  the 
presence  of  oxide  films  which  acted  as  heterogeneous  nucleation 
sites.  Despite  the  high  cooling  rates,  estimated  at  20,000  K/sec,  the 
relative  amounts  of  the  properitectic  Ni2Al3  and  peritectic  NiAl3 
phases  did  not  change.  Thus  according  to  this  study,  high  cooling 
rates  had  no  effect  on  the  relative  amounts  of  the  primary  and 
peritectic  phases. 

In  summary , previous  investigations  have  attempted  to  predict  the 
amount  of  the  primary  and  peritectic  phases,  at  low  growth  rates, 
using  extensions  of  the  co-operative  growth  theories  developed  for 
eutectics.  At  high  cooling  rates,  greater  than  1000  K/s , the 
morphology  of  primary  and  peritectic  phases  has  been  described  but 
there  is  no  model  to  predict  their  volume  fractions. 


CHAPTER  THREE 
EXPERIMENTAL  PROCEDURE 

General  Procedure 

Individual  samples  were  prepared  and  thermally  cycled  in  an 
electromagnetic  levitation  furnace.  To  study  the  effects  of  cooling 
rate  in  the  morphology  and  volume  fraction  of  the  primary  and 
pentectic  phases,  the  cooling  rate  above  and  below  the  peritectic 
reaction  temperature,  Tp,  was  varied  from  20  to  1 05  K/s . Isothermal 
holding  above  Tp  was  also  used  to  study  the  effects  of  primary  phase 
surface  area  on  the  volume  fractions  of  the  constituent  phases.  After 
processing,  the  samples  were  analyzed  using  scanning  and  transmission 
electron  microscopy  and  x-ray  diffraction.  The  experimental  procedure 
is  described  in  greater  detail  below. 

Sample  Preparation 

Samples  with  nominal  compositions  of  between  15  and  HO  at.  % Ni , 
each  weighing  about  1 gram,  were  prepared  from  99.999%  pure  Ni  and 
99.9999%  pure  aluminum  by  arc  melting  in  an  inert  atmosphere  on  a 
water  cooled  copper  hearth.  The  inert  atmosphere  consisted  of 
titanium  "gettered"  helium  and  argon.  Each  sample  was  then  levitated 
in  an  inert  atmosphere  in  an  electromagnetic  levitation  furnace.  The 
levitation  furnace,  shown  schematically  in  Figure  3.1,  consists  of  a 
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Figure  3-1  Schematic  representation  of  the  electromagnetic  levitation 
apparatus. 
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levitation  coil  powered  by  a radio  frequency  generator,  a gas  delivery 
system  and  a quenching  medium.  The  levitation  coil  has  an  upper  and 
.Lower  portion  made  from  1/8  copper  tubing.  The  lower  portion  is 
double  wound,  slightly  conical  shape,  with  a minimum  inside  diameter 
of  18  mm.  The  upper  portion  of  the  coil  consists  of  two  turns  wound 
in  the  reverse  direction  to  the  lower  portion  and  separated  by  a gap 
of  approximately  1 cm.  A pyrex  glass  tube  was  inserted  inside  the 
coil,  through  which  a mixture  of  helium  and  argon  was  passed  to  reduce 
oxidation  and  control  the  temperature.  The  inert  gases  were  purified 
by  passing  through  a gas  purifier  manufactured  by  Centorr,  which 
utilizes  titanium  at  1073  K as  a getter.  The  oxygen  content  of  the 
purified  gas  was  measured  using  a CaO  stabilized  ZrO  cell  and  was  in 
the  range  of  io~13  ppm. 

The  temperature  of  the  sample,  which  was  controlled  by  varying 
the  amount  and  composition  of  the  gas  flowing  past  the  sample,  was 
continuously  monitored  and  recorded  using  a two  or  single  color 
pyrometer  and  a strip  chart  recorder,  in  order  to  achieve  different 
cooung  rates  and  surface  areas  of  the  primary  phase,  the  samples  were 
solidified  by  one  of  the  following  techniques: 

a)  The  levitated  samples  were  solidified  by  dropping  in  water, 
molten  Pb-Sn-Bi  eutectic  held  at  400  K,  or  on  a copper  cup  rotating  at 
30,000  rpm.  Some  samples  were  also  splat  cooled  in  a hammer-anvil 
type  device  or  were  solidified  in  the  levitated  state  by  increasing 
the  amount  of  helium  flowing  past  the  sample. 

b)  The  levitated  samples  were  cooled  to  the  solid  plus  liquid 
range  at  about  30  K above  the  peritectic  temperature,  held  at  this 
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temperature  for  a period  up  to  7 min,  then  quenched  through  the 
peritectic  reaction  by  either  helium  gas,  water  or  molten  Pb-Sn-Bi  . 

c)  Four  samples  were  processed  in  the  100-m  drop  tube  at  the 
Marshall  Space  Flight  Center  in  Hunstville,  AL . At  this  facility,  two 
techniques  were  used  to  melt  the  samples;  one  electron  beam  melting 
and  the  other  electromagnetic  levitation.  Once  liquid,  the  samples 
dropped  the  100-m  length  of  the  tube  and  hit  a copper  chill.  The  tube 
was  evacuated  to  a partial  pressure  of  10~5  torr . The  temperature  of 
the  sample  was  monitored  using  a two-color  pyrometer  before  being 
released  and  by  silicon  detectors  during  free  fall. 

Throughout  the  dissertation,  samples  are  identified  using  the 
atomic  concentration  of  nickel  and  the  quenching  medium.  For  example, 
a sample  designated  as  20.3HE1  would  represent  a sample  with  20.3  at. 

% Ni  quenched  using  helium  gas.  The  cooling  rate  and  abbreviations 
for  the  different  media  can  be  found  in  Table  HA.  The  last  number, 
one  in  this  case,  indicates  that  the  sample  was  quenched  all  liquid; 
higher  numbers  reflect  progressively  longer  holding  times  in  the 
liquid  plus  primary  region.  For  samples  in  which  the  cooling  rate 
below  the  peritectic  isotherm  (Tp)  differed  from  the  cooling  rate 
above  Tp,  the  quenching  medium  reflects  the  cooling  rate  below  Tp . 

Cooling  Rate  Determination 

A directional  solidification  mold  was  designed  and  built  to 
establish  a dendrite  arm  spacing  vs  cooling  rate  relationship.  The 
mold,  illustrated  in  Figure  3.2,  consisted  of  a water-cooled  copper 
base  plate  with  a Kanthel  wound  resistance  furnace  cemented  on  top 
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Figure  3.2  Schematic  diagram  of  the  directional  solidification  mould. 
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which  was  used  to  preheat  the  mold  to  approximately  670  K before 
casting.  The  heat  input  from  the  sides  during  solidification  ensured 
unidirectional  solidification.  Further  thermal  insulation  was 
provided  by  packing  foundary  sand  around  the  mold.  Shielded  chromel- 
aluminal  thermocouples  were  introduced  from  the  top  and  positioned  at 
distances  of  5,  10,  20  and  40  mm  from  the  base  plate.  The 
tnermocouple  5 mm  from  the  base  was  made  from  . 1 27-mm  wire  to  increase 
tne  response  time  and  reduce  the  size  of  the  thermocouple  bead.  The 
other  thermocouples  were  fabricated  from  2.5-mm  wire  of  the  same 
material.  The  thermocouples  were  connected  directly  to  a chart 

recorders  and  the  corresponding  millivolt  signal  was  converted  to  a 
temperature  using  standard  tables. 

The  alloys  of  10.3  and  20  at . ? Ni , representing  compositions  on 
either  side  of  the  peritectic  liquidus,  were  initially  melted  in  a gas 
furnace  from  starting  materials  of  99.99?  A1  and  99.9?  Ni . The  melt 
witn  approximately  50  K superheat  was  poured  into  the  preheated 
mold.  After  solidification,  the  casting  was  sectioned  and  polished, 
and  the  dendrite  arm  spacings  were  determined  in  the  vicinity  of  the 
thermocouples.  The  cooling  rates  were  determined  by  noting  the 

thermal  arrest  points  and  the  elapsed  time  on  the  chart  recorder 
graphs . 

The  log  dendrite  arm  spacing  (DAS)  were  plotted  vs  log  cooling 
rate  and  the  resulting  fitted  straight  line  was  used  to  determine  the 
cooling  rates  for  the  levitation  processed  samples  based  on  the 
dendrite  arm  spacing. 
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Volume  Fraction  Determinations  by  Image  Analysis 
Volume  fraction  determinations  were  carried  out  on  samples 
polished  to  a final  grit  size  of  .05-micron  alumina  using  an  image 
analysis  system  and  quantitative  x-ray  diffraction  analysis.  The 
image  analysis  system  consisted  of  a scanning  electron  microscope 
operating  in  the  backscattered  mode  interfaced  to  the  image  analysis 
computer  with  a pixel  resolution  of  256  X 256.  The  backscattered 
signal  is  primarily  sensitive  to  atomic  number  differences  and  hence 
the  contrast  is  dependent  on  the  composition  of  the  material,  a 
photograph  of  the  area  being  analyzed  was  taken  from  SEM  CRT  screen 
and  compared  to  the  digitized  image  in  order  to  assign  the  different 
grey  levels  on  the  digitized  image  to  the  various  phases.  Software 
supplied  with  the  image  analysis  system  determined  the  volume  fraction 
by  determining  the  percentage  of  the  total  screen  each  pixel  of  a 
particular  grey  level  occupied. 

The  large  difference  in  atomic  number  between  aluminum,  Z=27,  and 
nickel,  Z=56,  coupled  with  the  large  differences  in  composition 
between  the  NigAl^  NiAl 3 and  A1  phases  enabled  clear  differentiation 
between  these  phases.  In  samples  containing  NiAl,  quantitative  volume 
fraction  measurements  using  backscattered  electrons  could  not  be  made 
because  of  the  close  similarity  in  composition  between  NiAl  and 
Ni2A13.  At  the  peritectic  isotherm  joining  NiAl,  Ni2Al3  and  liquid, 
the  composition  of  the  two  solids  differ  by  only  2 at . % Ni ; a 
difference  that  is  too  small  to  give  adequate  contrast  with  the 


present  facilities. 


73 


The  surface  area  (Sy)  of  the  primary  phase  was  determined  by 
standard  intercept  counting  techniques  [85Und].  A transparency 
containing  12  lines  was  superimposed  on  the  photograph  and  the  number 
of  intersections  of  the  phase  of  interest  with  the  test  lines  was 
counted.  This  number,  N-|,  using  the  terminology  of  sterography,  was 
converted  to  the  surface  area  per  unit  volume  by  means  of  the  formula, 

Sv  = 2N/L  3.! 

where  L is  the  total  length  of  the  test  line.  This  procedure  was 
repeated  at  least  6 times  on  the  polished  section. 

Microstructural  Examination 

Samples  were  etched  with  Keller's  reagent  and  examined  in  the  SEM 
using  secondary  electron  emission.  Secondary  electron  imaging  is  more 
sensitive  to  topological  features  and  has  a better  spatial  resolution 
than  the  backscattered  signal.  The  Keller's  etch  attacked  the  A1  and 
NiAl3  phases,  leaving  the  NigA^  and  NiAl  phases  unaffected.  This 
procedure  was  used  to  study  the  morphology  of  the  Al-NiAl 3 eutectic 

and  the  region  of  the  three-phase  contact  between  the  A1 , NiAl 3 and 
Ni2Al3. 

To  determine  the  NiAl/Ni2Al3  boundary,  the  samples  were 
electrochemically  etched  in  a solution  of  1 part  nitric  acid  to  2 
parts  methanol  at  a potential  of  6 VDC  using  a platinum  cathode.  This 
procedure  preferentially  etched  the  NiAl  and  Ni2Al3  phases  while 
leaving  the  NiA13  and  A1  phases  relatively  unaffected. 
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As  will  be  shown  in  later  sections,  the  nucleation  of  the  NiAl^ 
was  surface  catalyzed  by  the  presence  of  Ni2Al3  and  therefore  the 
nucleation  rate  of  the  NiAl^  should  be  expressed  as  a function  of  the 
aurface  area  of  Ni2Al3  available.  To  do  this  two  pieces  of 
information  are  needed;  one  the  number  of  NiAl 3 cells  per  unit  volume 
and  the  other  the  surface  area  of  Ni2Al3  per  unit  volume. 

The  number  of  NiAl3  cells  on  the  Ni2Al3  were  counted  for  the 
entire  area  of  a photograph  and  the  maximum  thickness  of  the  NiAl 3 
cells  was  measured.  The  area  of  the  sample  corresponding  to  the 
photograph  was  determined  from  the  magnification  and  then  based  on  the 
measured  diameter  of  the  NiAl3  cells,  the  analyzed  volume  was 
determined  by  multiplying  the  area  of  the  photo  by  twice  the  maximum 
measured  diameter  of  the  NiAl3  cells.  The  number  of  cells  per  unit 
volume  of  sample  was  determined  by  dividing  the  counted  number  of 
cells  by  the  volume  analyzed. 

The  surface  area  of  the  primary  phase,  determined  using  the 
intercept  technique,  is  actually  the  surface  area  per  unit  volume  of 
sample.  Thus  the  area  of  primary  phase  responsible  for  the  nucleation 
of  the  observed  NiAl 3 cells  was  determined  by  multiplying  the  measured 
surface  area  by  the  calculated  analyzed  volume.  The  number  of  nuclei 
of  NiAl3  per  unit  area  of  Ni^  is  then  just  the  number  of  nuclei 
counted  divided  by  the  surface  area  of  Ni2Al3> 

X-ray  Diffraction 

X-ray  diffraction  analysis  was  used  as  an  independent 
quantitative  determination  of  the  volume  fractions.  The  powders  for 
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x ray  diffraction  were  prepared  by  grinding  in  a mortar  and  pestle  to 
-270  mesh.  The  resulting  particle  size,  less  than  56  pm,  was  smaller 
than  that  used  successfully  by  Sarreal  [85Sar,  86Sar].  The  powders 
were  mounted  on  a glass  slide  using  a mixture  of  7 parts  amyl  acetate 
to  1 part  collodion  to  form  a slurry  which  was  flash  evaporated  on  a 
hot  plate  to  avoid  density  segregation  of  the  particles  during 
drying.  The  diffraction  of  the  powder  was  carried  out  in  a Philips 
automated  powder  diffractometer  using  copper  radiation.  A subroutine 
was  written  which  first  scanned  from  15  to  120°  of  2 theta.  Selected 
peaks  from  each  phase  were  then  step  counted  for  20  intervals  on 
either  side  of  the  peak  maximum  at  intervals  of  0.01°  20  for  0.2 
sec.  The  2 theta  angle  of  maximum  intensity  was  then  determined,  and 
the  corresponding  d value  was  calculated  using  the  Bragg  equation, 

A = 2 d sin  0 32 

where  X is  the  weighted  average  of  the  Ka1  and  Ka2  wavelengths  of 
copper  radiation  (1.5A18  A)  and  d is  the  interplannar  spacing.  The 
planes  from  each  phase  used  for  interplannar  spacing  determination, 
along  with  the  reported  d values  and  the  relative  intensity  of  each 
peak  (assuming  a single  pure  phase),  are  given  in  Table  3.1. 
Interplannar  spacings  could  not  be  obtained  for  the  NiAl  phase  because 
of  overlap  of  the  NiAl  peaks  with  those  of  Ni 2A1^ • 

The  integrated  intensity,  or  area  under  the  peak,  was  obtained  by 
again  scanning  individual  peaks  at  a rate  of  0.01°/sec  over  an 
interval  of  2°  of  2 theta.  The  background  was  counted  for  3 sec  on 
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Table  3.1 


The  planes 
along  with  the 

used  for  interplannar  spacing  measurements 
reported  value  and  their  relative  intensity. 

Phase 

d,  A 

Relative  Intensity 
^100 

A1 

2.34 

100 

NiAl3 

4.00 

40 

3.89 

70 

3.67 

50 

3.43 

100 

3.01 

60 

2.55 

30 

2.46 

40 

2.40 

20 

2.18 

70 

2.16 

80 

2.07 

100 

1 .97 

70 

1.93 

100 

Ni2Al3 

4.93 

45 

2.86 

30 

1 .48 

6 
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either  side  of  the  peak,  averaged  and  subtracted  from  the  total 
area.  Table  3.2  lists  the  planes  of  each  phase  used  for  quantitative 
volume  fraction  analysis,  their  approximate  2 theta  location  and  their 
relative  intensity  (assuming  a pure  phase).  Other  planes  could  not  be 
used  because  of  peak  overlap,  as  illustrated  in  Figure  3.3  for  a 
typical  diffraction  scan  from  20  to  390  of  2 theta.  Note  the  close 
proximity  of  the  101  Ni2Al3  and  100  NiAl^  peaks  precluded  using  these 
two  peaks  in  the  analysis.  Similar  problems  were  also  encountered  in 
trying  to  separate  the  peaks  of  the  aluminum  and  NiAl  phases. 
Furthermore  all  the  interplannar  spacings  allowed  by  the  structure 
factor  in  the  BCC  NiAl  were  also  present  in  the  trigonal  Ni2Al3 
phase.  As  a result  all  the  BCC  peaks  overlapped  the  trigonal  peaks 
making  it  impossible  to  integrate  peaks  from  the  NiAl  phase  uniquely. 

In  some  cases  peak  overlap  within  an  individual  phase  prevented 
analysis  of  individual  peaks  as  was  the  case  for  the  221,  03 1 and  112 
peaks  of  NiAl^.  These  peaks  were  so  close  together  that  it  was 
impossible  to  distinguish  the  end  of  the  221  and  03 1 peaks  and  the 
start  of  the  112  peak.  In  this  case  the  range  of  2 theta  was  extended 
and  background  counts  were  taken  only  on  one  side  of  the  221,  031  and 
1 1 2 peaks . 

The  procedure  for  calculating  the  volume  fraction  followed  the 
approach  taken  by  Sarrell  [85Sar,  86Sar]  in  his  study  of  directionally 
solidified  Al-Cu  and  Al-Si  alloys.  For  the  present  analysis,  the 
procedure  was  extended  from  two  to  three  phase  mixtures.  The 
technique,  called  the  direct  comparison  or  averaging  intensities,  has 
been  described  in  detail  by  Cullity  [78Cul]  and  Sarrell  [85Sar].  it 
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Table  3.2 

The  planes  used  for  quantitative  volume  fraction 
analysis  along  with  their  approximate  20  location 
and  relative  intensity. 


Phase 

hkl 

20 

1/1 100 

A1 

I'll 

38.48 

1.00 

NiAl3 

210 

29.31 

0.60 

21 1 

35.02 

0.30 

221,  031 

41 .10 

0.70 

112 

41 .82 

0.80 

Ni2Al3 

001 

17.98 

0.45 

101 

31.36 

0.30 
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has  been  used  to  determine  retained  austenite  in  metal  [48Ave]  and  the 
amount  of  beta  phase  in  titanium  alloys  [59Ave], 

Briefly,  the  intensity  diffracted  by  a single  phase  is  given  by 

I = KR/ 2A  2 3 

where  K is  a constant  independent  of  the  material,  R is  the  correction 
factor  defined  below  and  A is  the  linear  absorption  coefficient. 

For  a three-phase  mixture,  the  integrated  intensity  of  each  phase 
is  proportional  to  its  volume  fraction  given  by 


Jhkl 

a 

Ihkl. 

b 


R,  . . 
hkl 

a 

Rhkl 


fa  / 2A 
fb  / 2A 


3.4 


3.5 


I 


hkl 

c 


K R 


hkl 


f / 2A 
c 


3.6 


where  1^  is  measured  integrated  intensity  of  the  phase,  f is  the 
volume  fraction  and  A is  the  linear  absorption  coefficient  of  the 

mixture.  The  subscripts  a,  b and  c refer  to  the  respective  phases  in 
the  mixture. 

Taking  the  ratio  of  equations  3.4  to  3.5  and  3.6  to  3.5  yields 

Ihkl  Rhkl  fa 

a _ a 

Ihkl  Rhkl,  fb 

b b 


3.7 
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The  above  equations  can  be  rewritten  as 


3.9 


and 


/fith  equations  3.9  and  3.10  and  equation  3.11  below,  the  volume 
fractions  of  the  individual  phases  can  be  determined. 

f + f + f » 1 Oil 

a b c d.  1 1 

The  volume  fraction  of  eutectic  was  calculated  from  the  measured 
amount  of  aluminum  assuming  the  aluminum  phase  is  .892  of  eutectic  and 
that  the  composition  of  eutectic  does  not  change.  The  difference 
between  the  volume  fraction  of  the  eutectic  and  the  aluminum  phase 
represents  the  amount  of  NiAl^  that  is  part  of  the  eutectic.  The 
amount  of  NiAl^  that  was  calculated  to  be  part  of  eutectic  was 
subtracted  from  the  measured  volume  fraction  of  NiAl^  to  give  the 
amount  of  proeutectic,  NiAl^  which  formed. 

The  correction  factor,  R,  is  given  by  the  expression 


R = (iI)C|F|2  P( 


V 


3.12  ■ 
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where  V = volume  of  the  unit  cell 

F = structure  factor 

P = multiplicity  factor 

-2m 

e = temperature  factor 

0 = Bragg  angle. 

Three  factors  were  considered  in  calculating  the  correction 
factor: 

1.  The  temperature  factor,  e~2m 

2.  The  Lorentz-polarization  factor,  LP 

3*  The  structure  factor,  F. 

The  temperature  factor  takes  into  account  thermal  vibration  of 
the  atoms.  The  Lorentz-polarization  factor  accounts  for  the  incident 
beam  not  being  polarized  and  the  effects  of  geometrical  factors  which 
decrease  the  intensity  of  the  diffracted  beams  at  intermediate 
angles.  The  structure  factor  takes  into  account  the  scattering  from 
the  individual  atoms  in  the  unit  cell.  The  equations  and  calculations 
of  these  three  factors  are  summarized  for  each  plane  of  each  phase  in 
Appendix  B and  tabulated  in  Table  4.8  of  the  results  section. 

A nonrandom  orientation  of  grains  or  particles  is  termed 
texturing  and  has  the  effect  of  diminishing  the  diffracted  intensity 
of  certain  phases  while  enhancing  that  of  others.  The  effects  of 
texturing  can  be  eliminated  by  summing  at  least  4 peaks  for  each  phase 
[86Sar ] . Unfortunately  because  of  peak  overlap,  illustrated  earlier, 
it  was  impossible  to  meet  this  requirement  for  the  A1  and  NijAl^ 
phases.  Nevertheless,  the  accuracy  of  the  method  was  greatly  improved 
by  using  standards  of  known  volume  fractions. 
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The  standards,  with  30,  35,  37,  42,  42.5  and  60  wt  % Ni  were 
prepared  using  the  EM  levitation  furnace  to  melt  the  samples,  quenched 
at  60  K/s  using  helium  gas  and  then  annealed  for  340  hrs  at  873  k. 

The  annealing  period  was  more  than  theoretically  sufficient  time  to 
permit  equilibrium  of  the  phases  at  the  annealing  temperature.  Since 
the  phase  boundaries  do  not  change  appreciably  with  temperature  below 
873  K,  the  phase  contents  also  represent  the  room  temperature 
equilibrium  values.  From  the  standards,  two  curves  relating 
fCN^Al^)/  fCNiAl^)  and  f (Al)/f (NiAl^)  to  the  corresponding  integrated 
intensities  were  produced.  The  data  used  to  construct  these  curves 
are  presented  in  the  results  section. 

For  samples  containing  NiAl,  the  problem  of  peak  overlap 

precluded  the  use  of  the  ratio  technique  outlined  earlier.  The 

integrated  101  peak  of  N^Alg  also  contains  the  100  superlattice 

reflection  of  the  NiAl  unit  cell.  If  the  NiAl  and  Ni^Al^  phases  are 

treated  as  a unit,  the  summed  integrated  intensities  of  the  Ni  A1 

2'  3 

peak  should  approximately  represent  the  summed  integrated  intensities 
of  the  NiAl  and  Ni2Al^  phases.  Using  the  calibration  curves 
constructed  for  Ni2Al2~MiAl2  standards,  it  is  possible  to  get  an 
estimate  of  the  combined  volume  fraction  of  NiAl  and  N^Al^  phases. 

It  should  be  noted  that  in  order  to  determine  the  volume  fraction  of 
both  phases  accurately,  the  correction  factor  should  be  changed  to 
reflect  the  contributions  of  NiAl  and  N^Al^*  The  temperature  and 
Lorentz  polarization  factor  are  independent  of  the  material;  only  the 
structure  factor  is  dependent  on  the  material.  For  the  100  NiAl  peak 
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the  structure  factor  was  calculated  to  be  1 38  giving  an  R value  of 
3274,  compared  to  1 1837  for  Ni2Al3.  The  contribution  of  NiAl  and 
Ni2Al3  to  the  correction  factor  depends  on  the  relative  amounts  of  the 
two  phases  and  therefore  accurate  results  cannot  be  expected  since  the 
volume  fractions  are  unknown. 

The  volume  fraction  of  Ni^  alone  could  be  determined  solely 
from  the  001  peak,  in  this  case  the  ratio  of  the  intensities  was  not 
used,  instead  the  integrated  intensity  of  the  001  Ni2Al3  peak  was 
directly  related  to  the  volume  fraction  of  Ni2Al3.  This  was  done 
because  in  samples  containing  NiAl,  the  volume  fraction  of  NiAl3  was 
small  producing  a larger  uncertainty.  With  an  estimation  of  the 
Ni2A13  volume  fraction,  the  volume  fraction  of  NiAl  can  be  determined 
by  the  difference.  This  method  does  not  have  the  same  accuracy  as  the 
ratio  technique  and  therefore  the  results  of  these  measurements  should 
not  be  given  the  same  weight  as  those  obtained  from  samples  that  do 
not  contain  NiAl . 


Transmission  Electron  Microscopy 
To  investigate  the  possibility  of  orientation  relationships 
between  the  primary  and  peritectic  phases,  and  to  examine  the 
structures  on  a finer  scale,  transmission  electron  microscopy  was 
employed.  The  samples  were  prepared  by  mechanically  cutting 
approximately  1/2-mm  thick  wafers  and  then  grinding  on  successively 
finer  grits  until  a wafer  of  approximately  100-150  microns  was 
obtained.  Three  millimeter  disks  were  cut  using  an  ultrasonic 
cutter.  Final  thinning  was  done  using  two  solutions,  depending  on  the 
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regions  of  interest.  To  examine  the  Ni^Al^-NiAl^  interface,  the 
sample  was  thinned  using  an  ethanol-5?  phosphoric  acid  solution  at 
30  Volts  DC  and  low  flow  rates.  Best  results  were  obtained  by  cooling 
the  solution  to  below  263  K.  Thinning  was  carried  out  slightly  past 
initial  perforation  because  the  Al-NiAl 3 eutectic  was  removed  much 
faster  than  either  the  Ni2Al3  or  NiAl^.  The  NiAl-Ni2Al3  was  examined 
after  thinning  in  a methanol-30?  nitric  acid  solution  at  12  VDC . Best 
results  were  again  obtained  by  cooling  the  electrolyte  to  273  K and 
using  low  flow  rates. 

Suitable  samples  were  examined  in  a JEOL  200  CX  operating  at 

200  KV  using  a double  tilt  stage.  Diffraction  patterns  were  obtained 
by  either  selected  area  (SAD)  or  convergent  beam  diffraction  (CBD) 
techniques.  The  convergent  beam  technique  was  found  to  be  the  most 
useful  Decause  of  it3  ability  to  analyze  small  volumes  allowing  for 
regions  close  to  the  interface  to  be  analyzed. 

The  resulting  diffraction  patterns  were  indexed  using  both  the 
mterplannar  spacings  and  intraplannar  angles.  Throughout  this  study 
the  Miller-Bravis  convention  is  followed  in  identifying  planes  and 
directions.  For  the  trigonal  crystal  system  the  Miller-Bravis  indices 
of  a plane  are  denoted  (hkil),  where  i = -(h  + k).  Thus  the  third 
index  is  redundant  and  has  been  dropped.  The  normal  [d  e f i g]  to 
the  plane  (hkil)  will  have  the  indices  [75Edi], 

[d  e f i g]  = h,  k,  i,  1.5(a/c)2l  3.13 

and  will,  in  general,  not  have  the  same  indices  as  the  plane  because 
the  lattice  vectors  are  not  cartesian. 
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To  index  the  diffraction  patterns  it  was  necessary  to  tabulate 
the  interplannar  distance  d and  1/d  values  for  the  orthorhombic  NiAl^ 
and  tne  trigonal  Ni2Al3  phases.  This  was  done  using  the  expression, 

(1/d)  = (h/a)  + (k/b)  2 + (l/o)2  3.1^1 

for  the  orthorhombic  phase,  where  a,  b and  c are  the  lattice  constants 

and  h,  k and  1 are  the  Miller-Bravis  indices  of  the  plane.  Similarly 
for  the  trigonal  phase,  the  expression, 

J 4 ,n2  + hk  + k2,  l2 

2 ~ 3 2 ; + — 3.15 

d a c 

was  used.  The  calculated  d and  1/d  values  in  increasing  value  of  1/d 
are  summarized  in  Appendix  B for  the  NUI3  and  Ni2Al3  phases, 
respectively.  NiAl  is  an  ordered  BCC  phase  and  as  such  has  only  a 
limited  number  of  well  defined  planes  whose  structure  factor  allows 
for  the  observation  of  diffraction  effects.  These  planes  are 
tabulated  in  reference  books  and  the  following  expression  was  used  to 
calculate  the  d and  1/d  values. 

(1/d)2  = (h2  + k2  + l2)  / a2  3.16 

The  intraplannar  angle  for  the  orthorhombic  crystal  system  is 


given  by  [78Cul] 
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GOS^)  = 


h1h2  k1k2  V2 

2“  + —F  + ~ 
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V/2 

a b c a b c 


3.17 


Similarly  for  the  trigonal  system  the  intraplannar  angle  is  given  by 
[78Cul] 


COS<j>  = 


h,hn  + k.k„  + ^(h1k2  + h^kj  + 3a 


12 


12 


2 1 


4c 


1112 


l(hf  * 4 * hlkl  + 7“J  4Hhl  * 4 * h k ♦ 1?)( 

4c  4c^  ^ 


1/2 


3.18 

The  calculations  of  the  interplannar  spacing  and  intraplannar  angles 
was  faciliated  through  the  use  of  computer  programs. 

The  zone  axis  [uvw]  of  the  diffraction  pattern  was  obtained  from 
the  vector  cross  product  given  by 


u ■ v2 

- Vi 

3.19a 

v - l,h2 

12h1 

3.19b 

w . hjk2 

- h2k1 

3.19c 

where  the  (h^k^l^  spot  is  positioned  anticlockwise  around  the 
center  spot  relative  to  the  (h2,k2,l2).  spot. 


In  the  case  of  the 
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trigonal  phase,  an  additional  transformation  was  required  because  the 
cross  product  is  not  in  orthogonal  coordinates.  The  transf ormation  is 
given  by  [75Edi] 


u = 1 / 3 ( 2u ' - v' ) 


3.20a 


v = 1/3(2v’  - u') 


3.20b 


t = - 1 / 3 ( v ’ + u') 


3.20c 


w = w' 


3.20d 


where  u' , v'  and  w'  are  the  components  of  the  vector  cross  product 
calculated  using  equation  3.19. 


CHAPTER  FOUR 
RESULTS 

Thermal  Data 

The  temperature  of  the  levitated  sample  was  measured  principally- 
using  a two-color  pyrometer  connected  to  a strip  chart  recorder . 

Later  a single-color  pyrometer  was  employed  with  improved  temperature 
sensitivity  below  1173  K and  a 0.01  second  response  time  compared  to 
the  0.3  seconds  of  the  two-color  instrument.  A typical  cooling  curve 
for  a sample  of  25  at . % Ni  showing  the  liquidus  (TL),  the  peritectic 
temperature  (Tp)  and  the  eutectic  temperature  (T£)  is  illustrated  in 
Figure  4.1.  in  samples  containing  between  15  to  27  at.  % Ni,  three 
thermal  arrests  were  found  corresponding  to  the  Ni2Al3  liquidus,  the 
peritectic  reaction  at  1128  K and  the  solidification  of  the  AI-NUI3 
eutectic.  The  Al-NiAl3  eutectic  was  often  difficult  to  detect  because 
of  the  small  volume  fraction  of  the  eutectic  liquid  (usually  less  than 
0.20).  At  no  time  during  the  experiments  was  appreciable  undercooling 
of  the  primary  Ni2Al3  phase  observed.  However,  supercooling  of  the 
peritectic  reaction  involving  NiAl 3 was  found  in  some  cases,  in  many 
samples  nucleation  occurred  at  the  bottom  and  propagated  up  the 
sample.  The  recalescence  rate  was  not  rapid  and  could  be  readily 
followed  as  it  propagated  through  the  sample. 

For  alloys  with  initial  compositions  between  27  and  50  at.  % Ni , 
the  first  phase  to  solidify  is  NiAl  followed  by  the  peritectic 
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Figure  4. 


1 A typical  cooling  and  heating  curve  of  a sample  containing 
25  at.  % Ni  showing  the  primary,  peritectic  and  eutectic 
thermal  arrests . 
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formation  of  Ni2Al3.  The  solidification  then  follows  the  same  pathway 
as  alloys  with  1 5 to  27  at . % Ni . A typical  cooling  curve  is  shown  in 
Figure  4.2.  Similar  to  the  previous  compositions,  appreciable 
supercooling  of  the  NiAl  liquidus  or  the  peritectic  reaction,  liquid  + 
NiAl  ■*  N i 2A1 3 was  not  observed. 

At  the  drop  tube,  the  temperature  was  measured  using  a two-color 
pyrometer  while  the  sample  was  being  heated.  During  free  fall,  the 
brightness  of  the  sample  was  followed  using  three  infrared  detectors 
positioned  along  the  tube.  A cooling  curve  or  more  accurately  a 

brightness  curve  for  a 25  at . % Ni  alloy  is  shown  in  Figure  4.3.  The 

signal  strength  is  a combination  of  both  the  temperature  of  the 
droplet  and  the  distance  from  the  detector.  For  the  sample 
represented  in  Figure  4.3,  a significant  portion  (if  not  all)  of  the 
sample  was  still  liquid  when  it  hit  the  bottom  of  the  tube,  as 

evidenced  by  the  sharp  spike  in  the  signal  from  the  third  detector  at 

an  elapsed  time  corresponding  to  approximately  4.3  seconds,  the  time 
of  flight  of  the  tube.  The  rapid  increase  in  the  signal  strength 
represents  both  the  sudden  release  of  latent  heat  and  the  physical 
spreading  of  the  drop  as  it  strikes  the  bottom  of  the  tube,  in  none 
of  25,  31.5  or  42  at.  % Ni  samples  was  solidification  detected  during 

free  fall;  the  only  detected  phase  changes  were  that  of  the  sample 
hitting  the  bottom  of  the  tube. 

The  actual  temperature  at  any  moment  can  be  calculated  based  on  a 
convective/radiative  heat  transfer  model  developed  by  Robinson  [78Rob] 
and  the  release  temperature.  For  the  25  at . % Ni  sample  shown  in 
Figure  4.3,  the  temperature  loss  was  calculated  as  150  K before 
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Figure 


Time,  S 

2 A typical  cooling  and  heating  curve  of  a sample  containing 
3 '.5  at.  % Ni  showing  the  thermal  arrest  corresponding  to 
NiAl , the  NiAl  + liquid  ■+  N^Al^  peritectic  reaction,  the 

2A13  + liquid  NiAl 3 peritectic  reaction  and  the 
eutectic  reaction. 
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Figure  4.3  A brightness  curve  obtained  from  a sample  of  25  at . $ Ni 
processed  in  the  100-m  drop  tube. 
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reaching  the  bottom  of  the  tube.  This  implies  that,  with  a release 
temperature  of  1513  K,  the  sample  reached  its  liquidus  temperature  at 
about  the  same  time  it  hit  the  bottom.  For  the  31*5  at.  % Ni  sample, 
on  the  other  hand,  the  release  temperature  was  measured  as  1773  K and 
the  cooling  was  calculated  to  be  approximately  300  K during  free 
fall.  This  represents  a supercooling  of  200  K below  the  equilibrium 
liquidus  temperature  of  1673  K or  .12  of  the  liquidus. 

Directional  Solidification 

Directional  solidification  experiments  were  carried  out  to 
generate  a secondary  dendrite  arm  spacing  vs  cooling  rate 
expression.  Microstructures  from  a 10.3  at.  % Ni  alloy  at  locations 
corresponding  to  thermocouples  placed  5,  10,  20  and  40  mm  from  the 
chill  surface  are  shown  in  Figures  4.4,  4.5,  4.6  and  4.7, 
respectively.  This  alloy  does  not  undergo  a peritectic  reaction  and 
the  first  phase  to  solidify  is  NiAlg,  followed  by  the  NiAlg-Al 
eutectic.  The  photos  show  the  NiAl^  dendrites  as  dark  colored  regions 
with  the  Al-NiAl^  eutectic  in  the  interdendritic  region.  The  growth 
of  NiAl^  dendrites  was  perpendicular  to  the  chill  at  locations  1,  10 
and  20  cm  from  the  chill.  At  larger  distances  from  the  chill,  growth 
was  not  entirely  perpendicular  to  the  chill.  This  occurred  because  of 
contributions  of  radial  heat  flow  to  the  solidification  of  the  melt. 

Table  4.1  summarizes  the  measured  secondary  dendrite  spacings  vs 
cooling  rates  for  the  10.3  at.  % Ni  alloy.  The  dendrite  arm  spacing 
plotted  vs  the  cooling  rate  on  a log  vs  log  scale,  Figure  4.8,  yields 
a straight  line  represented  by  the  equation, 
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Figure  4.4  The  microstructure  of  a directionally  solidified  sample 
containing  10.3  at.  % Ni  taken  5 mm  from  the  chill.  The 
1-cm  bar  on  the  photo  represents  50  microns. 
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Figure  4.5  The  microstructure  of  a directionally  solidified  sample 

containing  10.3  at.  % Ni  taken  10  mm  from  the  chill.  The 
1-cm  bar  on  the  photo  represents  50  microns. 
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Figure  4.6  The  microstructure  of  a directionally  solidified  sample 

containing  10.3  at.  % Ni  taken  20  mm  from  the  chill.  The 
1-cm  bar  on  the  photos  represents  50  microns. 
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Figure  4.7  The  microstructure  of  a directionally  solidified  sample 

containing  10.3  at.  f Ni  taken  40  cm  from  the  chill.  The 
1-cm  bar  on  the  photos  represents  200  microns. 


99 


Table  4.1 

Secondary  dendrite  arm  spacing  and 
cooling  rate  measurements  of  directionally  solidified  ingots 

with  CQ  = 1 0.3  at . % Ni . 


Thermocouple  Distance 
from  Chill,  mm 


Cooling  Rate 
K/s 


Secondary  Arm 
Spacing,  microns 


5 20.8  9.7 
10  8.0  13.8 
20  4.1  18.0 

1 .8 


40 
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The  log  of  the  secondary  dendrite  arm  spacing  vs  the  log  of  the  cooling  rate  for 
directionally  solidified  ingot  of  10.3  at.  % Ni . 
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DAS  = 31  .1  r-39  ^-1 

where  DAS  is  the  secondary  dendrite  arm  spacing  in  microns  and  e is 
the  cooling  rate  in  K/s . 

The  experiments  were  repeated  with  an  initial  composition  of 
20  at . % Ni . For  this  composition,  which  undergoes  a peritectic 
reaction  during  solidification,  the  first  phase  to  solidify  is  N^Al^, 
followed  by  the  peritectic  phase  NiAl^.  The  final  liquid  forms  the 
NiAl^-Al  eutectic.  A representative  cooling  curve  is  shown  in  Figure 
4.9  where  three  thermal  arrests  used  to  calculate  the  cooling  rates 
can  be  seen.  The  first  thermal  arrest  corresponds  to  the  primary 
phase  liquidus,  followed  by  the  peritectic  reaction  and  finally  the 
eutectic  reaction.  The  microstructures , at  positions  of  the 
thermocouples  spaced  10,  20,  30  and  40  mm  from  the  chill,  are  shown  in 
Figures  4.10,  4.11,  4.12  and  4.13,  respectively.  The  primary  phase, 
N^Alg,  appears  as  white  dendrites  surrounded  by  the  darker  NiAl^  an^ 
the  NiAl^-Al  eutectic  has  a light  mottled  appearance.  Figure  4.13 
shows  the  primary  Ni^l^  dendrites  and  the  secondary  arms  which  are 
not  perpendicular  to  the  main  stocks,  but  rather  branched  at 
approximately  60°.  Along  both  the  primary  and  secondary  dendrite 
stocks,  the  peritectic  phase  NiAl^  grows  in  a series  of  discontinous 
growth  fronts  without  secondary  branching.  The  spacing  of  the  growth 
cells,  along  with  the  secondary  arm  spacing  of  the  primary  phase  and 
the  cooling  rate  are  tabulated  in  Table  4.2.  The  same  data  plotted  on 


Temperature 
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Figure  4.9  A representative  cooling  curve  for  a directionally 

solidified  sample  containing  20  at . % Ni  showing  thermal 
arrests  corresponding  to  the  primary  phase,  the  peritectic 
reaction  and  the  eutectic  reaction. 


103 


Figure  4.10  The  microstructure  of  a directionally  solidified  sample 
containing  20  at . % Ni  taken  10  mm  from  the  chill.  The 
1-cm  bar  on  the  photo  represents  50  microns. 
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Figure  4.11  The  microstructure  of  a directionally  solidified  sample 
containing  20  at . % Ni  taken  20  mm  from  the  chill.  The 
1-cm  bar  on  the  photo  represents  50  microns. 
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Figure  4.12  The  microstructure  of  a directionally  solidified  sample 
containing  20  at . % Ni  taken  30  mm  from  the  chill.  The 
1-cm  bar  on  the  photo  represents  50  microns. 
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Figure  4.1 3 The  microstructure  of  a directionally  solidified  sample 
containing  20  at . % Ni  taken  HO  mm  from  the  chill.  The 
1-cm  bar  on  the  photo  represents  100  microns. 
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Table  4.2 

Secondary  dendrite  arm  spacing  and 
cooling  rate  measurements  of  directionally  solidified  ingots 

with  CQ  = 20  at . % Ni . 


Thermocouple  Distance 
from  Chill,  mm 

Cooling 

Rate,  K/s 

Dendrite  Arm 
Spacing,  microns 

Primary 

Peritectic 

Primary 

Peritectic 

1 .0 

2400 

2400 

4.0 

8.1 

20 

97 

15.4 

15.3 

12.1 

30 

37.2 

8.4 

22.7 

16.5 

40 

24.1 

5.9 

27.4 

15.9 
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log  vs  log  scales,  shown  in  Figure  4.14,  produced  two  straight  lines 
with  equations  given  by 

1.  For  the  primary  phase, 

DAS  = 76  e-*37  4.2 

2.  For  the  peritectic  phase, 

DAS  = 23  T'13  4.3 

The  data  for  10.3  and  20  at . % Ni  are  combined  in  Figure  4.15; 
when  the  NiAl^  and  N^Al^  are  the  first  phases  to  solidify,  both  have 
approximately  the  same  slopes.  Yet  when  NiAl^  forms  peritectically  it 
does  not  have  the  same  slope  of  either  the  N^Al^  or  the  proeutectic 
NiAl^.  The  magnitude  of  the  slope  is  smaller,  indicating  a reduced 
sensitivity  of  the  spacing  to  the  cooling  rate. 

Using  the  measured  dendrite  arm  spacing  and  the  dendrite  arm 
spacing  vs  cooling  rate  master  curves,  the  cooling  rates  for  the 
various  quenching  media,  used  to  solidify  the  levitated  samples,  were 
determined  as  summarized  in  Table  4.3.  For  cooling  rates  above 
100  K/s,  it  was  necessary  to  extrapolate  the  curve. 

Microstructures  of  Samples  Quenched  All  Liquid 

The  microstructure  of  a sample  containing  25  at . % Ni  solidified 
at  20  K/s  is  illustrated  in  Figure  4.16,  which  is  typical  of  the 


microstructures  found  in  alloys  containing  between  15  to  27  at.  % Ni . 
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Figure  4.14  The  log  of  the  secondary  dendrite  arm  spacing  (Ni^Al^)  and  the  log  of  the  cell  spacing 
(NiAl o)  vs  the  log  of  the  cooling  rate  for  a directionally  solidified  ingot  of  20  at. 
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Table  4.3 

The  cooling  rate,  as  determined  from 
dendrite  arm  spacing  measurements,  for 
the  various  quenching  media  used. 


Quenching  Media  Abbreviation  Cooling  Rate,  K/s 


Helium  Gas  HE  20 
Water  WA  600 
Molten  Pb-Sn-Bi 

eutectic  at  383  K PB  5-6x1 0^ 
Rotating  copper  cup  CU  1-2x10** 
Splat  SP  1x1 05 

DT  1x1  O'* 


Drop  tube,  all  liquid 
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Figure  4.16  The  microstructure  of  a sample  containing  25  at.  % Ni 
solidified  at  20  K/s. 
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The  lighter  colored  N^Al^  phase  was  the  first  to  solidify,  hence  is 
termed  the  primary  or  proper itectic  phase.  Surrounding  the  primary  is 
the  grey  peritectic  phase,  NiAlo,  which  appears  as  a series  of 
protuberances  on  the  primary.  The  individual  growth  fronts  or  cells 
of  the  peritectic  phase  are  readily  apparent  but  in  some  cases 
impingement  of  the  adjacent  cells  has  formed  a continous  rim.  The 
peritectic  phase  is  strongly  faceted,  shown  by  the  flat  angular  faces 
and  the  absence  of  side  branching  from  the  growth  fronts. 

The  last  liquid  to  solidify  forms  the  NiAl^-Al  eutectic  which 
appears  black.  The  eutectic  structure,  illustrated  in  greater  detail 
in  Figure  4.17  is  typically  a rod  type  eutectic  but  a divorced 
eutectic  structure  is  present  in  the  vicinity  of  the  peritectic 
phase.  The  aluminum-rich  solid  solution  containing  less  than  0.11  at. 
% Ni  appears  to  form  by  multiple  nucleation  and  lateral  spreading 
along  the  NiAl^  prior  to  cooperative  growth  of  the  eutectic,  Figure 
4.17b. 

The  effects  of  cooling  rate  on  the  microstructure  of  25  at . % Ni 

quenched  from  liquid,  after  electromagnetic  levitation,  are 

illustrated  in  Figures  4.16,  4.18,  4.19,  4.20  and  4.21  for  samples 

3 4 5 

quenched  at  15,  600,  6 X 10,  10  and  10  K/s,  respectively.  There  is 
a general  reduction  in  the  scale  of  the  microstructure  as  well  as 
changes  in  the  morphology  of  both  the  primary  and  peritectic  phases 
with  increasing  cooling  rate.  At  slow  cooling  rates  of  10-20  K/s,  the 
primary  phase  appears  rounded,  while  a more  characteristic  dendritic 
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Figure  4.17 


The  NUI3-AI  eutectic:  (a)  the  light  colored  phase  is 

NiAl  ; (b)  in  the  vicinity  of  proeutectic  NiAl  , notice 
the  divorced  eutectic  structure  near  the  NiAl^ phase. 
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Figure  4.18  The  microstructure  of  a sample  containing  25  at.  % Ni 
solidified  at  600  K/s. 
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Figure  4.19 


The  microstrueture  of  a sample  containing  25  at. 
solidified  at  6 X 10^  K/s. 


% Ni 
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Figure  4.20  The  microstructure  of  a sample  containing  25  at . % Ni 
solidified  at  lO*1  K/s. 
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Figure  4.21  The  microstructure  of  a sample  containing  25  at.  % Ni 
solidified  at  10  K/s.  The  1-cm  bar  on  the  photo 
represents  20  microns. 
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structure  is  found  in  samples  quenched  in  water  with  a cooling  rate  of 
600  K/s,  Figure  4.18. 

Comparing  samples  solidified  at  similar  rates,  during  electro- 
magnetic levitation  and  directional  solidification,  shows  the  effect 
of  electromagnetic  stirring.  The  directionally  solidified  samples 
(Figures  4.10-4.13)  show  dendrites  with  numerous  secondary  branches . 

In  contrast,  samples  solidified  during  electromagnetic  levitation 
contain  rounded  particles  of  the  primary  phase,  without  secondary 
branching.  The  difference  in  the  morphology  of  the  primary 
illustrates  the  effects  of  fluid  flow  on  the  microstructure. 
Electromagnetic  levitation  provide  increased  flow,  compared  to  static 
casting,  which  increases  the  coarsening  rate  by  promoting  better 
mixing  in  liquid. 

Samples  quenched  in  a molten  lead-tin-bismuth  bath  flattened  upon 
impact  with  the  quenchant  and  had  an  average  cooling  rate  of 
approximately  6 X 10  K/s.  The  microstructure  consisted  of  elongated 
dendrites  growing  roughly  perpendicular  to  the  quenchant-sample 
interface,  Figure  4.19a.  In  some  regions  of  the  sample  considerable 
infiltration  of  the  lead-tin-bismuth  eutectic  occurred. 

For  the  samples  cooled  at  a rate  of  10^  K/s  against  the  rotating 
cup,  the  elongated  primary  dendrites,  found  in  the  samples  cooled  at 
600  and  6X10^  K/s,  were  no  longer  present.  Instead  the  micro- 
structure consisted  of  irregular  broken  dendrites  (Figure  4.20).  No 
columnar  growth  region  was  obtained  next  to  the  cup  surface. 

Increasing  the  cooling  rate  to  ^ q5  splat  cooling  and  melt  spinning 
resulted  in  a still  further  refinement  of  the  microstructure . 
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Figure  4.21  shows  an  edge  on  view  of  a splat  cooled  sample  that  has  a 
rosette  type  dendritic  structure  that  appears  to  radiate  from  a single 
point.  The  rosette  type  dendritic  structure  is  illustrated  more 
clearly  in  Figure  4.22,  for  a melt  spun  sample.  Similar  to  the  cup 
quenched  samples,  no  columnar  growth  was  observed  perpendicular  to  the 
sample-quenchant  interface.  In  contrast  to  the  cup  quenched  samples, 
however,  the  Ni^l^  dendrites  in  the  splat  cooled  samples  were  well 
developed,  with  numerous  secondary  and  higher  order  branching.  The 
absence  of  secondary  branching  in  the  cup  quenched  samples  is  the 
result  of  violent  shearing  in  the  liquid  caused  by  the  copper  cup, 
which  is  spinning  at  approximation  20,000  rpm. 

Turning  attention  now  to  the  peritectic  NiAl^  phase,  at  cooling 
rates  of  600  K/s  and  lower,  the  peritectic  phase  exhibited 
characteristics  of  a faceted  material,  with  broad  flat  interfaces, 
sharp  angular  edges,  anisotropic  growth  and  absence  of  side 
branching.  Examination  in  the  transmission  electron  microscope  showed 
the  NiAl^  particles  to  be  free  of  dislocations.  However,  point 
defects  about  150  A in  diameter,  shown  in  Figure  4.23,  which  are 
possibly  dislocation  loops,  were  found  in  the  NiAl ^ near  the  Ni2Al2~ 
NiAl^  boundary  in  samples  quenched  at  600  K/s.  For  the  samples  cooled 
at  6 X 103  and  higher,  the  growth  fronts  or  cells  are  still  evident 
but  are  rounded  and  roughly  hemi-spherical , Figures  4.18  and  4.19.  In 
splat  cooled  samples  (103  K/s),  the  peritectic  phase  forms  a continous 
rim  that  surrounds  the  primary  and  fills  the  primary  interdendritic 
Individual  cells  of  NiAl ^ are  no  longer  seen. 


regions . 
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Figure  H.22  The  rosette  structure  of  the  NUAU  phase  in  a melt  spun 
sample  (e  - 105  K/s).  5 
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Figure  4.23  Transmission  electron  micrograph  showing  point  defects  in 
the  NiAl^  phase.  The  phase  to  the  left  of  vertical 
boundary  is  NiAl^  while  in  the  right  is  Ni^l^. 
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Changes  in  the  scale  of  the  NiAl^  with  respect  to  cooling  rate 
were  quantified  by  counting  the  number  of  cells  on  the  primary 
phase.  This  number  was  then  converted  to  a number  per  unit  area  of 
primary  phase  using  the  procedure  described  earlier.  The  results  of 
these  measurements  are  summarized  in  Table  4.4.  The  data  are  plotted 
in  Figure  4.24  on  a log-log  scale.  The  data  in  Table  4.4  and  Figure 
4.24  include  measurements  from  levitated  and  quenched  samples  as  well 
as  from  directionally  solidification  experiments.  At  cooling  rates 
above  104  K/s  it  was  impossible  to  identify  the  individual  cells  ofNiAl^. 

From  regression  analysis  of  the  data,  a straight  line  was 
obtained,  with  an  equation  of 

C = 4.55  X 10' 4 e°'57  4.4 

where  C is  the  number  of  cells  of  NiAl^  per  unit  area  of  primary  phase 
and  e is  the  cooling  rate,  in  K/s.  Thus  the  number  of  cells  of  the 
peritectic  phase  increases  by  roughly  the  square  root  of  the  cooling 
rate  and  is  valid  over  cooling  rates  ranging  from  1 to  almost  1 04  K/s. 

The  microstructure  of  a sample  containing  16.5  at.  % Ni  cooled  at 
20  K/s  is  shown  in  Figure  4.25a.  Note  in  this  microstructure , unlike 
those  of  25  at . % Ni  samples,  there  is  in  addition  to  the  NiAl^ 
forming  on  the  N^Al^  also  evidence  of  independent  formation  of  the 
NiAl^  within  the  liquid.  At  a cooling  rate  of  600  K/s  (shown  in 
Figure  4.25b),  there  is  a noticeable  reduction  in  the  amount  of 
properitectic  N^Al^.  which  is  apparent  from  a comparison  of  Figures 
4.25a  and  4.25b.  Increasing  the  cooling  rate  to  6 X 10^  K/s,  shown  in 
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Table  4.4 

The  number  of  NiAl^  cells  per  cm2  of  Ni2Alg 
surface  for  various  cooling  rates. 


Cooling  Rate,  K/s 


Number  of  NiAlg 
cm2  of  Ni2Al 


Cells/ 

3 


6 

1.14 

X 

10 

17 

2.75 

X 

10 

20 

3.1 

X 

10 

600 

1.5 

X 

10' 

6000 

8.2 

X 

i o’ 

10,000 

9.25 

X 

10' 
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Figure  4.24  The  log  of  the  number  of  NiAl_  cells  per  unit  area  of  the 
N i 2A1 ^ surface  vs  the  log  of  the  cooling  rate. 


Figure  4.25  The  microstructures  of  samples  containing  16.5  at.  % Ni 
solidified  at  (a)  20,  (b)  600  and  (c)  6 X 10^  K/s.  The 
1-cm  bar  on  the  photos  represents  100  microns  in  a and  b, 
and  50  microns  in  c. 
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Figure  4.25c,  completely  eliminates  the  Ni2Alg  phase;  the 
microstructure  consists  solely  of  NiAl^  and  NiAl^-Al  eutectic.  The 
microstructure  shown  in  Figure  4.25c,  where  NiAl^  is  the  first  phase 
to  solidify,  more  closely  resembles  the  microstructure  shown  in  Figure 
4.4  for  a directionally  solidified  10.3  at.  % Ni  sample.  The  Ni2Al3 
phase  is  absent  and  therefore  does  not  affect  the  dendrite  arm  spacing 
of  the  NiAl^  phase. 

In  the  rotating  cup,  centrifugal  forces  flatten  the  liquid 
against  the  inside  of  the  cup.  For  liquid  samples  with  a diameter  of 
4 mm,  the  thickness  of  the  resulting  ring  varied  from  approximately 
1 mm  at  the  bottom  to  less  than  1/2  mm  near  the  top.  Since  the 
cooling  rate  is  dependent  on  the  thickness  of  the  resulting  ring, 
thinner  regions  have  a higher  cooling  rate.  The  difference  in  the 
cooling  rate  caused  a range  of  microstructures  in  the  sample,  as 
illustrated  in  Figure  4.26.  Figure  4.26a  was  taken  from  the  top  of  a 
16.5  at.  % Ni  sample  while  Figure  4.26b  was  taken  from  the  lower 
portion  of  the  same  sample.  The  microstructure  near  the  top 
represents  a cooling  rate  of  approximately  10,000  K/s  while  at  the 
bottom  the  cooling  rate  is  approximately  6,000  K/s.  Note  also  that 
the  primary  phase  is  absent  at  both  cooling  rates. 

When  the  alloy  composition  is  22  at . % Ni,  the  difference  in 
cooling  rate  causes  a variation  in  the  volume  fraction  of  the  primary 
phase,  shown  in  Figure  4.27.  Figure  4.27a  was  taken  from  the  region 
at  the  top,  near  the  copper  chill  while  Figure  4.27b  came  from  inside, 
the  bottom  of  the  ring.  The  change  in  volume  fraction  of  the  primary 
phase  is  apparent  by  comparing  the  Figures  4.27a  and  4.27b. 
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Figure  H.26  The  microstructures  of  a sample  containing  16.5  at.  % Ni 
solidified  in  a rotating  copper  cup:  (a)  nea  the  top  of 

the  ring,  £ = 10,000  K/s;  and  (b)  near  the  bottom,  •.  = 
6,000  K/s. 


130 


Figure  4.27  The  mierostructures  of  a sample  containing  22  at . % Ni 
solidified  in  the  rotating  copper  cup.  Notice  the 
difference  in  volume  fraction  of  the  Ni  A1  phase  (light 
colored  phase):  (a)  near  the  top  and  (5)  near  the  bottom 

of  the  ring. 
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The  cooling  rate  necessary  to  suppress  the  formation  of  the 
primary  depends  on  the  alloy  composition.  For  example,  16.5  at.  % Ni 
samples  solidified  at  20  K/s  contained  the  N^Al^  phase,  as  shown  in 
Figure  4.25a.  Increasing  the  cooling  rate  6 X 1 03  K/s  eliminated  the 
primary  phase,  shown  in  Figure  4.25c.  For  a sample  containing 
20  at . $ Ni,  the  elimination  of  primary  phase  required  a cooling  rate 
of  10^  K/s.  The  absence  of  the  primary  phase  is  evidenced  in  Figure 
4.28  by  the  a x-ray  diffraction  scan  showing  only  A1  and  NiAl ^ 
diffraction  peaks. 

For  samples  containing  between  27  and  50  at.  % Ni , the  first  phase 
to  solidify  is  NiAl,  followed  by  N^Al^  which  forms  via  the  peritectic 
reaction  involving  NiAl  and  liquid.  The  microstructure  of  samples 
containing  between  27  to  50  at.  % Ni  were  examined  as  polished  and  after 
etching.  As  polished  and  not  etched,  the  NiAl  and  NigAl^  are 
inseparable,  shown  in  Figure  4.29,  producing  a microstructure  that  is 
very  similar  to  samples  containing  between  15  and  27  at . % Ni . The 
electrochemical  etching  technique  described  earlier  was  able  to  bring 
out  the  N^Al^  and  NiAl  phase  boundary.  An  example  of  an  etched 
microstructure  is  shown  in  Figure  4.30,  where  the  central  portion  of  the 
dendrite,  marked  "A"  is  NiAl  and  the  outer  rim  marked  "B"  is  n^AI^. 

The  NiAl^  phase  is  labeled  "C."  The  figure  also  shows  that  only  the 
Ni 2AI 2 and  NiAl  phases  are  affected  by  the  etch;  the  NiAl^  phase  and  the 
NiAl-^-Al  eutectic  are  not  attacked  by  the  etchant.  Observations  from 
polished  sections  were  used  to  measure  the  combined  volume  fraction  of 
NiAl  and  Ni2A13  Phases • These  dendrites  are  rounded  and  similar  to 
samples  of  25  at . % Ni , shown  in  4.16,  which  were  also  solidified  as 
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Figure  ^4 . 28  A x-ray  diffraction  scan  for  a sample  containing  20  at . % Ni 
location  of  the  absent  Ni„AlQ  peaks  are  indicated  by  arrows . 
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Figure  *1.29  A typical  microstructure  of  a sample  containing  31.5  at. 

% Ni , shown  as  polished.  The  light  regions  are  composed 
of  NiAl  and  N^Al^. 
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Figure  4.30  The  etched  microstructure  of  a sample  containing  31. 5 at. 
% Ni  sample.  The  region  marked  "A"  is  NiAl , "B"  is 
Ni2Al3  and  "C"  is  NiAl^. 
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The  effects  of  cooling  rate  on  the  microstructure  of  samples 
containing  31.5  at.  % Ni  are  illustrated  in  Figures  4.31,  4.32,  4.33, 
4.34  and  4.35  for  cooling  rates  of  20,  600,  6 X 103,  2 X 10^  and 
10  K/s , respectively.  As  polished  changes  in  the  morphology  with 
increasing  cooling  rate  of  the  NiAl  and  N^Al^  phases,  when  treated  as  a 
unit,  were  similar  to  those  observed  in  25  at . % Ni  samples.  The  sample 
cooled  at  20  K/s,  shown  in  Figure  4.31,  contained  coarsened  dendrites. 
Subsequent  x-ray  analysis  indicated  the  sample  to  contain  NiAl, 

Ni^Aly  NiAl^  and  A1 . eutectic.  A cooling  rate  of  600  K/s  produced 
dendrites  containing  secondary  and  higher  order  branching  in  the  regions 
of  the  NiAl  and  Ni2Al^  phases.  The  dendrites  in  the  sample  were 
elongated  in  the  heat  flow  direction  producing  a columnar  structure. 
Quenching  a sample  containing  31.5  at.  % Ni  in  the  rotating  copper  with 
a cooling  rate  of  2 X 10^  K/s  further  refined  the  microstructure , 
producing  primary  dendrites  that  were  equiaxed  showing  no  evidence  of 
directionality  with  respect  to  the  heat  flow  direction,  Figure  4.34. 
Splat  cooling  with  a cooling  rate  of  10^  K/s  produced  a microstructure 
that  was  similar  to  those  found  in  samples  containing  25  at . % Ni.  The 
NiAl  and  N^Al^  phases  together  formed  either  a rosette  structure  or 
irregular  dendrites,  Figure  4.35.  The  similarities  between  samples 
containing  25  and  31.5  at.  % Ni  are  shown  by  comparing  Figures  4.35  to 
4.22;  the  later  figure  is  from  a sample  containing  25  at . % Ni 

c. 

solidified  at  10  K/s.  The  rosettes  appeared  to  radiate  from  a central 
point  and  there  was  no  evidence  of  columnar  growth  near  the  surface  of 
the  splat.  The  cooling  rate  of  the  splat  quenched  samples 
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Figure 


b 


.31  The  mierostructure  of  a sample  containing  3 1 . 5 at.  % Ni 
solidified  at  20  K/s:  (a)  as  polished  and  (b)  after 

etching. 
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Figure  4.32  The  microstructure  of  a sample  containing  31.5  at.  % Ni 
soldified  at  600  K/s  (a)  as  polished  and  (b)  after 
etching. 


138 


Figure  4.33  The  microstructure  of  a sample  containing  31.5  at.  % Ni 
solidified  at  6 X 103  k/s  (a)  a3  polished  and  (b)  after 
etching . 
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a 


b 

Figure  4.34  The  microstructure  of  a sample  containing  31. 5 at.  % Ni 
solidified  at  2 X 101*  k/s  (a)  as  polished  and  (b)  after 
etching. 


Figure  M.35  The  unetched  microstructure  of  a sample  containing 
31.5  at.  I Ni  solidified  at  105  K/s. 


was 


estimated  to  be  8 X 1 Cr  K/s  based  on  the  dendrite  arm  spacing  vs 
cooling  rate  curve  constructed  for  20  at . % Ni  samples. 

Etching  the  microstructures  did  not  show  the  character istic 
peritectic  rim  found  in  the  N^Al^/NiAl^  peritectic.  Instead,  the 
etched  regions  of  NiAl  and  N^Al^  in  sample  cooled  at  20  K/s  showed  a 
structure  illustrated  in  Figure  4.31B.  The  structure  shows  the 
presence  of  grain  boundaries  within  the  NiAl  + Ni2Al3  regions.  It  is 
uncertain  whether  these  are  grains  or  subgrains.  X-ray  diffraction 
analysis,  discussed  later,  confirmed  the  presence  of  NiAl  and 
N^Al^-  A grain  structure  was  also  observed  in  samples  cooled  at 
600  K/s  (Figure  4.32b)  except  the  grains  were  smaller,  generally  1 to 
3 microns  in  diameter.  The  grain  size  was  further  reduced  to 
approximately  1 micron  in  samples  cooled  at  6 X 10^  K/s  and  in  many 
instances  the  grains  were  either  too  small  to  be  seen  or  were  absent. 

For  the  samples  processed  in  the  100-m  drop  tube,  as  indicated 
earlier,  two  techniques,  electron  beam  and  electromagnetic  levitation, 
were  used  to  melt  samples.  The  microstructures  of  a 25  at.  % sample 
melted  using  the  electron  beam  showed  a wide  range  of  microstructures , 
illustrated  in  Figures  4.36  and  4.37.  In  one  case,  as  shown  in  Figure 
4.36,  a rosette  structure  of  the  N^Al^  phase  was  obtained  that  was 
very  similar  to  the  structure  found  in  the  splat  cooled  and  melt  spun 
samples.  The  rosettes,  shown  at  a higher  magnif ication  in  Figure 
4.36b,  varied  from  approximately  3 to  10  microns  in  diameter  and, 
within  each  rosette,  the  secondary  dendrite  arm  spacings  were 
approximately  0.5  microns.  X-ray  analysis  of  the  drop  tube  processed 
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Figure  4.36  The  microstructure  of  a sample  containing  25  at.  % Ni 
melted  using  electron  beam  and  solidified  in  the  100-m 
drop  tube:  (a)  the  rosette  structure  observed  in  some 

regions  of  sample  and  (b)  a higher  magnification  view  of 
the  rosettes. 
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Figure  4.37  A unique  microstructure  obtained  from  the  same  sample  as 
in  Figure  4.36  containing  25  at . % Ni  melted  using 
electron  bombardment  and  solidified  in  the  100-m  drop 
tube . 
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samples  showed  aluminum  to  be  present  in  the  microstructure , but  the 
rod  type  eutectic  of  NiAlg-Al  eutectic  was  not  found.  Instead 
aluminum  and  NiAl^  regions  were  found  between  the  rosettes  along  with 
a large  amount  of  porosity. 

In  a different  region  of  the  sample,  a microstructure  different 
from  those  described  previously  was  obtained,  as  shown  in  Figure 
4.37*  This  microstructure  consisted  of  a large  number  of  roughly 
spherical  particles  of  Ni^Al^  imbedded  in  NiAl^  matrix.  The  size  of 
the  Ni^Al^  particles  varied,  but  most  were  in  the  range  of  0.5  to  3 
microns  in  diameter.  Again  no  NiAl  -A1  eutectic  was  observed  and 
large  amounts  of  porosity  were  found. 

In  the  second  series,  melted  by  electromagnetic  levitation 
equipment  in  the  drop  tube,  a large  number  of  elongated  flakes 
approximately  100  pm  in  thickness  were  obtained.  The  unpolished, 
unetched  surface  of  the  flake  showed  a uniform  distribution  of  N^Al-^ 
particles  ranging  in  size  from  0.25  to  2 microns  in  diameter  in  NiAl^ 
matrix,  Figure  4.38a.  Angled  polishing  of  the  splat  flakes  revealed 
that  the  N^Al^  particles  were  confined  almost  exclusively  to  the 
surface  as  shown  in  Figure  4.38b.  In  this  figure,  the  portion  of  the 
sample  to  the  left  was  polished  while  the  right  side  remained 
unpolished.  The  N^Al^  is  almost  completely  absent  in  the  polished 
region.  The  NiAl^-Al  eutectic  was  not  observed  in  either  region, 
although  x-ray  diffraction  analysis  indicated  the  presence  of 
aluminum.  The  size  and  morphology  of  the  NiAl^  particles  in  this 
sample  were  very  similar  to  those  of  the  splat  cooled  samples,  as  can 
be  seen  by  comparing  Figures  4.38,  4.21  and  4.22. 
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Figure  4.38  The  microstructure  of  a 25  at . % Ni  sample,  melted  using 

electromagnetic  levitation  and  solidified  in  the  100-m  drop 
tube:  (a)  the  as  solidified  surface;  (b)  after  angle 
polishing;  the  left  side  was  polished  and  etched  while  the 
right  side  was  just  etched.  The  dark  band  running  up  the 
sample  is  a crack. 
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The  sample  with  31.5  at.  % Ni  which  was  melted  in  the  drop  tube 
using  electromagnetic  levitation  also  had  disintegrated  to  flakes 
approximately  150  microns  thick.  Thermal  data,  as  described  earlier, 
showed  only  a recalescence  at  the  bottom  of  the  tube  suggesting  that  the 
sample  remained  liquid  and  supercooled  during  the  entire  free  fall.  The 
microstructure  of  the  sample,  illustrated  in  Figure  4.39,  shows  the  same 
rosette  structure  as  that  in  Figure  4.35  for  the  splat  cooled  samples. 
The  rosettes  varied  from  2 to  6 microns  in  diameter.  The  dendrites  arm 
spacings  within  the  rosettes  were  between  0.25  and  0.33  microns, 
indicating  a cooling  rate  of  2 X 10^  K/s  during  solidification. 

The  microstructure  of  a sample  containing  41  at.  % Ni  melted  using 
electromagnetic  levitation  and  solidified  in  the  drop  tube  was  different 
from  the  25  and  31.5  at.  % Ni  alloys.  Instead  of  thin  flakes,  roughly 
spherical  particles  60  to  200  microns  in  diameter  were  obtained  as  shown 
in  Figure  4.40.  It  appears  that  the  sample  was  in  the  solid  and  liquid 
range  when  it  hit  the  bottom  of  the  tube  and,  upon  impact,  the  sample 
shattered  because  the  remaining  liquid  at  the  grain  boundaries  could  not 
maintain  the  cohesiveness  of  the  sample.  Thermal  data  from  the  silicon 
detectors  did  not  show  evidence  of  a phase  transformation . It  is 
possible  that  solidification  had  started  just  after  release  and 
continued  during  the  4.5  seconds  of  free  fall.  The  possibility  exists 
that  the  sample  was  not  entirely  molten  before  dropping.  The  release 
temperature  is  unknown  because  of  equipment  problems. 
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Figure  4.39  The  microstructure  of  a sample  containing  31.5  at.  % Ni 

melted  using  electromagnetic  levitation  and  solidified  in 
a 100-m  drop  tube. 


Figure  4.40  The  morphology  of  the  particles  obtained  from  a sample 

with  41  at.  % Ni  melted  using  electromagnetic  levitation 
and  solidified  in  the  100-m  drop  tube. 


Microstructures  of  Samples  Isothermally  Coarsened 
Prior  to  Quenching 

Alloys  with  25  and  31.5  at.  % Ni  were  selected  to  study  the 
effect  of  surface  area  of  the  primary  phase  on  the  amount  and 
morphology  of  the  peritectic  phase.  To  achieve  this,  the  samples  were 
held  30  K above  the  peritectic , isotherm  for  times  ranging  from  a few 
seconds  to  400  seconds,  then  quenched  through  the  peritectic  at  20, 

600  or  6 X 10  K/s  cooling  rate. 

Considering  first  samples  containing  25  at . % Ni , the  micrographs 
in  Figure  4.41  represent  the  microstructure  after  (a)  20  seconds,  (b) 

1 minute  and  (c)  4 minutes  of  isothermal  holding.  After  20  seconds  of 
holding,  the  Ni2Alg  dendritic  structure  has  broken  down  into  a large 
number  of  isolated  irregular  islands,  Figure  4.4la.  As  the  holding 
time  is  increased  to  1 minute,  the  primary  phase  have  coarsened,  and 
become  rounded  with  recognizable  facets,  Figure  4 . 4 1 b . After  4 
minutes,  appreciable  particle  coalescence  has  occurred,  shown  in 
Figure  4.4lc.  Examination  in  the  transmission  electron  microscope 
showed  that  the  Ni2Al^  phase  contained  low  energy  dislocation 
networks,  illustrated  in  Figures  4.42,  which  define  subgrains  within 
the  Ni2Al2  phase.  The  Kikuchi  pattern  within  these  subgrains,  shown 
in  Figure  4.43,  gave  sharp  and  well  defined  lines,  indicating  regions 
with  high  crystal  perfection. 

The  NiAl^  phase,  whose  nucleation  and  growth  kinetics  are 
governed  by  the  quenching  rate  after  isothermal  holding,  showed 
similar  trends  in  morphology  and  scale  as  those  observed  in  the  liquid 
quenched  samples.  As  shown  in  Figure  4.44  in  the  region  marked  "A," 


Figure  4.41  Microstructure  of  samples  containing  25  at . % Ni  held  for 
(a)  20  seconds,  (b)  1 minute  and  (c)  4 minutes  at  1150  K 
prior  to  quenching  at  20  K/s . The  1-cm  bar  represents 
50  pm  in  (a)  and  (c)  and  33  ym  in  (b). 
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Figure  4.42  Low  energy  dislocation  networks  formed  in  Ni2Alo  of  a 

25  at . % Ni  sample  isothermally  coarsened  for  4 minutes 
prior  to  quenching  at  600  K/s.  The  1-cm  bar  of  the  photo 
represents  1370  A. 
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Figure  4.43  A Kikuchi  diffraction  pattern  taken  from  within  the 

subgrains  of  Figure  4.42.  Note  the  well  defined  pattern 
indicating  high  crystal  perfection. 
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Figure  4.44  The  microstructure  of  a sample  containing  25  at.  % Ni 

solidified  at  600  K/s  after  isothermal  hold  for  2 minutes 
at  1150  K.  Note  that  despite  the  curvature  of  the  NipAlo 
phase,  the  fast  growth  directions  of  NiAl,  remain 
parallel  to  each  other.  ^ 


the  NiAl^  cells  which  have  nucleated  on  the  rounded  Ni^l^  particles 
and  grown  during  quenching  at  600  K/s  all  appear  to  be  orientated  in 
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the  same  direction  regardless  of  the  curvature  of  the  Ni^Al^  phase. 

An  orientation  relationship  between  Ni^l^  and  NiAl^  as  illustrated 
by  the  alignment  of  the  NiAl^  cells  on  rounded  particles  of  Ni2Al3- 
The  fast  growth  directions  of  the  NiAl^  cells,  indicated  by  the  apex 
of  the  intersecting  faceted  faces,  are  parallel  to  each  other  despite 
the  curvature  of  the  Ni^Al^.  Note  that  in  the  region  marked  "A,"  the 
facets  on  the  NiAl^  cells  all  meet  at  an  angle  of  60°. 

The  NiAl^-Ni^l^  interface,  shown  in  Figure  4.45,  revealed  that 
three  phase  contact  between  the  liquid,  NiAl 3 and  the  Ni^l^  phases 
was  maintained  until  the  last  liquid  solidified.  In  the  region  of  the 
three  phase  contact,  a groove  developed  in  the  Ni2Al^  shown  in  Figure 
4.46a  which  coincides  with  the  NiAl^  cell  boundaries.  The  grooving  of 
the  Ni^l^  phase  is  shown  in  greater  detail  in  Figure  4.46b  which  was 
taken  from  a sample  examined  using  the  transmission  electron 
microscope.  In  this  figure  a groove  has  developed  in  the  Ni 2A1^  phase 
at  the  junction  between  two  NiAl ^ cells.  The  NiAl^  cells  have 
subsequently  grown  together  to  produce  a continuous  rim;  no  eutectic 
is  present  in  the  microstructure . 


Holding  below  the  peritectic  isotherm  causes  coarsening  and 
coalescence  of  the  peritectic  phase,  but  individual  cells  of  NiAl  3 can 
still  be  delineated  and  there  is  still  evidence  of  three-phase  contact 
between  the  liquid,  the  Ni^l^  and  the  NiAl^  phases.  This  is 
illustrated  in  Figure  4.47  for  a sample  with  25  at . % Ni  which  was 
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Figure  4.45  The  morphology  of  the  N^Al^/NiAlo  interface  showing 
three-phase  contact  between  the  N^AIq,  NiAl,  and  A1 
phases  in  samples  containing  25  at.  % Ni:  (a)  quenched 

at  600  K/s  and  (b)  quenched  at  6000  K/s. 
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Figure  4. 46  (a)  A close  up  of  the  region  of  Ni  A1  , NiAl  and  A1 

showing  the  formation  of  a groove  in  t^he  Ni  ^1  phase, 
(b)  A similar  region  examined  in  transmission  Electron 
microscopy,  where  the  1-cm  bar  on  the  photo  represents  1 
micron. 
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Figure  4.47  The  microstructure  of  a sample  containing  25  at.  % Ni 
held  for  1 minute  at  1073  (55  K below  the  peritectic 
isotherm)  and  quenched  at  20  K/s. 
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held  at  1073  K (55  K below  the  peritectie  isotherm),  for  1 minute 
before  being  quenched  at  20  K/s. 

The  microstructure  of  a sample  containing  31.5  at.  % Ni  held  in 
the  NiAl  + liquid  region  and  quenched  were  also  studied  using 
transmission  electron  microscopy  in  addition  to  being  examined  as 
polished  and  after  etching. 

The  effects  of  cooling  rate  on  the  morphology  of  the  NiAl-Ni2Al3 
regions  after  2 minutes  of  holding  at  14140  K are  shown  in  Figure  4.48, 
for  samples  quenched  at  20,  600  and  6 X 103  K/s.  Note  that  the  Ni2Al3 
conforms  to  the  NiAl  phase  boundaries  without  breakdown  of  the  solid- 
liquid  interface  in  the  sample  cooled  at  20  K/s  while  interface 
breakdown  has  caused  the  Ni2Al3  phase  to  appear  cellular  in  samples 
quenched  at  600  and  6 X 10^  K/s.  The  spacing  of  these  cells  is  a 
function  of  the  cooling  rate  after  isothermal  annealing;  the  samples 
quenched  at  6 X 10^  K/s  has  the  finest  spacing  of  approximately  4 
microns  compared  with  7 ± 1 microns  for  the  sample  quenched  at 
600  K/s.  The  morphology  of  the  NiAl  plus  Ni^Al^  regions  depends  not 
only  on  the  coarsening  time,  but  also  on  the  cooling  rate  after 
holding. 

For  a constant  quenching  rate,  the  effects  of  holding  time  in  the 
NiAl  + liquid  region  on  an  alloy  containing  31.5  at.  % Ni  are 
illustrated  in  Figure  4.49  for  samples  held  for  1,  2 and  3 minutes 
prior  to  quenching  at  20  K/s.  As  was  the  case  for  samples  containing 
25  at . % Ni , holding  time  in  the  liquid  plus  solid  region  caused 


gure  4.48  The  miorostructures  of  samples  containing  31.5  at.  % Ni 

held  for  2 minutes  at  1440  K (30  K above  T ) and  quenched 
at  (a)  20,  (b)  600  and  (c)  6 X 103  K/s . p 
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Figure  H.M9  The  microstructure  of  samples  containing  31.5  at.  % Ni 
held  for  (a)  1,  (b)  2 and  (c)  3 minutes  prior  to 
quenching  at  20  K/s . 
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Figure  4.50  The  etched  microstructure  of  the  sample,  shown  in  Figure 
4.49a,  containing  31. 5 at.  % Ni  held  for  1 minute  at 
1440  K and  quenched  at  20  K/s. 
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coarsening  and  agglomeration  of  the  properitectic  phase.  The  NiAl  is 
a nonfacet  forming  phase  and  therefore  facets  were  not  found. 

The  raicrostructure  of  a sample  containing  31.5  at.  ? Ni,  held  for 
1 minute  at  1440  K and  quenched  at  20  K/s,  shown  as  polished  in  Figure 
4.49a  and  as  etched  in  Figure  4.50,  did  not  show  a peritectic  rim. 
Subsequent  x-ray  diffraction  showed  the  presence  of  the  NiAl  and 
Ni2Al^  phases,  as  did  transmission  electron  microscopy. 

Examination  of  a sample  quenched  at  600  K/s  after  holding  at 
1440  K for  1.5  minutes  revealed,  in  the  region  marked  "A"  in  Figure 
4.51a,  the  presence  of  the  peritectic  rim.  The  peritectic  rim  was 
clearer  in  a sample  held  for  2 minutes,  shown  in  Figure  4.51b,  and 
after  5 minutes  of  holding  the  peritectic  rim  is  well  defined,  shown 
in  Figure  4.51c.  The  microstructure  of  a sample  quenched  at 
6 X 10^  K/s  after  holding  for  1 minutes  is  shown  in  Figure  4.52a.  The 
peritectic  rim  is  evident  and  is  marked  at  "A."  Holding  for  3 minutes 
followed  by  quenching  gave  the  most  distinct  boundary  between  the  NiAl 
and  Ni2Al2  phases,  shown  in  Figure  4.52b. 

The  polishing  and  etching  technique  was  the  same  throughout  the 
investigation,  yet  considerable  variation  was  obtained  in  the  ability 
to  locate  the  phase  boundary  between  NiAl  and  N^Al^-  The  ability  to 
separate  the  two  phases  was  dependent  on  both  the  annealing  time  and 
the  subseqent  cooling  rate.  The  distinction  between  NiAl  and 
Ni^Al^  showed  up  best  in  the  samples  held  for  longer  periods  of  time 
in  the  liquid  + solid  region  and  quenched  at  6 X 10  K/s. 
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Figure  4.51  The  etched  microstructure  of  samples  containing  31.5  at. 

% Ni  held  for  (a)  1.5,  (b)  2 and  (c)  5 minutes  at  1440 
prior  to  quenching  at  600  K/s. 


167 


Figure  4.52  The  etched  microstructure  of  samples  containing  31.5  at. 

% Ni  held  for  (a)  1 and  (b)  3 minutes  at  1440  prior  to 
quenching  at  6 X 103  K/s. 
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The  microstructure  of  a sample  containing  31.5  at.  % Ni 
isothermally  held  at  1440  K for  2 minutes,  solidified  at  20  K/s  and 
examined  in  the  transmission  electron  microscope  is  shown  in  Figure 
4.53.  This  is  the  same  sample  that  was  shown  in  Figure  4.48a.  The 
central  portion  of  the  dendrite  corresponds  to  NiAl,  next  is  a 2 
micron  layer  of  Ni2Al3  followed  by  NiAl^ . The  NiAl  -A1 
eutectic  has  been  etched  away  and  therefore  does  not  appear  in  the 
photograph . 

A noticeable  feature  in  the  microstructure  was  the  abrupt 
transistion  from  regions  of  low  dislocation  density  to  regions  of  high 
dislocation  density,  as  illustrated  in  Figure  4.54.  Diffraction 
patterns  taken  from  the  region  with  low  dislocation  density  could  be 
indexed  using  only  the  N^Al^  unit  cell.  Patterns  from  the  regions 
with  high  dislocation  density  could  be  indexed  using  either  N^Al^  or 
an  ordered  NiAl . The  compositional  analysis  conducted  using  an  energy 
dispersive  spectrometer  (EDAX)  in  the  TEM  showed  that  the  composition 
in  the  regions  with  a low  dislocation  density  was  41.0  ± 1 at.  % Ni 
compared  to  44.5  ± .5  at.  % Ni  in  the  regions  of  high  dislocation 
density.  It  is,  therefore,  believed  that  the  low  dislocation  density 
regions  are  Ni2Al^  whereas  the  other  region  corresponds  to  NiAl. 

Furthermore  in  the  region  of  high  dislocation  density,  numerous 
stacking  faults  were  also  present  that  either  ran  parallel  to  each 
other,  shown  in  Figure  4.55a  or  formed  a tangled  random  array,  shown 
in  Figure  4.55b.  In  regions  where  the  stacking  faults  were  roughly 
parallel,  each  fault  extended  almost  the  length  of  the  crystal.  These 
parallel  stacking  faults  either  originated  from  dislocations  within 
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Figure  4.53  A sample  containing  31-5  at.  % Ni,  examined  in  the 

transmission  electron  microscope.  The  1-cm  bar  on  the 
photograph  represents  1.33  microns. 
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Figure  4.54  A transmission  electron  micrograph  taken  from  the  sample 
as  Figure  4.54  showing  a transition  from  regions  of  high 
dislocation  density  shown  at  A,  to  low  dislocation 
density  shown  at  B.  The  1-cm  bar  on  the  photograph 
represents  1 micron. 


171 


Figure  M.55  The  stacking  faults  found  in  the  region  with  high 

dislocation  density  in  the  sample  containing  31.5  at. 

% Ni:  (a)  stacking  faults  parallel  to  each  other  and  (b) 

in  a random  array.  The  1-cm  bar  on  the  photographs 
represents  .5  microns  in  (a)  and  .2  microns  (b). 
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the  crystal,  shown  in  Figure  4.56a,  or  emanated  directly  from  the 
grain  boundary  (Figure  4.56b). 

Trace  analysis  conducted  to  determine  the  orientation  of  the 
stacking  faults  showed  that  in  the  regions  where  the  stacking  faults 
were  parallel  to  each  other,  the  habit  plane  is  the  (100)  of  the 
NiAl.  The  diffraction  pattern  from  the  region  of  parallel  stacking 
faults  had  intense  spots  that  were  indexed  using  the  NiAl  unit  cell, 
shown  in  Figure  4.57.  In  addition,  there  were  very  faint  spots  which 
had  split  in  one  direction  that  could  not  be  indexed  as  NiAl.  The 
origin  of  the  extra  spots  and  their  implication  on  the  ordering  of  the 
NiAl  superlattice  are  discussed  later. 

Electron  diffraction  patterns  were  used  to  investigate  the 
orientation  relationship  between  NiAl  and  Ni2Al2.  The  orientation 
relationship  is  expressed  as  a pair  of  parallel  planes  rotated  in 
particular  directions.  The  parallel  planes  correspond  to  diffraction 
spots  on  a common  radius  from  the  central  spot,  while  the  directions 
correspond  to  the  incident  beam  direction.  A diffraction  pattern 
taken  from  the  Ni2Al3  region  is  shown  in  Figure  4.58.  A diffraction 
pattern  from  the  NiAl  unit  cell  under  the  same  conditions  is  shown  in 
Figure  4.59.  Figure  4.60  is  a convergent  beam  diffraction  pattern 
showing  that  the  beam  direction  was  not  exactly  parallel  to  the  zone 
axis  of  the  NiAl.  The  misorientation  represents  a rotation  of  1.3° 
about  the  100  plane  of  NiAl.  A diffraction  pattern  taken 
simultaneously  from  NiAl  and  Ni^l^  is  shown  in  Figure  4.61. 

Comparing  Figure  4.61  to  Figures  4.58  and  4.59  shows  the  overlap  of 
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Figure  4.56  The  stacking  facults  shown  originating  from  (a) 

dislocations  or  (b)  directly  from  grain  boundaries.  The 
1-cm  bar  on  the  photograph  represents  .5  microns  in  (a) 
and  ( b ) . 
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Figure  4.57  A diffraction  pattern  taken  from  a region  with  parallel 
stacking  faults. 
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Figure  4.58 


(a)  A diffraction  pattern  taken  from  Ni  A1  and  (b)  the 
indexed  diffraction  pattern.  ^ ^ 
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Figure  4.59  (a)  A diffraction  pattern  taken  from  NiAl  under  the  same 

tilt  conditions  and  (b)  the  indexed  pattern. 
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Figure  4.60  A convergent  beam  electron  diffraction  pattern  taken  from 
the  NiAl  phase.  Note  that  the  beam  direction  does  not 
correspond  to  the  zone  axis. 
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Figure  4.61  (a)  A diffraction  pattern  taken  from  the  NiAl  and  Ni  A1 

interface  region,  (b)  The  indexed  diffraction  patte^ns^ 
from  the  two  phases . 
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diffraction  spots  from  the  NiAl  and  Ni^l^  phases.  The  spots  which 
are  coincident  or  on  the  same  radius  from  the  central  spot  are  used  to 
express  the  orientation  relationship  between  NiAl  and  N^Al^. 


Surface  Area  Measurements 

Quantitatively,  the  evolution  of  primary  phase  microstructure  can 
be  described  by  changes  in  its  surface  area  (Sv)  with  respect  to 
solidification  time  (t).  The  solidification  time  of  the  primary  phase 
reflects  the  time  a sample  is  between  its  liquidus  and  the  peritectic 
temperature.  In  isothermally  held  samples,  this  includes  the  cooling 
time  to  the  holding  temperature,  the  holding  time  and  the  subsequent 
cooling  time  to  the  peritectic  temperatures.  For  samples  quenched  all 
liquid,  the  solidification  time  is  estimated  from  the  temperature 
difference  between  the  liquidus  and  the  peritectic  isotherm  divided  by 
the  cooling  rate. 

Table  4.5  summarizes  the  solidification  time  and  the  measured 
surface  area  of  Ni^Al^  per  unit  volume  of  sample  for  alloys  containing 
between  16  to  25  at . % Ni . 


In  Al-31.5  at.  $ Ni  samples,  isothermal  coarsening  was  conducted 

in  the  NiAl  plus  liquid  region  at  approximately  1440  K using  the  same 

procedures  as  those  used  in  the  25  at . % Ni  alloy.  Table  4.6 

summarizes  the  holding  time,  the  surface  area  of  the  NiAl  plus  Ni  A1 

2 3 

phases,  and  the  subsequent  cooling  rate.  Table  4.5  shows  that  the 
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Table  4.5 

Surface  area  of  Ni^Al^  per  unit  volume  of  sample, 
from  samples  containing  between  16  to  25  at . % Ni . 


Sample 

Ni2Al3 

Solidification 
Time,  s 

Surface  Area 
Sy , cm^/cm^ 

20  DS1 

0.5 

478 

20  DS2 

1.5 

563 

20  DS3 

3.9 

472 

20  DS4 

6.0 

327 

25  HE1 

40 

740 

25  HE2 

48 

710 

25  HE 3 

54 

670 

25  HE  4 

57 

630 

25  HE5 

146 

740 

25  HE  6 

255 

640 

25  HE7 

374 

530 

25  WA 1 

0.39 

2640 

25  WA2 

8 

1520 

25  WA3 

26 

1090 

25  WA4 

26 

800 

25  WA5 

36 

800 

25  WA6 

90 

630 

25  WA7 

• 160 

510 

25  WA8 

216 

610 

25  WA9 

230 

580 

25  Pb  1 

0.039 

2300 

25  Pb2 

8 

1580 

25  Pb3 

10 

1040 

25  Pb4 

24 

730 

25  Pb5 

48 

570 

25  Pb6 

93 

450 

25  Pb7 

168 

510 

25  Pb8 

250 

540 

25  Pb9 

270 

450 

25  Pbl 0 

300 

500 

25  Pbl 1 

420 

470 

25  Cul 

0.0245 

3770 

25  Spl 

0.00245 

8010 
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Table  4.6 


Surface  area 

of  the  NiAl  + 

Ni2Alg  phases 

from 

samples 

containing  31 

.5  at . % Ni  . 

Solidification  Time 

, 3 

Surface  Area 

Sample 

NiAl 

Ni^l. 

Total 

2 ? 
cm  /cmJ 

31  .5  He  1 

1 1 

14 

25 

520 

31  .5  He2 

60 

14 

74 

480 

31  .5  He3 

120 

14 

134 

480 

31 .5  He  4 

180 

14 

194 

390 

31 .5  WA1 

• 37 

.46 

.83 

270 

31  .5  WA2 

90 

.46 

90.5 

31-5  WA3 

120 

.46 

120.5 

740 

31.5  WA4 

300 

.46 

300.5 

910 

31  .5  Pbl 

.037 

.05 

.087 

3830 

31  .5  Pb2 

60 

.05 

60 

1210 

31  .5  Pb3 

120 

.05 

120 

1000 

31.5  Pb4 

180 

.05 

180 

1070 
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surface  area  of  Ni2Alg  per  unit  volume  of  sample  decreases  with 
holding  time.  The  extent  of  the  decrease  is  shown  by  comparing  the 
surface  area  of  Ni2Al^  per  unit  volume  of  a sample  containing 
25  at.  % Ni  that  was  continuously  cooled  (Sv  = 2640  cm2/cm^)  to  a 
sample  of  the  same  composition  held  for  230  seconds  (sv  = 

580  cm^/cm^) . 


Volume  Fraction  Measurements 

The  volume  fraction  of  the  constituent  phases  were  measured  using 
two  techniques,  x-ray  diffraction  and  image  analysis.  The  volume 
fractions  determined  by  x-ray  diffraction  were  calculated  from 
standard  curves  which  were  constructed  from  samples  of  known  volume 
fractions.  The  standard  curves  represent  the  ratio  of  the  measured, 
integrated  intensities  of  the  diffraction  peaks  corrected  for 
structure  factor,  temperature  factor  and  the  Lorentz  polarization 
factor.  The  calculated  correction  factor  and  the  raw  data  for  the 
construction  of  the  calibration  curves  are  summarized  in  Appendix  B. 

The  volume  fractions  of  the  NijAl^,  NiAl^  and  A1  phases  as 
determined  by  x-ray  analysis  of  samples  containing  between  16.5  to 
27  at.  % Ni  are  summarized  in  Table  4.7.  The  corrected  integrated 
intensities,  the  summed  integrated  intensities  are  given  in  Appendix  C 
for  the  A1  and  Ni^l^  phases  and  in  Appendix  D for  the  NiAl^  phase. 

The  volume  fraction  ratios  are  given  in  Appendix  E.  In  addition  to  x- 
ray  diffraction,  quantitative  image  analysis  was  used  to  determine  the 
volume  fraction  of  the  phases  present.  These  results  are  summarized 
in  Table  4.8  for  samples  containing  between  16.5  and  27  at . % Ni . 
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Table  4.7 

The  volume  fraction  of  Ni2Al3,  NiAl^  and  eutectic  as  determined 
by  x-ray  analysis  of  samples  containing  between  16  to  27  at . % Ni - 


Sample 

Volume  Fraction 

Ni2Al3 

NiAl3 

Eutectic 

16.5  CU1 

0 

.65 

.36 

16.5  SP 1 

0 

.63 

• 37 

20  DS1 

• 09 

.68 

.24 

20  DS2 

.13 

.61 

.26 

20  DS3 

.17 

.59 

.24 

20  DS4 

.13 

.65 

.22 

20  CU1 

.27 

.49 

.24 

20.3  SP 1 

0 

.81 

.19 

21 .9  CU 1 

.34 

.44 

.22 

22  SP  1 

.03 

.96 

.03 

25  HE1 

.35 

.46 

.19 

25  HE2 

.42 

.42 

.17 

25  HE3 

.37 

.43 

.20 

25  HE4 

.38 

.41 

.21 

25  HE5 

.46 

• 38 

.15 

25  HE  6 

• 36 

.42 

.22 

25  HE6* 

.46 

• 36 

.18 

25  HE7 

.48 

.35 

.17 

25  WA2 

.44 

.38 

.19 

25  WA3 

.50 

.31 

.19 

25  WA4 

.47 

• 33 

.20 

25  WA5 

.49 

.33 

.19 

25  WA6 

.34 

.43 

.24 

25  WA7 

.38 

.40 

.22 

25  WA8 

.44 

• 35 

.21 

25  WA9 

.51 

.32 

.18 

25  CU1 

.42 

.41 

. 1 6 

25  SP  1 

.21 

.70 

.09 

25  DTI 

.16 

.83 

.01 

* Sample  was  reground. 


184 


Table  4.8 

Volume  fraction  of  the  Ni^l^  and  NiAl^  phase  and  eutectic 
as  determined  by  image  analysis  from  samples  containing 
between  16  to  27  at . % Ni . 


Sample 

Volume  Fraction 

Ni2Al3 

NiAl3 

Eutectic 

25  HE1 

.33 

.43 

.24 

25  HE3 

.37 

.39 

.23 

25  HE4 

.48 

.31 

.21 

25  HE5 

.44 

.29 

.27 

25  WA 1 

.40 

.36 

.24 

25  WA2 

.44 

.30 

.26 

25  WA3 

.47 

.26 

.28 

25  WA6 

.42 

.30 

.29 

25  WA7 

.47 

.25 

.25 

25  WA9 

.48 

.24 

.28 

25  Pb  1 

.32 

.49 

.19 

25  Pb2 

• 31 

.44 

.26 

25  Pb3 

• 38 

.40 

.22 

25  Pb4 

• 38 

.40 

.23 

25  Pb5 

.46 

• 30 

.24 

25  Pb6 

.49 

.26 

.25 

25  Pb7 

.46 

.25 

.29 

25  Pb8 

.53 

.31 

.16 

25  Pb9 

.54 

.24 

.22 

25  Pbl 0 

.43 

.33 

.24 

25  Pbl  1 

.52 

.26 

.22 

25  CU1 

.28 

.53 

.19 

25  SP1 

.13 

. 66 

.21 
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For  samples  containing  27  to  50  at . % Ni  an  additional  phase, 
NiAl,  can  be  present  in  the  microstructure.  The  volume  fractions  of 
NiAl,  Ni2Al3,  NiAl^  and  A1  phases  as  determined  by  x-ray  analysis  are 
summarized  in  Table  4.9.  The  corrected  integrated  intensities,  the 
summed  integrated  intensities  are  summarized  in  Appendix  F for  the  A1 
and  NiAl  + Ni2Al3  phase  and  in  Appendix  G for  the  NiAl^  phase.  The 
volume  fraction  ratios  are  summarized  in  Appendix  H.  The  volume 
fractions  of  NiAl  plus  Ni2Al3,  NiAl^  and  NiAl^Al  eutectic  (including 
porosity)  as  determined  by  image  analysis  are  summarized  in  Table  4.10 
for  samples  containing  27  to  50  at . % Ni . 

Precise  values  (±0.005  degrees  of  two  theta)  of  the  maximum  peak 
intensity  could  be  obtained  for  the  Ni2Al3  and  NiAl^  phases,  which 
were  converted  to  an  interplannar  spacing  using  equation  3.2.  The 
values  of  the  interplannar  spacing  of  the  NiAl^  111,  210,  230  and  202 
planes  are  summarized  in  Table  4.11  from  the  JCPDS  card  file,  the 
annealed  standards  and  the  samples  quenched  from  the  liquid.  Table 
4.11  also  summarizes  the  data  for  the  103  plane  of  Ni2Al3  phase.  The 
values  reported  for  the  annealed  standards  represent  the  average  and 
standard  deviation  of  eight  determinations  for  the  NigAl^  peaks  and  16 
for  the  NiAl^  peaks.  The  annealed  standards  and  the  samples  quenched 
all  liquid  showed  no  deviation  in  the  interplannar  spacings  from  the 
JCPDS  file.  This  shows  that  suffer saturation  of  the  Ni2Al3>  NiAl 3 and 
A1  phases  is  not  occurring  nor  are  there  metastable  phases  present. 
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Table  4.9 

Volume  fraction  of  NiAl,  Ni^l^,  NiAln  and  A1  as  determined 
by  x-ray  analysis  for  samples  containing  between  27  to  50  at.  % Ni . 


Sample 

NiAl 

Ni2Al3 

NiAl3 

Eutectic 

27.1  SP 1 

.20 

.40 

.31 

.10 

27.3  CU 1 

.13 

.43 

. 36 

.09 

29.7  SP 1 

.29 

• 39 

.26 

.06 

31 .5  HE  1 

.05 

.58 

.35 

.02 

31 .5  HE4 

.27 

.42 

.28 

.03 

31 .5  WA 1 

.10 

.61 

.24 

.05 

31 .5  WA2 

.18 

.52 

.24 

.07 

31  .5  WA4 

.23 

.46 

.24 

.08 

31 .5  CU1 

.10 

.62 

.25 

.04 

31.5  SP 1 

.24 

.46 

.31 

tr 

31 .5  DTI 

.15 

.50 

.35 

0. 

34.1  CU 1 

.17 

.67 

.14 

.01 

35.8  SP1 

.20 

.70 

.10 

0 

37.8  SP 1 

.19 

.77 

.04 

0 

40.8  CU1 

.54 

.43 

.03 

0 

41.0  SP 1 

.23 

.77 

0 

0 

50.0  CU1 

1 .00 

0 

0 

0 

tr  = trace  (<  .01) 
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Table  4.10 

Volume  fractions  as  determined  by  image  analysis 
for  samples  containing  31.5  at.  % Ni . 


Sample 

NiAl  + N i 2AI ^ 

NiAl3 

Eutectic 

31  .5  HE1 

.52 

• 36 

.12 

31 .5  HE2 

.64 

.26 

.10 

31 .5  HE  3 

.74 

.20 

.07 

31 .5  HE4 

.71 

.24 

.05 

31.5  WA1 

.61 

• 30 

.10 

31  .5  WA2 

.65 

.25 

.10 

31  .5  WA3 

• 70 

.21 

.09 

31 .5  WA4 

.69 

.16 

.15 

31.5  Pbl 

.46 

.42 

.12 

31  .5  Pb2 

.60 

• 30 

.11 

31.5  Pb3 

.68 

.20 

.12 

31 .5  Pb4 

.71 

.17 

.12 

31  .5  Cul 

.40- 

.43 

.17 
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Table  4.11 

Interplannar  spacing  for  various  phases 
of  Ni^l^  and  NiAl^ 


Sample 

Interplannar 

Spacing,  A 

1 1 1 

NiAl0, 

210 

hkl 

230 

202 

Ni 2A1^ 
103 

JCPDS  file  [37Bra1 ] 

3.44 

3.01 

1 .97 

1.93 

1.484 

Anneal  Standards 

3.44 

3.02 

1.972 

1.929 

1.482 

±.02 

±.01 

±.004 

±.004 

±.003 

20  SP 1 

3.44 

3.02 

1.974 

1.931 

ab 

25  SP  1 

3.43 

3.00 

1 .974 

1.926 

1.483 

25  DTI 

3.43 

3.01 

1.970 

1.926 

1.480 

ab  = absent 


CHAPTER  FIVE 
DISCUSSION 

The  Effects  of  Cooling  Rate  on  the  Morphology 
of  the  Constituent  Phases 

The  Primary  Phase  Spacing 

The  influence  of  cooling  rate  on  the  dendrite  arm  spacing  in 

directionally  solidified  samples  was  investigated  for  alloys 

containing  10  and  20  at . % Ni.  For  the  former  alloy,  the  first  phase 

to  solidify  is  NiAl^  followed  by  the  NiAl^'Al  eutectic,  while  for  the 

latter,  NigAl^  solidifies  first,  followed  by  the  peritectic  NiAl^ 

phase  and  finally  the  NiAl^-Al  eutectic.  The  measured  dendrite  arm 

spacing  as  function  of  cooling  rate,  as  shown  in  Figure  4.8,  is 
. - . SR 

proportional  to  e . The  error  bars  in  the  present  study  reflect 
the  uncertainties  in  the  regression  fit  to  the  data  points.  The 
source  of  the  errors  and  their  estimation  are  discussed  in  a later 
section  devoted  to  error  analysis.  The  general  trend  of  the  data  is 
in  agreement  with  those  of  other  studies  done  on  Fe-25  wt . % Ni 
[70Fle]  and  Al-4.5  wt . % Cu  [86Sar]. 

The  secondary  dendrite  arm  spacing  (DAS)  of  NiAl^  as  a function 
of  cooling  rate  was  also  determined  by  Brooks  et  al . [82Bro]  for  an 
alloy  with  15  at.  % Ni.  The  results  of  Brooks  et  al . [82Bro]  are 
compared  with  those  of  the  present  study  in  Figure  5.1.  Brooks  et  al . 
[82Bro]  did  not  give  specific  values  for  the  DAS,  instead  ranges  of 
values  were  given  as  indicated  by  the  boxes  in  the  Figure  5.1. 
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Figure  5.1  The  log  secondary  dendrite  arm  spacing  of  the  primary  phase  as  the  log  cooling  rate, 
included  are  the  data  of  Brooks  et  al . [82Bro], 
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Nevertheless , the  slopes  of  the  present  NiAl^  and  Ni^Al^  data  and  that 
of  Brooks  et  al . [82Bro]  are  approximately  the  same,  despite 
differences  in  composition  and  phase. 

The  change  in  the  dendrite  arm  spacing  with  respect  to 
solidification  time  has  been  studied  by  Kattamis  and  Flemings  [65Kat] 
and  Kurz  and  Fisher  [86Kur].  The  equation  developed  by  Kurz  and 
Fisher  [86Kur]  is  given  as 


DAS  = 5.5  M’33tf'33 


5.1 


with  M = 


-T  Dl  ln(^— ) 
o 

m( 1 - k)(C.  - C ) 
1 o 


where  r = the  Gibbs-Thompson  coefficient 
= diffusivity  of  the  liquid 
m = the  slope  of  the  liquidus 
k = the  solute  distribution  coefficient 
CQ  = the  initial  composition 
C-^  = the  final  liquid  composition 
tj.  = the  solidification  time. 

The  solidification  time,  t^.,  can  be  rewritten  as  T^  - Tg/e  where 
Tj_  is  the  liquidus  and  Te  is  the  temperature  at  which  the  last  liquid 
solidifies.  Equation  5.1  can  be  rewritten  as 


DAS  = Ke 


-.33 


5.2 
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. 88 

where  K equals  5.5  M . Note  that  equations  5.1  and  5.2  predict  that 

- 88 

the  secondary  arm  spacing  should  be  proportional  to  e , in 
agreement  with  the  experimental  observations. 

In  the  model  presented  by  Kurz  and  Fisher  [86Kur]  the  change  of 
two  cylindrical  dendrite  arms  of  radii  R and  r are  considered  as  a 
function  of  solidification  time.  In  reality  dendrite  arms  are  present 
over  a range  of  radii  and  would  have  irregular , noncylindr ical 
shapes.  The  model  shows  that  the  initial  composition  and  physical 
properties  of  the  solid  do  not  enter  into  the  exponent  of  the  cooling 
rate.  Factors  such  as  initial  composition  and  curvature  effects  are 
found  in  the  pre-exponential  constant.  The  effects  of  fluid  flow 
would  also  show  up  in  the  pre-exponential  constant  since  changes  in 
the  fluid  flow  affect  the  mass  transport  in  the  liquid.  The  influence 
of  the  initial  composition,  the  liquid  diffusivity  and  the  surface 
energy,  on  the  location  of  the  DAS  vs  cooling  rate  line,  are  shown 
schematically  in  Figure  5.2. 

In  order  to  compare  predictions  of  the  above  mentioned  equation 
with  the  results  of  the  present  experiments,  the  pre-exponential 
constant  was  evaluated  for  the  N^Al^  and  NiAl^  phases  at  the 
compositions  studied  and  that  of  Brooks  et  al . [82Bro].  Consideration 
was  given  to  fact  that  the  solidus  and  liquidus  of  NiAl^  and  N^Al^  do 
not  meet  at  a pure  component.  The  necessary  corrections  are  given  in 
the  section  devoted  to  the  calculation  of  the  volume  fractions.  For 
the  Ni^Al^  phase  the  composition  of  the  last  liquid  to  solidify  was 
given  by  the  peritectic  liquidus  at  the  peritectic  isotherm,  since  the 


Log  (DAS) 
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Log  (Cooling  Rate) 


Figure  5.2  Schematic  representation  of  log(DAS)  vs  log(Cooling  Rate) 
showing  the  effects  of  interfacial  energy,  liquid 
diffusivity  and  initial  composition  on  the  relative 
location  of  the  data. 
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NiAl^  phase  was  assumed  to  form  at  temperatures  below  the  peritectic 
isotherm.  For  the  NiAl^  phase,  the  temperature  of  the  last  liquid  to 
solidify  was  the  composition  of  the  NiAlg-Al  eutectic. 

The  Gibbs-Thompson  coefficient,  r,  is  calculated  from  the 
expression, 


where  a = solid/liquid  interface  energy 
ASjf.  = entropy  of  fusion/unit  volume. 

The  values  of  the  constants  in  equations  5.1  and  5.2  and  the 
calculated  pre-exponential  constant  are  given  in  Table  5.1.  The 
surface  energy  of  NiAl^  and  N^Al^  assumed  to  be  50  and  165  ergs/cm^, 
respectively.  These  values  were  consistent  with  the  surface  energy 
energies  used  in  the  nucleation  rate  calculations,  which  are  given 
later.  The  calculated  values  of  the  constant  increase  with  increasing 
nickel  content,  in  agreement  with  the  observed  trends.  For  the  NiAl^ 
phase,  the  calculated  values  are  almost  exactly  half  of  the  observed 
values  while  for  the  Ni2Al^  phase  the  calculated  value  underestimates 
the  observed  value  by  a factor  of  three.  One  source  of  the  difference 
between  the  calculated  and  observed  values  of  the  pre-exponential 
constant  could  be  in  the  value  of  the  liquid  diffusivity.  The 
calculations  were  done  based  on  the  assumption  that  the  liquid 
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Table  5.1 

The  values  of  constants  in  equation  5.1 
for  the  compositions  studied. 


Phase 

NiAl  ^ 

Ni2Al3 

CQ,  at.  % Ni 

10.3 

15 

20 

CQ* , wt . % Ni 

22.13 

14.4 

25.93 

Cf*  , wt . $ Ni 

36.43 

36.43 

33.2 

2 

, cm  /sec 

2 X 10~5 

2 X 10"5 

2 X 10~5 

T,  o/A3j.f  cm  K 

-2.2  X TO"6 

-2.2  X 10~6 

-8.6  X 10~6 

m1 , K wt.  %~ 1 

-9.6 

-9.6 

-16.5 

k 

.009 

.009 

.12 

M,  cm^sec-1 

1 .61  X 1 0“ 1 3 

1.94  X 10~13 

4.07  X 10" 13 

Ti-Tf,  K 

140 

215 

145 

K 

cm  sec" ^ 3^1/3 

1.55  X 10" 3 

1 .91  X 10~3 

2.14  X 1 O"3 

pm  sec  ^3^1/3 

15.5 

19.1 

21  .4 

Measured  K,  pm  sec_1/,3^1/3 

31  .2 

75.9 

* Corrected  for  coordinates. 
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diffusivity  is  equal  to  2 X 10  ^ cm^/s  and  is  constant  despite  the 
fact  that  the  N^Al^  solidified  over  a temperature  range  from  1273  to 
1 1 28  K and  NiAl^  solidified  over  a temperature  range  of  1053  to 
913  K.  One  other  source  for  the  discrepancy  between  the  measured  and 
calculated  results  is  the  constant  5.5  in  equation  5.1.  Kurz  and 
Fisher  [86Kur]  point  out  in  their  derivation  that  in  light  of  the 
simplifying  assumptions,  such  as  linear  composition  gradients  and  only 
two  sizes  of  dendrites,  that  the  constant  5.5  should  not  be  given  too 
much  importance  both  with  regard  to  its  value  and  its  consistency. 

The  primary  phase  in  samples  containing  between  16  to  27  at.  % Ni 
is  NigAl^.  which  appears  as  the  light  colored  regions  in  Figure  4.16 
to  4.28.  In  samples  containing  25  at . % Ni , solidified  at  20  K/s 
while  levitated,  the  N^Al^  phase  appears  as  rounded  broken  dendrites, 
shown  in  Figure  4.16.  At  cooling  rates  of  600  and  6000  K/s,  the 
dendrites  are  long  with  numerous  secondary  and  higher  order  branches, 
shown  in  Figure  4.18  and  4.19.  On  the  other  hand,  the  samples 
quenched  at  10,000  K/s  in  the  rotating  cup,  shown  in  Figure  4.20,  had 
a microstructure  that  was  equiaxed,  similar  to  the  microstructure 
found  in  samples  solidified  at  20  K/s  although  on  a much  finer 
scale.  At  a cooling  rate  of  10^  K/s,  obtained  by  splat  cooling, 
dendrites  with  secondary  and  ternary  branches  were  again  observed.  In 
this  sample,  the  dendrites  radiated  from  a single  point,  giving  the 
appearance  of  a rosette  structure,  shown  in  Figure  4.22.  The  long 
dendrites  found  in  the  samples  cooled  at  600  and  6000  K/s  were  not 
found;  nor  was  there  any  evidence  of  a chill  zone  or  columnar  growth 
region,  see  cross  sectional  view  of  a splat  in  Figure  4.21. 
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Samples  solidified  in  the  1 00-m  drop  tube  at  the  Marshall  Space 
Flight  Center  experienced  cooling  rates  of  approximately  60  K/s  during 
free  fall  and  105  K/s  upon  hitting  the  bottom  of  the  tube.  These 
samples  were  melted  using  either  electron  beam  or  electromagnetic  (EM) 
levitation  melting.  The  later  technique  produced  microstructures  very 
similar  to  the  splat  cooled  samples.  For  example,  compare 
Figures  4.39  and  4.35;  the  former  is  from  a sample  containing  31.5  at. 
% Ni  solidified  in  the  drop  tube  after  melting  using  EM  levitation  and 
the  latter  is  a splat  cooled  sample  of  the  same  composition.  On  the 
other  hand,  the  electron  beam  melted  samples  showed  a microstructure 
that  consisted  of  clusters  of  N^Al^  particles  embedded  in  a NiAl^ 
matrix,  shown  in  Figure  4.37,  compared  to  the  cellular  microstructure 
found  using  EM  levitation,  illustrated  in  Figure  4.22. 

The  unusual  microstructures  found  in  the  e beam  melted  sample 
could  be  because  of  the  possiblity  that  the  sample  was  not  entirely 
molten  prior  to  release.  The  aluminum-nickel  alloys  studied  have  an 
extremely  large  solid  + liquid  range,  extending  from  the  Al-NiAl^ 
eutectic  at  913  K to  the  Ni2Al3  liquidus  of  1363  K for  samples 
containing  25  at.  % Ni  or  to  the  NiAl  liquidus  at  1653  K for  the 
samples  containing  31.5  at.  $ Ni.  It  is  believed  that  the 
phase  may  not  have  melted  completely  before  the  sample  left  the 
suspending  wire.  This  would  suggest  a limitation  in  the  applicability 
of  the  e beam  furnace  for  alloys  with  a large  solidification  range. 

To  be  certain  that  entire  sample  is  molten  prior  to  release,  the 
technique  should  be  confined  to  congruently  melting  compounds  or  pure 


elements . 
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Changes  in  the  morphology  of  the  primary  phase,  Ni^lg,  in 
samples  containing  between  16  to  27  at . % Ni , were  quantified  by 
measurements  of  their  surface  area.  The  surface  area  of  the  primary 
phase  for  samples  containing  25  at . % Ni  under  different  processing 
conditions  is  plotted  vs  the  solidification  time  of  N^Al^  in  Figure 
5.3*  The  data  shows  a reduction  in  the  surface  area  with  increasing 
solidification  time  of  N^Al^  although  there  is  considerable  scatter 
in  the  data.  The  main  reason  for  the  scatter  is  because  the  surface 
area,  as  determined  by  the  intercept  counting  technique,  gives  the 
surface  area  per  unit  volume  of  the  entire  sample.  Comparisons  of  the 
surface  area  for  different  samples  are  valid  only  if  the  volume 
fraction  of  the  solid  is  constant.  However,  measurements  of  the 
volume  fraction  of  primary  phase,  given  in  Table  4.16,  showed  that  the 
volume  fraction  varies  with  cooling  rate.  To  account  for  changes  in 
the  volume  fraction  of  Ni^Al^,  the  surface  area  should  be  measured  per 
unit  volume  of  N^Al^.  This  normalization  was  done  by  dividing  the 
measured  surface  area  per  unit  volume  of  sample  by  the  volume  of  phase 
per  unit  volume  of  sample,  i.e.,  (Sy/VfNi 2A1 . These  calculations  are 
summarized  in  Table  5.2  for  all  samples  containing  20  and  25  at. 

% Ni.  The  log  of  the  normalized  surface  area,  (S  /Vf,  cm2/cm3) , is 
plotted  vs  the  log  of  the  solidification  time,  (t,  seconds),  in  Figure 
5.4  with  a best  fit  equation  of 

Sy  = 5570t”0,30  5.4 

Figure  5.4  is  qualitatively  similar  to  Figure  5.3,  but  the 
scatter  of  the  data  about  the  fitted  line  is  much  smaller  in  the 
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Figure  5.3  The  surface  area  per  unit  volume  of  sample  (Sy)  of  the  primary  Ni^Al^  phase  as  a function 
of  solidification  time. 
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Figure  5.4  The  log  surface  area  of  the  primary  N^Al..  per  unit  volume  of  the  phase  vs  the  log 
solidification  time,  C = 20  and  25  at.  ^Ni. 
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normalized  data.  The  normalized  data  are  linear  to  solidification 
times  as  short  as  2 X 10  3 s corresponding  to  a cooling  rate  of 
105  K/s . Thus  the  fitted  line  for  the  normalized  data  is  valid  over 
the  entire  range  of  solidification  times  studied,  extending  from  0.002 
to  500  seconds . 

The  secondary  dendrite  arm  spacing,  a characteristic  length  in 
cast  microstructures  discussed  earlier,  increases  with  increasing 
solidification  time  following  a roughly  t*33  kinetics.  The  surface 
area  per  unit  volume  decreases  with  increasing  solidification  time 

_ OT 

following  t kinetics.  Comparing  the  measurement  techniques  of  the 
dendrite  arm  spacing  and  the  surface  area  shows  that  the  similarity  in 
their  kinetics  is  not  coincidental.  To  measure  the  dendrite  arm 
spacing  of  a row  of  dendrite,  the  length  of  a line  joining  the  centers 
of  the  dendrite  arms  was  measured,  and  divided  by  half  the  number  of 
intercepts  the  line  makes  with  the  dendrite  boundaries.  A measure  of 
the  surface  area  per  unit  volume  would  involve  randomly  placing  a test 
line  of  arbitrary  length  over  the  entire  microstructure , counting  the 
intersections,  multiplying  by  2 and  dividing  by  the  total  length  of 
test  line  used.  The  surface  area  is  then  expressed  as  the  area  per 
unit  volume  of  sample,  with  dimensions  of  inverse  length.  To  be  an 
accurate  measure  of  the  surface  area  per  unit  volume,  the  test  line 
must  be  randomly  oriented  with  respected  to  the  microstructure . 

Thus  for  a regular  array  of  dendrites,  the  dendrite  arm  spacing 
and  the  surface  area  per  unit  volume  are  inversely  related  to  each 
other,  and  the  dendrite  arm  spacing  represents  a special  case  of  the 
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Table  5.2 

The  surface  area  of  Ni^Al^  per’  unit  volume  of 
NigAlg  (Sv/Vf)  from  samples  containing  between 
6 to  27  at.  % Ni  that  were  either  continuously  cooled  or 


held 

in  the  N^AIj 

+ liquid  region  prior  to 

quenching . 

Soli 

dif ication 

Sy/Vf 

Sample 

Time 

of  N i 2AI ^ 1 s 

cm2/cm3  (±  40) 

20 

DS 

1 

.5 

5500 

20 

DS 

2 

1.5 

4400 

20 

DS 

3 

3.9 

2800 

20 

DS 

-4 

6.0 

2500 

25 

HE 

1 

40 

1800 

25 

HE 

2 

48 

1830 

25 

HE 

3 

54 

1800 

25 

HE 

4 

57 

1680 

25 

HE 

5 

146 

1570 

25 

HE 

6 

255 

1790 

25 

HE 

7 

374 

1110 

25 

WA 

1 

0.39 

6560 

25 

WA 

2 

8 

3^70 

25 

WA 

3 

26 

2340 

25 

WA 

4 

26 

1780 

25 

WA 

5 

36 

1750 

25 

WA 

6 

90 

1510 

25 

WA 

7 

160 

1080 

25 

WA 

8 

216 

1 490 

25 

WA 

9 

230 

1210 

25 

Pb 

1 

0.039 

7170 

25 

Pb 

2 

8 

5190 

25 

Pb 

3 

10 

2760 

25 

Pb 

4 

24 

1800 

25 

Pb 

5 

48 

1650 

25 

Pb 

6 

93 

924 

25 

Pb 

7 

168 

1100 

25 

Pb 

8 

250 

1020 

25 

Pb 

9 

270 

832 

25 

Pb 

10 

300 

1140 

25 

Pb 

1 1 

420 

912 

25 

Cu 

1 

.0235 

13700 

25 

Sp 

1 

.00235 

61600 
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surface  area  measurement.  There  are  advantages  and  disadvantages  to 
both  techniques.  The  advantage  of  the  dendrite  arm  spacing  is  that  it 
is  easily  measured  and  provides  a tangible  measure  of  the  evolution  of 
the  microstructure  with  respect  to  solidification  time.  Its  greatest 
disadvantage  is  that  it  represents  an  arbitrary  scale  of  the 
microstructure.  It  is  the  arbitrary  nature  of  the  measurement  that 
has  hampered  the  understanding  of  the  relatiosnhip  between  mechanical 
properties  and  the  microstructure . 

The  surface  area  per  unit  volume,  on  the  other  hand,  is  a more 
general  description  of  the  microstructure  and  is,  therefore , 
applicable  to  a wider  range  of  microstructures.  For  example,  the 
concept  of  the  surface  area  is  equally  applicable  to  microstructures 
which  do  not  contain  secondary  dendrite  arms  such  as  rheocasts, 
electromagnetically  stirred  samples,  or  eutectics.  In  the  present 
study  isothermal  coarsening  had  all  but  eliminated  the  secondary 
dendrite  arm  spacing  of  the  proper itectic  phase  rendering  meaningless 
the  concept  of  a dendrite  arm  spacing.  The  surface  area  provided  an 
accurate  means  of  describing  the  evolution  of  the  microstructure  with 
respect  to  time. 

The  use  of  the  surface  area  per  unit  volume  to  characterize  a 
microstructure  can  also  be  extended  to  noncast  structures.  Rhines  and 
his  co-workers  [86Rhi]  recognized  that  the  surface  area  among  other 
global  parameters  provides  a uniting  characteristic  by  which  the 
microstructure  can  be  related  to  processes  as  diverse  as  plastic 
deformation  [8lRhi]  and  chemical  attack  [70Rhi].  Their  investigations 
have  ranged  from  studies  relating  the  surface  area  of  pearlite 
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colonies  to  mechanical  properties  and  hardness  of  polycrystalline 
aggregates . 

The  chief  disadvantage  to  the  surface  area  is  the  necessity  to 
make  a large  number  of  measurements  to  ensure  that  an  unbiased 
estimate  is  obtained. 

The  effects  of  fluid  flow  on  the  primary  phase  morphology.  The 
wide  range  of  microstructures  found  in  this  study  reflected  not  only 
the  range  of  cooling  rates  studied,  but  also  the  effects  of  fluid 
flow.  The  effects  of  fluid  flow  could  be  observed  by  comparing  the 
microstructure  of  samples  directionally  solidified  to  those  processed 
using  electromagnetic  levitation.  For  example,  the  Ni^Al^ 
phase,  when  solidified  in  the  EM  levitated  state  at  20  K/s , had  a 
coarsened,  broken  dendrite  morphology;  while  it  had  well  defined 
dendrites  in  directionally  solidified  samples  at  a comparable  cooling 
rate,  as  shown  in  Figure  4.13.  The  difference  in  morphologies  of  the 
Ni 2AI3  phase  is  attributed  to  differences  in  the  amount  of  fluid  flow 
between  the  two  systems.  In  the  electromagnetically  levitated 
samples,  fluid  flow  is  driven  by  the  electromagnetic  stirring  and  is 
consequently  larger  than  in  the  directionally  solidified  ingots  where 
the  fluid  flow  is  driven  by  thermal  and  solutal  convection. 

Differences  in  the  amount  of  fluid  flow  between  the  two 
processing  techniques  should  affect  the  surface  area  per  unit  volume 
of  the  phase.  The  liquid  from  a sample  with  a greater  amount  of  fluid 
flow  will  be  more  thoroughly  mixed  compared  to  a sample  with  less 
extensive  stirring.  Since  the  coarsening  of  the  dendrite  arm  or 
alternately  the  reduction  in  the  surface  area  is  proportional  to  the 
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mass  transport  in  the  liquid,  samples  with  enhanced  fluid  flow  are 
expected  to  coarsen  more  rapidly.  Accordingly,  the  samples 
directionally  solidified  should  have  a larger  surface  area  than 
samples  with  the  same  solidification  time  processed  using  EM 
levitation.  Analysis  of  the  data  shown  in  Figure  5.4  indicates  this 
to  be  true;  samples  that  were  not  under  the  influence  of 
electromagnetic  stirring  during  the  Ni^Al^  solidification  generally 
fell  below  the  fitted  line  of  all  the  data.  Statistically,  the 
difference  may  not  be  significant  because  of  the  small  difference 
between  the  two,  but  the  trend  does  correspond  to  that  predicted  by 
equation  5.1. 

Samples  quenched  in  the  rotating  copper  cup  with  a cooling  rate 
of  2 X 10^  K/s  also  exhibited  a range  of  microstructures  which  show 
the  effects  of  enhanced  fluid  flow.  The  fluid  flow  resulting  from  the 
simultaneous  rotation  and  solidification  in  the  copper  cup  broke  up 
the  dendrite  stocks  preventing  the  formation  of  secondary  branches 
shown  in  Figure  4.20.  Stirring  of  the  liquid  also  accounts  for  the 
lack  of  columnar  grains  near  the  cup  wall. 

The  Secondary  or  Peritectic  Phase 

In  contrast  to  the  proeutectic  NiAl^.  the  dendrite  arm  spacing  of 
the  peritectic  NiAl^  in  the  directionally  solidified  alloy  containing 

_ *]  O 

20  at . % Ni  was  proportional  to  e , rather  than  being  proportional 

. 33 

to  e . This  clearly  indicates  that  the  presence  of  the  primary 
and/or  the  peritectic  reaction  affect  both  the  pre-exponential 
constant  and  the  exponent.  Figures  4.10  and  4.13  also  show  that  the 
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orientation  of  the  NiAl^  cells  are  insensitive  to  the  heat  flow 
direction.  The  growth  of  the  discontinuous  peritectic  phase  occurred 
perpendicular  to  the  primary  stocks  regardless  of  the  orientation  of 
the  primary  phase  with  respect  to  the  heat  flow  direction.  In 
previous  studies  of  directionally  solidified  peritectics,  the 
peritectic  phase  has  been  observed  to  grow  either  parallel  or 
perpendicular  to  the  primary  phase,  for  example  in  aluminum-titanium 
[74Ker,  84StJ]  and  in  cadmium-silver  [84StJ]  alloys,  respectively. 
These  investigators  did  not  comment  on  the  two  morphologies;  but  when 
the  growth  directions  of  the  primary  and  peritectic  phases  are 
perpendicular  to  each  other,  cooperative  growth  between  the  primary 
and  peritectic  phases  is  impossible.  Thus  the  morphology  of  the 
peritectic  phase  seems  to  fall  into  two  categories,  the  peritectic 
phase  forms  a continuous  rim,  or  alternatively  the  peritectic  phase 
forms  discrete  cells  on  the  primary. 

Samples  processed  using  EM  levitation,  which  were  cooled  at  the 
same  rates  as  those  of  the  directional  solidification  experiments 
(1-200  K/s),  showed  the  same  discontinuous  growth  morphology  of  the 
NiAl^  phase.  The  NiAl^  phase  invariably  nucleated  on  the  primary 
phase;  nucleation  within  the  melt  was  not  observed.  At  the  cooling 
rate  of  6 X 10^  K/s,  the  sharp  angular  faces  found  in  the  slower 
cooled  microstructures  were  less  prevalent;  instead  rounded 
hemispherical  cells  were  found,  as  shown  in  Figure  4.19.  At  10^  K/s 
cooling  rate,  the  NiAl^  phase  formed  a continuous  rim  around  the 
primary  phase,  as  shown  in  Figure  4.22.  The  individual  cells  and  a 
faceted  solid-liquid  interface  were  no  longer  observed.  There  was 
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also  evidence  of  independent  nucleation  of  the  NiAl 3 in  the  liquid, 
shown  in  Figure  4.22,  with  a cellular  morphology  similar  to  that 
observed  by  Abbaschian  and  Flemings  [83Abb]  in  undercooled  Fe-25  wt . 

% Ni  samples. 

In  samples  containing  31.5  at.  % Ni , the  Ni2Al^  phase,  which 
tends  to  be  nonfaceted,  is  the  first  peritectic  phase.  In  contrast 
with  the  NiAl^  peritectic,  the  N^Al^  phase  completely  covered  the 
primary  NiAl  phase  forming  a continuous  rim.  The  complete  coverage  of 
the  primary  phase  by  the  peritectic  phase  is  best  illustrated  by 
samples  solidified  after  isothermal  holding  in  the  NiAl  + liquid 
region  (see  Figures  4.49  to  4.53).  The  sample  solidified  at  20  K/s 
showed  no  interface  breakdown,  and  the  N^Al^  phase  followed  the 
original  NiAl-liquid  phase  boundary,  forming  a continuous  rim.  When 
the  same  alloy  was  quenched  at  600  and  6X10^  K/s  after  isothermal 
holding,  the  N^Alg  phase  was  observed  to  have  a cellular  morphology, 
Figure  4.49.  However,  close  examination  of  the  etched  micro- 
structures, Figures  4.51,  4.52  and  4.53>  reveals  that  the  cells  formed 
after  the  entire  NiAl-liquid  interface  was  covered. 

These  observations  suggest  that  the  nucleation  and  growth 
kinetics  of  the  peritectic  phase  will  govern  its  morphology.  The 
nucleation  kinetics  of  the  peritectic  phase  are  discussed  in  a 
subsequent  section. 

The  orientation  relationship  between  NigAl^  and  NiAl. 

Examination  of  the  NiAl/Ni^Al^  interface  in  the  transmission  electron 
microscope  showed  a strong  orientation  relationship  between  the  two 
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phases.  This  relationship  was  best  illustrated  in  Figures  4.65  and 
4.66.  The  indexed  diffraction  patterns  gave  an  orientation 
relationship  of 


[001]  Ni2Al3  //  [111]  NiAl 
(100)  N i 2A1  //  (110)  NiAl 


5.5 


The  existence  of  the  above  orientation  relationship  is  not 
surprising  in  light  of  the  similarities  in  the  crystal  structure  of 
the  two  phases,  discussed  in  Chapter  2.  According  to  the  orientation 
relationship  described  above,  the  c axis  of  the  NijjAIg  phase 
corresponds  to  the  [111]  of  NiAl. 


The  Nucleation  Kinetics  of  the  Peritectic  Phase 
Al-25  at.  % Ni 

The  primary  phase  can  act  as  a heterogenous  nucleation  catalyst 
and/or  it  can  in  conjunction  with  the  peritectic  reaction  aid  in  the 
formation  of  the  peritectic  phase.  Alternatively,  it  is  possible  for 
the  peritectic  phase  to  nucleate  directly  from  the  melt.  Thus  there 
are  three  mechanisms  for  the  nucleation  of  the  peritectic  phase: 

(I)  The  primary  phase  serves  as  a heterogenous  nucleation  site 
and  the  peritectic  reaction  aids  in  the  formation  of  the  second  phase. 

(II)  The  primary  base  acts  as  a heterogenous  nucleation  site, 
but  is  not  part  of  the  chemical  reaction,  i.e.,  the  peritectic 


reaction  does  not  occur. 
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(III)  The  nucleation  of  the  periteotic  phase  takes  place  in  the 
liquid  without  the  influence  of  the  primary  phase.  The  nucleation  in 
this  case  is  still  heterogeneous,  but  takes  place  at  other  nucleation 
sites  than  the  primary  phase.  These  nucleation  sites  could  be 
impurities  or  oxide  particles. 

For  pure  systems  and  in  the  presence  of  the  primary  phase,  the 
third  mechanism  is  not  expected  to  be  the  dominant  source  of 
nucleation.  This  is  further  supported  by  the  observation  of 
the  NiAl^-Ni^Al^  interface  in  the  directionally  solidified  samples 
(Figure  4.12)  and  in  the  electromagneticly  levitated  samples  (Figure 
4.16)  which  show  that  the  NiAl^  phase  always  nucleated  on 
the  Ni^Al^  phase.  When  the  primary  phase  is  not  present,  or  when  the 
surface  area  of  the  primary  phase  is  already  covered  by  the  peritectic 
phase,  then  the  NiAl^  particles  may  nucleate  in  the  liquid.  This  was 
shown  in  samples  containing  16.5  at.  % Ni  in  which  the  peritectic 
phase  had  nucleated  on  both  the  primary  phase  and  in  the  liquid;  the 
volume  fraction  of  the  primary  was  less  than  .15.  Another  example  is 
the  25  at.  % Ni  sample,  shown  in  Figure  4.16,  that  showed 
only  Ni^l^  catalyzed  nucleation  at  20  K/s  cooling  rate.  However, 
when  the  sample  was  cooled  at  10^  K/s,  independent  nucleation  of  the 
peritectic  phase  in  the  liquid  was  observed,  see  Figure  4.22.  In  this 
case  it  is  unclear  whether  the  nucleation  of  the  NiAl ^ phase  in  the 
liquid  is  due  to  the  reduction  in  the  amount  of  Ni ^A1 ^ or  due  to  the 
larger  undercooling  associated  with  the  high  cooling  rates. 

The  relative  effect  of  the  first  and  second  mechanisms  on  the 
nucleation  kinetics  of  the  peritectic  phase  can  be  studied  by 
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comparing  the  number  of  nuclei  formed  via  each  reaction.  The  equation 

for  the  steady  state  nucleation  rate,  J nuclei/cm^ *s , is  given  by 

s 

* 

Jg  = M exp  (-AG  /kT)  5.6 

where  M = pre-exponential  constant 
# 

AG  = free  energy  of  forming  a critical  size  nucleus 
kT  = Boltzmann's  constant  times  the  absolute  temperature. 

The  free  energy  of  formation  of  a critical  nucleus  AG*  on  a 
substrate  is  given  by  the  expression, 


* 

AG 


1 6tto' 


3kTMAG  . 

N chem 


f(0) 


5.7 


where  a = surface  energy 

AGchem  = volume  free  energy  of  formation  of  the  nucleant  phase 

T^  = nucleation  temperature 

f (0)  = wetting  factor. 

The  wetting  factor  is  given  by  [68Kir], 

f (0)  = (2-3cos  0 + cos30)/4  5.8 

where  0 is  the  contact  angle  between  the  nucleus  and  the  catalyst. 

When  the  nucleus  completely  wets  the  substrate,  0 equals  zero  and  the 
barrier  to  nucleation  vanishes.  On  the  other  hand,  the  substrate 
plays  no  role  during  nucleation  if  0 = 180. 

Close  examination  of  the  three  phase  region,  shown  in  Figure 
4.46,  suggests  that  0 for  the  Ni^l^/NiAl  interface  is  close  to  90. 

It  should  be  pointed  out  that  the  examined  interface  reflects  the 


influence  of  growth  and  it  may  not  reflect  the  true  contact  between 
the  NiAl^  nucleus,  the  Ni^Al^  substrate  and  the  liquid. 

The  pre-exponential  factor  M,  in  equation  5.7,  is  generally 
regarded  as  the  product  of  the  nucleation  site  density,  the  number  of 
atoms  on  a nucleus  surface  and  the  atomic  jump  frequency.  In  the 
present  calculations,  the  theoretically  predicated  value  [49Tur]  of 
10^  nuclei/cm^  will  be  used. 

In  considering  steady  state  nucleation,  the  implicit  assumption 
is  that  the  nucleation  occurs  isothermally  and  reaches  a steady  state 
value.  The  present  experiments,  however,  were  carried  out  under 
conditions  of  continuous  cooling  and  therefore  it  is  necessary  to 
modify  the  nucleation  rate  expression  to  account  for  the  continuous 
cooling.  This  problem  was  treated  by  Hirth  [78Hir]  by  integrating  the 
nucleation  expression,  equation  5.7,  over  the  temperature  interval 

from  the  liquidus  (T..  ) to  the  nucleation  temperature  (T  ). 

1 N 

>.  - - f 5.9 

tn  1 

where  J(T)  = the  steady  state  nucleation  rate  at  T 
e = the  cooling  rate 
N = number  of  nuclei  per  unit  volume. 

Hirth  points  out  that  since  the  nucleation  rate  is  strongly 
dependent  on  the  supercooling,  nucleation  can  be  assumed  to  take  place 
in  a very  narrow  temperature  interval  around  T . Thus  for  most 
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experimental  conditions  this  allows  equation  5.10  to  be  simplified  to 

N = -JS(T1  - TN)/e  5.10 

where  -Jg  is  the  nucleation  rate  at  TN.  The  number  of  nuclei  formed 
per  volume  of  melt  is  thus  given  as 

N = JsATV/e  5.11 

where  V is  the  volume  of  the  liquid. 

The  first  and  second  mechanisms  both  involve  the  propertectic 
phase;  therefore  the  nucleus  of  the  peritectic  phase  forms  from  the 
liquid  adjacent  to  the  Ni^Al^  phase,  called  here  the  active  volume 
(V  ) . The  active  volume  which  is  considerably  smaller  than  the  volume 
of  the  liquid  can  be  calculated  from  the  surface  area  of  the  primary 
phase  and  the  thickness  of  the  liquid  boundary  layer  next  to  the 
primary  phase: 


VA  = SyAx  5.12 

where  Ax  is  the  thickness  of  the  boundary  layer  and  Sy  is  surface  area 
of  the  primary  phase  per  unit  volume  of  sample.  The  surface  area  can 
be  expressed  as  a function  of  the  cooling  rate  using  equation  5.2. 
Combining  equations  5.2,  5.11  and  5.12  gives 

N = J ATKAxe-1 * 33  5.1  3 

s 

where  K is  the  preexponent  constant  in  equation  5. A.  It  is  important 
to  note  that  equation  5.13  is  valid  only  when  the  cooling  rate  is  the 
same  above  and  below  the  peritectic  isotherm.  The  surface  area  of  the 
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primary  phase  is  governed  by  the  cooling  rate  above  the  peritectic 
isotherm  while  the  number  of  peritectic  phase  nuclei  are  governed  by 
the  cooling  rate  below  the  peritectic  isotherm. 

The  free  energy  of  formation  of  the  nucleus  AG  is  defined  as 

chem 

the  free  energy  difference  between  the  nucleus  and  the  liquid.  In 
general  two  situations  arise;  if  AG  for  mechanism  I is  more  negative 
than  that  for  mechanism  II,  then  the  peritectic  reaction  will  provide 
a greater  driving  force  and  should,  therefore,  aid  in  the  nucleation 
of  the  peritectic  phase.  If  the  opposite  is  true,  the  peritectic 
reaction  plays  only  a minor  role  in  the  nucleation  of  the  peritectic 
phase.  Evidence  in  the  literature  suggests  that  the  peritectic 
reaction  does  aid  in  the  formation  of  the  second  phase;  Boswell  et  al . 
[79Bos]  noted  the  supercoolings  observed  in  their  entrained  droplet 
experiments  were  in  general  smaller  than  the  undercoolings  observed  in 
eutectic  systems. 

■jjphprri  ^or  mechanisrc  I . For  the  first  mechanism,  the  formation  of 
the  peritectic  phase  occurs  by  the  reaction  of  the  primary  phase  with 
the  liquid.  As  a result,  a portion  of  the  primary  phase  is  consumed 
by  the  nucleation  reaction.  The  balanced  chemical  equation  for  this 
mechanism  is  given  by 

2<NI.l|0A1.60>3  * 3(Ni.,5A1.85>l  * 5<N1.25A1.75)s  5-14 

The  free  energy  change  for  equation  5.14  is  given  by 

4G  - 5GCM1_25A1_75)s  - [2G<Niyl^6)3  * SGtNi^Al^)^ 


5.15 


or  per  mole  of  NiAl^  by 

4°  - 0<N1.25*1.75)s  - i[2G(Ni  ,S1  6)s  * 3G(Ni_15Al  85)l]  5.16 

At  the  periteotic  isotherm,  AG  for  equation  5.16  is  zero  (by 
definition),  but  becomes  progressively  more  negative  with  decreasing 
temperature.  The  values  of  G NiAl^s)  and  G Ni2Al  (s)  were  obtained 
as  a function  of  temperature  from  the  compilation  of  Barine  et  al . 
[77Bar].  In  the  region  of  the  peritectic  isotherm,  the  Gibbs  free 


energy  of  the  solid  phases  are  given  by 
For  the  NiAl  phase, 

G = 0.25 (AT)  - 3^3-7  KJ/mole  5.17a 

or  G = 0.06 (AT)  - 85.9  KJ/g *atom  5.17b 

For  the  Ni^Al^  phase, 

G = 0. 31 ( AT)  - 519.1  KJ/mole  5.18a 

or  G = 0.06( AT)  - 103-8  KJ/g*atom  5.18b 


The  value  of  G for  the  liquid  was  calculated  from  the  expressions 


0 

IT 

II 

V4V  + 

5.19 

a5ai 

= RTln(a,1 ) and 

Al 

5.20 

ASu 

= RTln(aN.) 

5.21 

where  R is  the  gas  constant,  T is  the  absolute  temperature,  a is  the 
activity  of  component  i (Al  or  Ni),  is  the  mole  fraction  of  the 
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i component  and  AG  is  the  partial  Gibbs  free  energy  of  component  i 
in  the  alloy.  The  activities  of  aluminum  and  nickel  in  liquid  of 
composition  15  at.  % Ni  are  respectively  0.691  and  1.33  X 10-6,  which 
were  calculated  from  data  of  Schaefor  [75Sch]  with  the  pure  liquid 
component  as  the  standard  state.  To  bring  the  liquid  phase  data  to 
the  same  standard  as  the  solid  phases,  it  is  necessary  to  include  an 
additional  AG  value  which  represents  the  change  in  Gibbs  free  energy 
of  the  pure  components  going  from  0 to  1128  K. 


GL  = 


XA1(4GA1 


4Gai> 


* XNi(4GNi  * 4GNi> 


5.22 


Data  on  the  Gibbs  free  energy  of  liquid  nickel  and  aluminum  from 
0 to  1 1 28  K and  their  respective  temperature  dependencies  were 
obtained  from  Barine  et  al . [77Bar]  as 


AGa1  = 0. 08( AT ) - 52.34 


5.23 


AGxr.  » 0.1 0( AT)  - 41 .48  5.24 

Nl 

where  AT  is  the  supercooling  below  the  peritectic  isotherm  and  AG  has 
units  of  KJ/g-atom.  The  above  expressions  were  substituted  into 
equation  5.22  to  give 


Gl  = .8503.07  X 10~3T  - 52.34  + .08(AT)] 

+ . 1501 . 12  X 10~3T  - 41.48  + .10(AT)] 


5.25 


The  calculated  values  of  AG  for  the  first  mechanism  are  given 

chem 


in  Table  5.3  for  supercoolings  below  T . The  plot  of  the  free  energy 

P 


216 


Table  5.3 

The  change  in  Gibbs  free  energy  as  a function 
of  uncooling  for  the  reaction 


Ni.4A1.6  + 


Nl.15A1.85 


Ni 


25A1.75 


Undercooling 

K 

Change  in  Gibbs  free  energy 
KJ/g  -atom 

0 

-.77 

10 

-1  .02 

20 

-1.27 

30 

-1  .52 

40 

-1  .77 

50 

-2.02 
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change  vs  supercooling,  Figure  5.5,  yields  a straight  line  with  an 
intercept  of  -.77  KJ/g*atom.  Ideally  intercept  should  be  zero,  but 
rounding  errors  and  the  inaccuracy  of  the  thermodynamic  data  give  a 
nonzero  intercept.  To  account  for  these  errors  the  extrapolated 
intercept  was  assumed  to  represent  a aG  value  of  zero.  In  comparison 
to  the  G values  of  the  solid  and  liquid  phases,  the  intercept 
represents  an  error  of  only  The  slope  of  the  AG  vs  AT  curve  is 

calculated  as  -.025  KJ/g*atom  per  kelvin  of  undercooling.  The  Gibbs 
free  energy  change,  in  units  of  J/g-atom  was  converted  to  the  Gibbs 
free  energy  change  per  unit  volume  (Ag)  using  the  expression, 


Ag  = 


AG 


5.26 


where  n is  the  volume  occupied  by  1 g*atom  of  Ni  A1  , equal  to 

•25  .75 

8.765  cm^. 

A5chem_  for  mechanism  II . In  this  mechanism  the  peritectic  phase 

nucleates  directly  from  the  melt  without  dissolution  of  the  primary 

phase;  the  primary  phase  acts  as  heterogeneous  nucleation  catalyst; 

the  peritectic  reaction  does  not  take  part  in  the  formation  of  NiAl^. 

If  the  difference  in  the  heat  capacity  between  the  solid  and  liquid 

can  be  ignored,  AG  , is  given  by 

chem 


AG 


AHfAT 


cnem 


5.27 


where  AH^,  is  the  heat  of  fusion,  T^  is  the  equilibrium  liquidus  and  AT 
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Figure  5.5  The  Gibbs  free  energy  vs  the  supercooling  below  T for  the  nucleation  of  NiAl_  using 
mechanism  I . ^ ^ 
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is  the  supercooling  below  the  liquidus.  In  an  analogous  manner  to  the 
Gibbs  free  energy,  the  enthalpy  of  fusion  (AHf)  which  is  normally 
expressed  as  J(g*atom)  can  be  converted  to  Jem  (Ahf)  using  the 
expression, 


5.28 


An  accurate  value  of  the  heat  of  fusion  is  unavailable  but  an 
estimate  can  be  made  from  the  expression  [67Rob] 


AHf  = ASfTL  5.29 

The  entropy  of  fusion,  AS^ , of  a compound  is  given  by  the  weighted 
contribution  of  the  pure  elements  as 

ASf (compound)  ” XAASf(A)  + XAASf(B) 
where  X and  X are  the  mole  fractions  of  components  A and  B and  AS 

A D 

has  units  of  J(g*atom)  1 . If  the  intermetallic  compound  is 

ordered,  as  are  NiAl , Ni  A1  and  NiAl  , an  additional  term,  AS  is 

23  3 ord 

included  to  the  entropy  of  fusion  to  account  for  the  ordering  given  by 

AS  . = R ( X 1 nX  + X lnX  J 5.31 

ord  A A B B ° 

Equation  5.30  assumes  that  the  intermetallic  compound  is 
perfectly  ordered  and  the  liquid  is  perfectly  disordered  (i.e.,  there 
is  no  clustering  in  the  liquid).  Values  of  ASf  for  nickel  and 
aluminum  were  obtained  from  [8lWes]  and  the  calculated  entropy  and 
enthalpy  of  fusion  are  given  in  Appendix  A.  The  calculated  enthalpies 
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of  fusion  for  NiAl , N^Al^  and  NiAl ^ are  respectively  -31  .65,  -23.2 
and  -17.8  KJ(g-atom)  . in  order  to  check  the  accuracy  of  the  above 
mentioned  entropy  calculation,  the  calculated  and  measured  entropies 
of  fusion  of  various  intermetallic  compounds  using  the  same  procedure 
are  compared  in  Table  5.4  [67Rob].  In  general,  good  agreement  is 
obtained  between  the  calculated  and  measured  entropies  of  fusion.  For 
the  NiAl  phase,  the  only  intermetallic  phase  in  the  aluminum-nickel 
system  for  which  experimental  data  are  available,  excellent  agreement 
is  obtained  between  the  calculated  and  measured  values. 

The  calculated  value  of  AG  . for  mechanism  II  as  a function  of 

chem 

the  supercooling  below  the  peritectic  isotherm  is  plotted  in  Figure 

5.6. 

Nucleation  rates.  The  above  calculated  AG's  can  be  plugged  into 
equations  5.7  and  5.8  to  calculate  the  steady  state  nucleation  rate. 

In  the  absence  of  accurate  data  on  the  surface  energy  and 
undercooling,  values  of  40,  50  or  60  erg/cm^  for  the  surface  energy 
and  undercooling  ranging  from  0 to  55  K were  assumed.  Table  5.5 
compares  the  number  of  nuclei  per  unit  volume  of  liquid  formed  via 
mechanisms  I and  II . Note  that  the  calculated  numbers  of  nuclei  are 
for  equal  volume  of  the  liquid.  The  surface  area  of  the  primary  phase 
will  enter  into  the  calculations  when  the  cooling  rate  is  considered 
(equation  5.13).  At  this  stage  it  is  assumed  that  surface  area  of  the 
primary  phase  is  the  same  for  mechanisms  I and  II.  From  Table  5.5  it 
can  be  seen  that  for  any  undercooling,  the  mechanism  I provides  the 
greatest  number  of  nuclei.  The  second  mechanism  needs  about  10  K 
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Table  5.4 

A comparison  between  calculated  and  measured  entropies 
of  fusion  for  various  intermetallic  compounds  [67Rob] . 


Compound 

Entropy  of  Fusion 

(J/g*atom  K) 

Experimental 

Calculated 

CdSb 

22.2 

22.32 

AuSn 

20.5 

17.6 

AuPb2 

15.1 

13.0 

Na5Pb2 

10.5 

12.1 

NaPb 

13.0 

13.0 

Ni^Sn2 

15.1 

14.6 

Bi 1 2 

14.6 

15.9 

Ci^Cdg 

11.7 

10.0 

NiAl 

16.4* 

16.6 

Ni2Al3 

— 

16.5 

NiAl3 

— 

15.8 

* [83Smi] 
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Figure  5.6  The  calculated  values  of  AG  , vs  the  supercooling  below  T for  the  nucleation 

cnem  d 

of  NiAl_  using  mechanism  II.  F 
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Table  5.5 

The  log  of  the  nucleation  rate  of  NiAl 
as  a function  of  undercooling  below  Tp  and  surface  energy 
for  mechanisms  I and  II 


Undercooling 

K 

Surface 

energy, 

erg/cm^ 

Log  nucleation  rate, 
Mechanism  I 

nuclei/cm^ 
Mechanism  II 

10 

40 

17.4 

* 

50 

* 

* 

60 

* 

* 

15 

40 

27.7 

15.2 

50 

19.8 

* 

60 

8.0 

* 

20 

40 

31.3 

24.3 

50 

26.9 

13.0 

60 

20.2 

* 

25 

40 

33.0 

28.4 

50 

30. 1 

21  .3 

60 

25.8 

10.5 

30 

40 

33.9 

30.7 

50 

31  .9 

25.7 

60 

28.9 

.18.2 

35 

40 

34.8 

32.1 

50 

33.0 

28.4 

60 

30.8 

22.9 

MO 

40 

35.0 

33-0 

50 

33.7 

29.3 

60 

32.0 

25.9 

45 

40 

35.2 

33.6 

50 

34.1 

31  .4 

60 

32.8 

28.0 

* Number  of  nuclei  is  less  than  1 . 
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greater  undercooling  to  achieve  the  same  number  of  nuclei  as  mechanism 
1.  At  undercoolings  smaller  than  35  K,  the  number  of  nuclei  rises 
very  quickly  with  increasing  undercooling.  At  undercoolings  greater 
than  35  K the  number  of  nuclei  produced  by  both  mechanisms  levels 
off.  It  should  be  noted  that  at  still  higher  undercoolings,  the 
number  of  nuclei  should  decrease  because  of  the  increase  in  viscosity 
of  the  melt. 

The  number  of  nuclei  necessary  to  saturate  the  surface  of  the 
Ni^Al^  can  be  estimated  knowing  the  surface  area,  and  the  size  of  the 
critical  nucleus,  r . The  surface  area  of  the  Ni^Al^  phase  was 
measured  using  the  intercept  counting  technique  described  earlier  and 
the  results  were  summarized  in  Table  4.5.  The  size  of  the  critical 
nuclei  is  given  by 


2q 

AG  u 
chem 


5.32 


Assuming  each  nucleus  to  be  a hemispherical  cap,  occupying  an 
* 2 

area  of  ir(r  ) , the  total  area  occupied  by  the  nuclei  is  given 
* 2 

by  Nir(r  ) , which  can  be  calculated  using  the  undercooling  and  the 
corresponding  number  of  nuclei  from  Table  5.5.  The  calculated  area  of 
the  nuclei  for  undercoolings  ranging  from  0 to  15  K below  the 
peritectic  liquidus  are  summarized  in  Table  5.6.  Included  in  Table 
5.6  is  the  measured  surface  area  of  the  N^Al^  from  a sample 
containing  25  wt . % Ni  continuously  cooled  at  20  K/s.  It  is  important 
to  note  that  the  area  of  the  nuclei  exceeds  the  area  of  the  primary 
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Table  5.6 

The  surface  area  occupied  by  nuclei  of  r . 


Under 

Cooling 

Surface 
Energy 
a,  erg/cm2 

* 

r 

cm  X 108 

Area  of  a 
Hemispherical 
Cap,  cm2 

Tota^  A 
Nir(r  ) 

I 

rea  „ 
2 

, cm 
II 

10 

40 

3.2 

3.2  X 

10“15 

80 

0 

50 

4.0 

5.0  X 

O 

1 

KJ] 

0 

0 

60 

4.8 

7.2  X 

10" 15 

0 

0 

15 

40 

2. 1 

1 .4  X 

10"15 

7 X 1012 

2.2 

50 

2.6 

2.1  X 

10"15 

1 X 105 

0 

60 

3.2 

3.2  X 

10'15 

3 X 10"7 

0 
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phase  within  a temperature  interval  of  5 K,  for  example  80  to 
10  cm  . This  is  a result  of  rapid  increase  in  the  number  of  nuclei 
with  increasing  undercooling.  When  the  area  occupied  by  the  nuclei 
exceeds  the  area  of  the  primary  phase,  site  saturation  is  said  to 
occur . 

The  effect  of  cooling  can  be  shown  by  using  the  previous 
calculated  values  of  the  steady  state  nucleation  rate  and  equation 
5.13*  Equation  5.13  combines  the  effect  of  cooling  rate  on  the  number 
of  nuclei  and  effect  of  cooling  on  the  surface  area  of  the  primary 
phase . 

Figure  5.7  shows  the  effect  of  cooling  rate  on  the  number  of 
nuclei  generated  by  mechanisms  I and  II  at  10,  20  and  30  K of 
undercooling  and  a surface  energy  of  50  erg/cm2.  Despite  changes  in 
the  cooling  rate,  the  relative  importance  of  each  reaction  mechanism 
remains  the  same.  Thus  according  to  Figure  5.7  cooling  rate  should 
have  no  effect  on  the  relative  importance  of  these  mechanisms. 

Exper imentally  the  number  of  NiAl^  cells  per  unit  area  of  the 

primary  phase  was  found  to  increase  with  increasing  cooling  rate. 

Comparing  Figures  4.16  and  4.19  from  samples  solidified  at  20  and 

6X10^  K/s,  respectively,  illustrates  this  qualitatively,  while 

Figure  4.24  shows  that  the  number  of  NiAl^  cells  is  proportional 

.1/2 

to  £ . According  to  the  nucleation  calculations,  equation  5.11,  the 

number  of  nuclei  should  decrease  with  increasing  cooling  rate.  The 
difference  between  the  calculated  and  experimental  results  is  due  to 
the  effects  of  growth  and  coarsening.  Growth  of  the  peritectic  phase 
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Figure  5.7  The  log  of  the  number  of  nuclei  from  mechanisms  I and  II  vs  the  supercooling  below 
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decreases  the  area  of  the  primary  phase  available  for  nucleation, 
while  coarsening  also  reduces  the  area  by  eliminating  smaller 
particles  at  the  expense  of  the  larger  ones.  Both  processes  reduce 
the  observed  number  of  peritectic  cells  compared  to  what  is  expected 
by  considering  just  nucleation. 

Al-31 .5  at . % Ni 

The  nucleation  calculations  can  be  repeated  for  the  peritectic 
reaction  involving  NiAl  and  Ni^l^.  solids.  As  was  the  case  for 
the  NiAl ^ phase,  there  are  three  possible  reaction  mechanisms.  For 
the  first  mechanism,  the  balanced  chemical  reaction  is  given  by 


of  temperature,  obtained  from  Barine  et  al . [77Bar],  are  given  as 
For  the  Ni  ^A1  ^ phase , 


5.33 


The  Gibbs  free  energy  of  the  NiAl  and  Ni^l  phases  as  a function 


G = . 3 4 ( AT ) - 609.0  KJ(mole) 


5.35a 


. 07( AT ) - 121 .8  KJ(g-atom) 


5.35b 


For  the  NiAl  phase, 


G = . 1 3 ( AT ) - 2M7.6  KJ (mole ) 


-1 


5.36a 


. 07( AT ) - 123.8  KJ(g*atom) 


-1 


5.36b 
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Note  that  for  the  NiAl  phase,  the  composition  used  in  the  balanced 
chemical  reaction  is  the  aluminum  rich  composition  at  the  peritectic 
isotherm  while  the  thermodynamic  data  are  available  only  for  the 
stoichiometric  composition.  In  the  light  of  the  rather  large 
composition  difference,  between  the  composition  of  the  aluminum  rich 
boundary  and  the  stoichiometry,  8 at . % Ni , the  accuracy  of  the 
thermodynamic  data  and  the  resulting  AG  values  is  not  expected  to  be 
as  good  as  it  was  for  the  NiAl ^ phase. 

The  activities  of  nickel  and  aluminum,  6.53  X 10~6  and  .534, 
respectively,  were  obtained  from  Schaefer  [75Sch]  and  were  used  to 
calculate  the  Gibbs  free  energy  of  the  liquid  following  the  procedure 
described  earlier.  The  Gibbs  free  energy  of  the  liquid  as  function  of 
temperature  and  undercooling  below  the  peritectic  isotherm  is  given  by 

Gl  = .27C.99.26  X 10~3(T)  - 69.0  + . 1 ( AT ) ] 

+ .73C-5.21  X 10~3(T)  - 75.0  + .085(AT)]  5-37 

The  calculated  values  of  AG  from  equations  5.34,  5.35,  5.36  and 
5.37  are  given  in  Table  5.7  and  plotted  in  Figure  5.8.  As  can  be 
seen,  at  zero  undercooling,  a AG  value  of  1.01  is  obtained  rather  than 
zero.  Similar  to  the  NiAl^  phase,  the  nonzero  intercept  reflects 
rounding  errors  and  the  inaccuracies  of  the  thermodynamic  data.  The 
slope  of  the  AG  vs  AT  line  is  calculated  as  5.1  J(g*atom)_1  (K ) - 1 . 

This  was  converted  from  a per  g*atom  basis  to  a per  volume  basis  using 
equation  5.25  with  0 equal  to  8.284  cm^  g-atom  In  comparison  to 
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Table  5.7 

The  change  in  Gibbs  free  energy  for  the  reaction 
•*  1 


Nl  .4A1.6 


7.5 ( 6'5  Nl.42A1.58  + 


Nl .27A1.73} 


as  a function  of  undercooling  below  Tp 


AT 

Change  in  Gibbs  free  energy 
KJ (g*atom)_1 

0 

1 .01 

10 

.964 

20 

.912 

30 

.860 

40 

.808 

50 

.756 
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Figure  5.8  The  calculated  values  of  AG  . V3  the  supercooling  below  T for  the  nucleation  of 

. cnem  p 

Ni„Al3  by  mechanism  I. 
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the  NiAl ^ peritectic  reaction,  the  Gibbs  free  energy  change  for  the 
formation  of  Ni  ^A1 ^ is  almost  an  order  of  magnitude  lower.  Thus 
compared  to  the  NiAl^  phase,  the  high  temperature  peritectic  reaction 
should  be  less  effective  in  nucleating  the  Ni^l  phase. 

For  the  second  nucleation  mechanism,  the  calculated  enthalpy  of 
fusion  is  -23.2  KJ(g*atom)  1 . The  higher  value  of  AHf  for 
Ni^Al^  compared  to  NiAl^  is  due  primarily  to  the  larger  entropy  of 
fusion  (-16.5  vs  -15.8  J/g*atom  K)  of  Ni^Al^  vs  NiAl^.  As  was  the 
case  for  the  NiAl^  phase,  the  value  of  0 in  equation  5.8  is  unknown. 
Unlike  the  NiAl^  phase,  the  Ni^Al^  phase  formed  a continuous  rim 
around  the  primary  phase,  see  Figure  4.30.  Therefore  estimating  0 
from  the  microstructure  is  not  possible.  Transmission  electron 
microscopy  did,  however,  show  a strong  orientation  relationship 
between  the  NiAl  and  Ni^Al^  phases;  indicating  good  matching  between 
the  two  phases.  Based  on  this  observation,  the  value  of  0 should  be 
rather  small.  Arbitrary  values  of  f(0)  equal  to  0.15,  0.30  and  0.50 
were  used  to  estimate  the  nucleation  rate. 

The  number  of  nuclei  produced  by  mechanisms  I and  II  are  given  in 
Table  5.8  for  undercoolings  below  the  peritectic  isotherm  for  a 
surface  energy  of  165  ergs/cm2,  and  f(0)  equal  to  0.15,  0.30  and 
0.50.  Notice  that  the  low  value  of  AG  for  mechanism  I results  in  no 
nuclei  for  undercoolings  less  than  95  K.  In  contrast,  the  second 
mechanism  needs  much  less  undercooling  for  nucleation.  According  to 
these  calculations,  the  nucleation  of  the  Ni  ^A1  phase  may  occur 
directly  from  the  melt  using  the  primary  phase  as  a heterogeneous 
catalyst;  but  without  the  aid  of  the  peritectic  reaction.  Similar  to 
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Table  5.8 

The  log  of  the  calculated  number  of  Ni^lo  nuclei 
for  mechanisms  I and  II  and  f(0)  = .15,  .3C)  and  .50. 


AT,  K 

Log  (number 

of  nuclei)  cm  3 

Mechanism 

I 

Mechanism  II 

f (0 ) = .15 

f(0)  = .30 

f (0 ) = .5 

5 

* 

* 

* 

* 

15 

# 

* 

* 

# 

25 

* 

* 

* 

* 

35 

* 

* 

* 

* 

45 

* 

3.6 

# 

# 

55 

* 

14.2 

* 

* 

65 

* 

20.4 

4.6 

* 

75 

* 

24.3 

12.4 

* 

85 

* 

26.9 

17.6 

5.1 

* Calculated  number  of  nuclei  is  less  than  one. 
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the  previous  discussion,  the  mechanism  III  which  involves  the 
nucleation  of  the  Ni^Al^  phase  from  the  liquid  without  primary  phase 
participation  also  does  not  contribute  to  the  total  number  of  nuclei 
at  undercoolings  less  than  95  K. 

The  nucleation  kinetics  of  the  NiAl  ^ and  Ni^l^  phases  show  some 
interesting  comparisons.  The  NiAl^  phase  requires  an  undercooling  of 
1 5 to  20  K prior  to  nucleation  while  the  Ni^Al^  phase  requires  40  to 
45  K.  The  amount  of  undercooling  is  extremely  sensitive  to  the 
surface  energy  and  therefore  the  magnitude  of  the  calculated 
undercoolings  should  not  be  given  much  weight. 

More  significant  than  the  amount  of  undercooling  or  the 
nucleation  rate,  is  the  relative  importance  of  the  three  mechanisms. 
For  the  NiAl  phase,  the  peritectic  reaction  is  more  effective  in 
aiding  nucleation  at  a given  undercooling  than  the  other  two 
mechanisms.  Exactly  the  opposite  is  the  case  for  the  Ni^Al^  phase, 
nucleation  directly  from  the  melt  using  the  primary  phase  as  a 
substrate  (mechanism  II)  far  outweighs  the  number  of  nuclei  produced 
via  the  peritectic  reaction. 


The  Influence  of  Growth  Kinetics  on  the  Morphology 
of  the  Peritectic  Phase 

The  NiAl ^ phase  displays  many  of  the  characteristics  of  facet 
forming  materials,  a sharp  solid-liquid  interface  and  anisotropic 
growth.  The  generally  accepted  criterion  [86Kur]  for  a faceted 
material  is  if  the  value  of  AS^/R  (where  R is  gas  constant),  is 
greater  than  6,  while  nonfaceted  materials  have  values  less  than  1. 
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Materials  with  intermediate  values  have  both  nonfaceted  and  faceted 
characteristics  or  may  be  facet  forming  on  particular  crystallographic 
planes.  According  to  the  above  criterion,  NiAl ^ with  a value  of  2.1 
should  be  both  faceted  and  nonfaceted. 

The  growth  of  a faceted  phase  at  low  cooling  rates  occurs  by 
either  a two-dimensional  nucleation  mechanism  or  a dislocation 
assisted  growth  [87Pet].  Dislocation  assisted  growth  can  be  described 
by  an  equation  of  the  form  [87Pet] 

2 

V = k1  AT  /ATC  tanh[ATc/AT]  5.38 

where  k is  a material  constant 

AT  is  the  bulk  undercooling 

ATC  is  a constant  depending  on  the  interfacial  conditions. 

For  NiAl^  and  Ni^Al^  phases  examination  in  transmission  electron 
microscope  did  not  show  evidence  of  dislocations  and  therefore  this 
growth  mechanism  was  not  considered.  For  two-dimensional  nucleation, 
a nucleus  forms  on  the  surface  and  propagates  laterally  across  the 
interface.  Two  growth  modes  are  possible,  mononuclear  which  involves 
the  spreading  of  just  one  nuclei  , and  polynuclear  which  involves  the 
spreading  of  many  nuclei.  Of  the  two,  polynuclear  is  generally  more 
common.  Assuming  the  growth  to  be  polynuclear,  the  growth  rate 
equation  is  given  by, 

/ C o 

V = kAT  exp(-Moe/3TAT) 


5.39 


236 


where  ag  is  the  step  edge  free  energy,  AT  is  the  interfical 
supercooling,  T is  the  temperature,  and  M and  k are  constants 
particular  to  the  growing  interface.  Note  that  in  order  for  a 
measurable  growth  to  occur,  a threshold  supercooling,  ATC , is 
required.  The  amount  of  this  supercooling  varies  depending  on  both 
the  material  and  the  crystallograph  plane.  For  example,  in  gallium 
the  supercooling  of  (111)  interface  was  found  to  be  1.5  K while  0.6  K 
of  supercooling  was  necessary  for  the  (001)  interface  [87Pet]. 
Recently  Peteves  [87Pet]  has  shown  that,  at  large  undercoolings,  the 
normally  faceted  solid-liquid  interface  roughens  and  behaves  as  a 
nonfaceted  interface.  The  kinetic  roughening  can  be  modeled  by  a 
reduction  in  the  step  edge  free  energy. 

Once  a peritectic  phase  nucleates  on  the  primary  phase,  it  can 
grow  both  parallel  and  perpendicular  to  the  primary  phase.  Growth 
parallel  to  the  primary  phase  will  be  influenced  by  the  peritectic 
reaction  since  the  liquid,  primary  and  peritectic  phases  are  in 
contact.  The  shape  of  the  solid-liquid  interface  in  the  region  of 
three-phase  contact  is  shown  in  Figure  2.9  for  a nonfaceted  peritectic 
phase.  If  the  peritectic  phase  is  faceted,  then  the  contact  area  has 
to  be  modified  to  include  a flat  solid-liquid  interface,  shown  in 
Figure  5.9.  Included  in  the  figure  is  the  Al-Ni  phase  diagram  near 
the  peritectic  isotherm  showing  the  extrapolated  primary  phase 
liquidus  at  a temperature  below  Tp . Two  regions,  A and  B,  have  been 
identified  on  this  figure;  A corresponds  to  a region  close  to  the 
three-phase  junction,  while  B is  away  from  the  primary  phase. 


237 


Figure  5.9  The  three-phase  junction  between  the  primary,  peritectic 
and  liquid  phases,  and  the  Al-Ni  phase  diagram  at 
temperatures  near  T . 

P 
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Considering  first  region  B,  assuming  that  local  equilibrium  is 

maintained  across  the  various  interfaces,  the  composition  of  the 

liquid  at  the  interface  is  given  by  CL  , while  for  a small  amount  of 

per  ’ 

the  peritectic  phase  solidified,  the  composition  of  the  bulk  liquid  is 

Cp.  The  solute  concentration  profile  ahead  of  the  peritectic-liquid 

interface  is  shown  in  Figure  5.10a.  The  driving  force  for  growth  is 

the  difference  between  the  interface  temperature  and  Tp . In  region  A 

and  at  the  same  temperature  as  above,  the  dissolution  of  the  primary 

phase  is  driven  by  the  composition  difference  between  the  extrapolated 

primary  phase  liquidus  and  the  liquidus  of  the  peritectic 

. L L . 

phase  (Cpri  - cper ) • The  concentration  profile  in  the  liquid,  ahead 
of  the  primary  phase  near  the  three-phase  junction,  is  shown  in  Figure 


5 . 1 0b  . 

Assuming  the  primary  phase  to  be  planar,  the  dissolution  is 
governed  by  an  equation  of  the  form  [83Arn], 


dx 

dt 


2VTTt; 


1/2 


with  k 


(C 


pri 


(C 


pri 


per 


per 


) 


) 


5.40 


where  C_„,-  is  the  composition  of  the  primary  phase,  D,  is  the  liquid 

Pi  1 Lj 

diffusivity,  and  t is  the  time.  According  to  equation  5.40,  the 
thickness  of  the  primary  phase  dissolved  will  depend  on  the  liquid 
diffusivity,  the  time  and  the  constant  k.  For  a given  time  and  liquid 
diffusivity,  the  rate  of  primary  phase  dissolution  is  governed  by  the 


constant  k. 


Concentration 
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Figure  5.10  The  concentration  profiles  in  the  liquid:  (a)  ahead  of 

the  peritectic  phase  and  away  from  the  primary  phase,  and 
(b)  ahead  of  the  primary  phase  and  near  the  peritectic 
phase . 
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The  constant  k can  be  rewritten  in  terms  of  the  supercooling 
below  the  peritectic  isotherm  as 


k _ 2(_--0.3_9_(AT)  ) 

+ . 1 ( AT ; 


5.41 


Note  that  k is  nonzero  for  any  positive  value  of  supercooling,  and 
therefore,  dissolution  is  expected  for  any  supercooling  below  the 
peritectic  isotherm. 

Comparing  the  equations  for  the  growth  of  the  peritetic  phase 

directly  from  liquid  (equations  5.38  and  5.39)  to  dissolution  rate 

(equation  5.40)  shows  that  while  a critical  supercooling  is  required 

to  initiate  growth,  dissolution  can  occur  at  any  supercooling.  As  a 

result  of  the  difference  between  the  kinetics  of  growth  and 

dissolution,  at  supercooling  less  than  that  necessary  to  drive  the 

faceted  phase,  the  primary  phase  can  still  dissolve.  The  dissolution 

of  the  primary  phase  tends  to  increase  the  composition  of  the  liquid 

immediately  ahead  of  the  peritectic  phase  towards  . . This  in 

pn 

effect  lowers  the  driving  force  for  growth,  since  when  plotted  on 

the  liquidus  of  the  peritectic  phase  represents  a smaller  supercooling 

below  T compared  to  . Note  however  that  dissolution  can  only 
p per  J 

occur  in  the  region  of  three-phase  (liquid,  peritectic  and  primary 
phase)  contact.  The  amount  dissolved  will  be  limited  by  the  degree  of 
mixing  in  the  liquid  and  the  extent  of  three-phase  contact. 

Thus  at  region  A the  supply  of  solute  is  the  largest  but  the 


driving  force  for  growth  is  the  least,  while  at  region  B the 
undercooling  or  driving  force  is  the  largest  but  the  supply  of  solute 
is  the  least.  The  peritectic  phase  must,  by  virtue  of  its  faceted 
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nature,  maintain  a flat  solid-liquid  interface  and  therefore  the 
spreading  of  the  peritectic  phase  across  the  primary  phase  may  be 
retarded.  This  will  allow  time  for  nucleation  of  other  cells  away 
from  the  three-phase  junction.  This  might  account  for  the  repeated 
nucleation  of  the  peritectic  phase  along  the  primary  dendrite  in 
directional  solidified  samples. 

If,  on  the  other  hand,  the  peritectic  phase  is  nonfaceted,  then 
there  is  a small  kinetic  barrier  to  growth.  The  dissolution  of  the 
primary  phase  may,  by  supplying  solute  to  the  advancing  peritectic- 
liquid  interface,  also  aid  in  the  lateral  spreading  of  the  peritectic 
phase . 

Based  on  the  above  discussion,  it  may  be  concluded  that  a faceted 
peritectic  phase  forms  a discontinuous  cellular  layer  because  of  the 
repeated  nucleation,  while  a nonfaceted  peritectic  phase  forms  a 
continuous  rim  surrounding  the  primary  phase.  It  should  be  noted 
that,  as  shown  by  Peteves  et  al . [87Pet],  the  faceted/nonfaceted 
nature  of  a solid-liquid  interface  depends,  among  other  factors,  on 
the  driving  force;  at  larger  supercoolings,  the  faceting  behavior 
disappears  because  of  kinetic  roughening.  This  is  indeed  in  agreement 
with  the  present  observations  . The  NiAl^  phase,  at  cooling  rates 
below  approximately  10,000  K/s , is  faceted  and  therefore  forms  a 
discontinuous  cellular  layer,  while  at  cooling  rates  above  10^  K/s  the 
NiAl^  phase  solidifies  as  a nonfaceted  material  and  therefore 
completely  covers  the  primary  phase. 
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The  Effects  of  Cooling  Rate  on  the  Volume  Fractions 
of  the  Constituent  Phases 


Al-25  at . % Ni 


The  volume  fraction  of  the  Ni^l^  and  NiAl  ^ phases  and  the 
NiAl  -A1  eutectic,  as  determined  by  image  analysis,  are  plotted  vs  the 
cooling  rate  for  samples  with  25  at . % Ni  in  Figure  5.11.  The  volume 
fraction  of  the  NiAl^  phase  initially  decreases  from  .42  at  20  K/s  to 
.38  at  600  K/s,  then  increases  continuously  to  .69  at  10^  K/s,  the 
highest  cooling  rate  studied.  The  Ni^Al^  or  properitectic  phase  shows 
the  opposite  trend;  while  the  volume  fraction  of  the  NiAl^  phase 
decreases,  the  volume  fraction  of  the  Ni^Al^  phase  increases  and  vice 
versa.  The  volume  fraction  of  the  NiAl^-Al  eutectic  remains 
approximately  constant  at  .22  as  measured  by  the  image  analysis,  but 
the  volume  fractions  determined  by  the  diffraction  technique  showed  a 
drop  of  .05  at  a cooling  rate  of  10^  K/s  compared  to  20  K/s. 

The  amount  of  eutectic  formed  for  a given  composition  depends  on 
the  amount  of  liquid  remaining  after  the  solidification  of  the 
peritectic  phase,  and  the  temperature  at  which  the  eutectic  is  forming 
and  the  liquid  composition.  The  eutectic  temperature  is  expected  to 
be  depressed  as  the  cooling  rate  is  increased. 

The  decrease  of  .05  in  the  volume  fraction  of  the  eutectic 
reflects  an  increase  of  less  than  1$  in  the  volume  fraction  of 
the  NiAl  phase  since  the  aluminum  phase  occupies  approximately  89%  of 
the  eutectic.  Therefore  the  change  in  the  measured  volume  fraction 
of  NiAl  . is  not  related  to  the  eutectic  volume  change.  It  is  related 
to  the  change  in  the  volume  fraction  of  liquid  remaining  after 
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The  volume  fractions  of  Ni  A1  , NiAl_  and  eutectic  for  cooling  rates  ranging  from  20 


244 


solidification  of  the  primary  phase.  This  can  be  seen  by  normalizing 
the  volume  fraction  of  the  NiAl ^ to  the  volume  fraction  of  liquid 
remaining  after  solidification  of  the  Ni^l^  phase,  given  by 

normalized  V„(NiAl  ) 

V - f 3 u? 

f(NiAl3)  1 - Vf(Ni2Al3) 

The  normalized  volume  fraction  of  NiAl^  is  Plotted  vs  the  log  of 
the  cooling  rate  in  Figure  5.12,  which  shows  that  the  volume  fraction 
of  NiAl^  is  not  affected  dramatically  by  the  cooling  rate.  The 
fraction  is  .64  at  rate  20  K/s , falls  to  a minimum  of  .60  at  600  K/s 
and  then  rises  to  .71  at  a cooling  rate  of  1 X 10^  K/s.  For  cooling 
rates  above  6 X 10^  K/s  the  normalized  volume  fraction  of  the 
NiAl^  shows  only  a slight  increasing  trend,  from  .71  to  .76.  Note 
that  the  normalized  volume  fraction  of  NiAl^  includes  only  the 
NiAl^  that  formed  prior  to  the  eutectic  reaction;  the  NiAl^ 
associated  with  the  eutectic  is  not  included. 

Figure  5.13  plots  the  volume  fraction  of  Ni^Al^  vs  the  volume 
fraction  of  NiAl^  for  25  at . % Ni  samples  processed  by  direct 
quenching  or  isothermal  holding.  As  can  be  seen,  a decrease  in  the 
volume  fraction  of  the  primary  phase  causes  a proportional  increase  in 
the  volume  fraction  of  the  peritectic  phase.  The  constant  of 
proportionality  is  -.84,  which  reflects  the  density  ratio  of 
the  NiAl  to  Ni  A1  phases.  If  the  densities  of  the  primary  and 
peritectic  phases  had  been  equal,  a one-to-one  correspondence  would 


have  been  obtained. 


25  at 
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Figure  5.12  The  normalized  volume  fraction  of  NiAl„  and  Ni  A1  vs  cooling  rate. 
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Figure  5.13  The  volume  fraction  of  Ni„Al_  vs  the  volume  fraction  of  NiAl  for  samples  containing 
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The  weight  fraction  of  a phase  forming  from  liquid  can  be 
approximately  calculated  using  the  Scheil  nonequilibrium  model  as 
[74Fle] 


f 

s 


1 

k-1 


5.43 


where  k = equilibrium  partition  coefficient,  C /C 

s 1 

fs  = weight  fraction  of  the  solid 

CQ  = initial  composition 

C-^  = composition  of  the  liquid. 

The  model  assumes  that  the  liquid  is  well  mixed  and  there  is  no 
solid  state  diffusion.  In  order  to  apply  the  equation  to  the  present 
alloy  systems,  a modification  is  necessary  to  take  into  account  that 
the  liquidus  and  solidus  do  not  extrapolate  to  a pure  component.  Such 
a modification  takes  the  form  of  a coordinate  transformation  done  by 
subtracting  the  composition  Ch  , corresponding  to  the  intersection  of 
the  extrapolated  liquidus  and  solidus  lines  from  the  initial  solid  and 
liquid  compositions.  Equation  5.43  now  becomes 


f 

s 


1 


k'-l 


5.44a 


where  k'  = (C  - C.)/(C  - C.).  5.44b 

S 1 _L  1 


C ' = C - C . and 
001 

C'  = 
s 


C - C.  . 
s 1 
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The  Al-Ni  phase  diagram  is  redrawn  in  Figure  5.14  in  terms  of 
wt . % A1  to  maintain  the  formalism  of  the  original  derivation,  i.e.,  k 
is  less  than  1 and  the  liquidus  and  solidus  have  negative  slopes.  The 
redrawn  Al-Ni  phase  diagram  shows  the  values  of  C ^ used  to  calculate 
the  volume  fractions  of  the  NiAl , Ni2Al3  and  NiAl  ^ phase.  The  solidus 
and  liquidus  were  approximated  by  straight  lines  and  the  intercept, 

Cj,  was  determined  from  the  intersection  of  the  extended  solidus  and 
liquidus. is  shown  in  Figure  5.14. 

The  Scheil  equation  calculates  the  weight  fraction  of  a phase. 

The  conversion  from  weight  fraction  to  volume  fraction  is  given  by 


pi sample) 
f s p (phase) 


5.45 


where  Vf  is  the  volume  fraction,  p (phase)  is  the  density  of  phase  in 
question,  and  p (sample)  is  the  bulk  density  of  the  sample. 

The  density  of  the  bulk  sample  was  calculated  from  the  initial 
composition,  the  equilibrium  volume  fractions  and  the  densities  of  the 
two  phases  present  at  equilibrium,  or  if  the  initial  composition  was 
in  a single  phase  region,  the  density  of  the  single  phase.  For 
compositions  between  37.7  to  43.7  at.  % Ni  the  densities  determined  by 
Taylor  and  Doyle  [72Tay]  were  used.  The  densities  of  the  Ni^l^  and 
NiAl  phases  vary  with  composition  since  these  phases  can  exist  over  a 
range  of  compositions.  In  the  Ni^Al^  phase,  the  density  varies  from 
4.788  g/cm  at  stoichiometry  to  4.593  g/cm  at  the  aluminum  rich  phase 
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Figure  5.14  The  Al-Ni  phase  diagram  showing  metastable  extensions  of  the 
solidus  and  liquidus  used  to  calculate  in  equation  5.44b. 
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boundary.  For  the  present  calculations,  a density  of  4.60  g/cm3  was 
used,  since  for  all  compositions  but  those  close  to  stoichiometry,  the 
phase  boundary  changes  slightly  with  temperature.  For  the  NiAl  phase, 
the  density  varies  from  5.873  g/cm3  at  stoichiometry  to  5.300  g/cm3  at 
the  aluminum  rich  phase  boundary.  For  NiAl,  the  density  of  the 
aluminum  rich  solid  solution  was  used  because  for  most  alloys  studied, 
the  NiAl  solidus  is  almost  vertical. 

Although  the  NiAl  phase  was  not  present  in  alloys  with  25  at. 

% Ni,  the  calculation  of  its  volume  fraction  is  included  here  for  use 
in  alloys  containing  between  27  to  50  at . % Ni  . The  weight  fraction 
is  given  by 


fNiAl 

s 


1 - ' 1 ] 

(c;) 

0 


■1  .41 


5.46 


with  C equal  to  31.1  wt . % A1 , k'  equal  to  .29  and  the  volume 
fraction  given  by 

vJ!lA1  = (p(sample)/5.3)fgiA1  5.47 

The  liquid  remaining  after  the  solidification  of  the  NiAl  has  a 
composition  of  55.4  wt . % A1  with  a density  of  4.085  g/cm3  and  starts 
to  solidify  as  Ni^Al^.  The  initial  composition  or  CQ  becomes 
55.4  wt.  % Al,  equals  38.0  and  k'  is  equal  to  0.18.  If  there  is  no 
NiAl  in  the  microstructure , the  weight  fraction  of  Ni^Al^  is  given  by 
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Ni  A1 
f 

s 


3 


[33^ 

L(Co)J 


-1  .2 


The  volume  fraction  is  given  by 


V 


Ni2Al 

f 


3 


Ni  A1 
f 

s 


(sample )^‘  ^ 


5.48 


5.49 


If  there  is  NiAl  already  present  in  the  raicrostructure , an 
account  must  be  made  for  the  volume  fraction  of  NiAl  already 
solidified.  Also  Cq  becomes  equal  to  the  composition  of  the 
peritectic  liquidus,  55.4  wt . % A1  (44.6  wt . % Ni),  and  P(sample)  is 
4.085  g/cm^.  Equation  5.48  then  becomes 

Ni  „A1  _ ..... 

Vf  2 3 = (1  - V^lA1)  0.503  5.50 


where  .503  represents  the  volume  fraction  of  Ni^Al^  formed  from  a 
liquid  of  initial  composition  equal  to  55.4  wt . % A1 . 

The  liquid  remaining  after  the  solidification  of  NiAl  and  NijAl^ 
has  a composition  of  72.3  wt . % A1  and  a density  of  3.481  g/cm^.  To 
use  Scheil's  equation  to  calculate  the  amount  of  NiAl^,  it  was 
necessary  to  give  the  phase  a composition  range  so  that  k was 
constant.  For  the  purposes  of  calculation,  the  solid  solubility  range 
of  NiAl^  was  selected  as  0.2  wt . % A1  with  equal  to 
57.87  wt.  % A1 . If  there  were  no  other  solids  present,  the  weight 
fraction  of  NiAl^  is  given  by 


NiAl 

f J 
s 


1 - [• 


• 33 

(C') 

o 


-1  .01 


5.51 
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Table  5.9 

The  volume  fraction  of  NiAl , Ni2Al3>  NiAl 3 and  Eutectic 
as  predicted  by  the  Scheil  equation,  for  all  compositions  studied 


Initial 

Composition 

Sample 

density 

g/cm^ 

Volume 

Fraction 

at . % Ni  wt . % Ni 

NiAl 

Ni2Al3 

NiAl3 

Eutectic 

15.2 

28.0 

3.48 

. 

.532 

.468 

16.5 

30.0 

3.55 

.063 

.499 

.439 

20.0 

35.1 

3.73 

.208 

.421 

.369 

20.1 

35.4 

3.73 

.216 

.417 

.332 

21  .9 

37.9 

3.82 

.291 

.377 

• 332 

22.0 

38.1 

3.83 

.297 

.374 

.329 

23.2 

39.6 

3.89 

.343 

.350 

.308 

23.6 

40.2 

3.91 

.361 

.340 

.299 

25.0 

42.0 

3.98 

.418 

.310 

.273 

25.4 

42.6 

4.00 

.436 

.300 

.264 

26.0 

43.0 

4.02 

.448 

.293 

.258 

27.1 

44.7 

4.09 

.503 

.265 

.233 

27.3 

45 

4.10 

.020 

.493 

.259 

.228 

31.5 

50 

4.30 

.245 

.380 

.200 

.176 

34.1 

53 

4.42 

• 379 

.312 

.164 

.145 

35.8 

54.8 

4.51 

.391 

.306 

.161 

.142 

37.8 

56.9 

4.61 

.552 

.225 

.118 

.104 

40.8 

60 

4.80 

. 660 

.171 

.090 

.079 

41  .0 

61 

4.91 

.741 

.130 

.069 

.060 
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with  k'  equal  to  .01  and  the  volume  fraction  given  by 


NiAl 


3 


V 


f 


5.52 


If  NiAl  or  Ni^Al^  is  present  in  the  microstructure  the  volume 
fraction  of  NiAl^  is  given  by 


5.53 


liquid  of  72.3  wt . % A1 . Any  liquid  remaining  after  the  solidi- 


eutectic  for  all  compositions  studied  are  given  in  Table  5.10.  Table 
5.11  summarizes  the  ratios  of  the  measured  to  calculated  volume 
fractions  of  N^Al^  from  samples  containing  25  at . % Ni  solidified  at 


vs  the  log  of  the  cooling  rate  in  Figure  5.15.  The  normalized  volume 
fraction  of  the  primary  phase  follows  the  same  trend  as  the 
unnormalized  data;  a maximum  is  observed  at  a cooling  rate  of 
approximately  600  K/s , where  the  normalized  volume  fraction  of  the 
primary  is  about  84?  of  the  value  predicted  by  the  Scheil  equation. 
The  Scheil  equation  was  best  able  to  predict  the  amount  of  the 
proper itectic  phase  or  nonequilibrium  phase  at  intermediate  cooling 


cooling  rates  ranging  from  20  to  1 05  K/s  and  the  same  data  are  plotted 
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Table  5.10 

The  volume  fraction  of  Ni2Al3  in  samples  with  25  wt . % Ni 
normalized  to  the  volume  fraction  predicted  by  the  Scheil  equation 


Cooling  Rate 
K/s 

Vj.  (Measured) 
Ni  2A1 3 

Vf  (Calculated) 
Ni  2AI3 

20 

• 35 

.42 

.83 

600 

.40 

.42 

.95 

6000 

.32 

.42 

.76 

10000 

.27 

.42 

.64 

105 

.13 

.42 

O 

m 

f (NigAl  ) 
^Scheil 
f (Ni2Al3) 
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Table  5.11 

The  calculated  composition  of  liquid  in  front  of 
the  dendrite  tip,  the  associated  undercooling  and 
the  volume  fractions  for  samples  with  25  wt . % Ni 


Growth  Rate 
cm/s 

C* 

wt . % Al 

AT 

K 

O CO 

fPrim 

s 

.001 

20.02 

.8 

.0014 

CO 

-=r 

.01 

20.1 

2.4 

.0045 

.481 

.1 

20.2 

7.7 

.014 

.481 

1 .0 

20.7 

24.4 

.044 

.481 

5.0 

21  .7 

• 54.7 

.093 

.482 

10.0 

22.4 

77.3 

.128 

.482 

20.0 

23-3 

109 

.173 

.483 

50.0 

25.3 

173 

.253 

.485 

* C.  = C - C.  , C.  wt.  % Al. 
t i i 
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Figure  5.15  The  normalized  volume  fraction  of  Ni?Al_  in  samples  containing  25  at . % Ni  V3 . the  cooling 
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rates.  At  cooling  rates  slower  and  faster,  the  observed  volume 
fraction  of  the  properitectic  (primary)  phase  is  less  than  what  would 
be  predicted  by  the  Scheil  equation.  This  is  in  contrast  to  eutectic 
systems,  where  the  volume  fraction  of  the  nonequilibrium  second  phase 
(not  the  primary)  follows  the  trend  discussed  above. 

At  low  cooling  rates,  reductions  from  the  predicted  value  are 
attributed  to  the  fact  that  the  Scheil  model  is  not  realistic  in 
assuming  negligible  solid  state  diffusion  during  solidification, 
called  back  diffusion  [74Fle].  In  a peritectic  system,  the  peritectic 
reaction  will  also  reduce  the  volume  fraction  of  the  primary  phase. 
These  mechanisms  are  dependent  on  the  amount  of  surface  area  available 
and  the  solidification  times,  and  are  discussed  later. 

At  high  cooling  rates  the  Scheil  model  assumes  that  the  dendrite 
tip  is  growing  at  the  liquidus  temperature,  T^ , in  contact  with  liquid 
of  composition  C0  and  that  there  is  no  curvature  effect  at  the 
dendrite  tip.  In  a eutectic  system,  the  conditions  at  the  interface 
influence  segregation  by  the  following  mechanisms: 

1.  second  phase  reduction  due  to  tip  temperature  depression, 

2.  eutectic  temperature  depression  and 

3.  supercooling  prior  to  nucleation. 

Dendrite  tip  temperature  depression  occurs  when  solute  builds  up 
ahead  of  the  growing  dendrite  tip,  allowing  a greater  amount  of  solute 
to  be  incorporated  into  the  solid.  This  reduces  the  amount  of  solute 
available  to  form  the  nonequilibrium  phase.  The  amount  of 
supercooling  and  the  composition  ahead  of  the  dendrite  tip  was  solved 
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by  Burden  and  Hunt  [74Bur,  74Bur2]  as  function  of  the  growth  rate  R as 

8 m R ( 1 - k)  C o 1/2  D G 
4T  . [ 2-1  * 5.54a 

= 2 m,  (C  - C.  ) 5.54b 

L o t 

where  CQ  is  the  initial  composition,  C^.  is  the  composition  of  the 
liquid  ahead  of  the  dendrite  tip,  sy  is  entropy  of  fusion  per  unit 
volume,  a is  the  interfical  energy,  is  the  slope  of  the  liquidus, 
is  the  diffusivity  of  the  liquid,  R is  the  growth  rate  and  G is  the 
thermal  gradient  in  the  mushy  zone.  If  the  thermal  gradient  in  the 
solid  and  liquid  region  is  small,  then  the  term  D^G/R  can  be 
ignored.  The  small  thermal  gradient  implies  that  Newtonian  cooling  is 
taking  place,  which  can  be  checked  by  calculating  the  Biot,  Bi  , number 
of  the  sample,  given  by 


where  h is  the  heat  transfer  coefficient,  R is  the  radius  of  the 

sphere  and  k is  thermal  conductivity.  If  the  Biot  number  is  less  than 

or  equal  to  .1,  then  there  are  negligible  thermal  gradients  in  the 

sample.  Values  of  h for  levitated  sphere  of  Fe-25  wt . % Ni , quenched 

in  molten  lead  and  water  have  been  calculated  by  Abbaschian  and 

Flemings  [83Abb]  as  .52  and  .41  W/cm  K,  respectively.  Using  these 

values  and  the  thermal  conductivity  of  liquid  aluminum  equal  to 
_ 1 _ 1 

150  W/cm  K [83Smi],  the  Biot  number  is  calculated  to  be  .1,  which 
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meets  the  criterion  for  Newtonian  cooling.  Thus  the  term  DLG/R  can  be 
ignored  in  equation  5.54. 

The  volume  fraction  solid  formed  at  the  tip  temperature  with  a 
composition  equal  to  kC^.  is  given  by  Sarreal  [86Sar]  as 


C - C 

fo  = t o 
s Ct(1  - k) 


5.56 


and  the  total  volume  fraction  of  the  second  phase  (f  ) is  given  by 


f 

e 


(1  - 


^max  1 

f°)[— 

s'LkC 


-] 


k-i 


5.57 


where  Cg  is  the  maximum  solid  solubility. 

The  reduction  of  the  second  phase  due  to  eutectic  temperature 
depression  was  expressed  by  Jackson  and  Hunt  [66Jac]  to  be 

1/2 

AT  = AR  5.58 

where  A is  a constant  dependent  on  the  lamellae  or  rod  spacing  of  the 
eutectic.  Sarreal  and  Abbaschian  [86Sar]  combined  the  Jackson  and 
Hunt  analysis  with  that  of  Burden  and  Hunt  [74Bur1,  74Bur2]  to  give 


and 


,new 

'sm 


k Ch 


5.59 


where  C 


new 

sm 


1/2 

£,new  _ ,AR  + ^max. 

sm  _ m s 

s 

is  the  extrapolated  solid  solubility  to  account  for  the 


5.60 
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eutectic  temperature  depression,  C is  composition  at  the  dendrite 

Is 

tip,  and  ms  is  the  slope  of  the  solidus  line. 

In  a peritectic  system,  tip  temperature  depression  will  also 
reduce  the  amount  of  secondary  phase.  In  contrast,  supercooling  prior 
to  primary  phase  nucleation  and  the  possibility  of  peritectic  phase 
nucleation  above  the  peritectic  temperature  will  increase  the  amount 
of  the  peritectic  phase.  In  order  to  calculate  the  volume  fractions 
of  the  primary  and  peritectic  phases,  primary  phase  dendrite  tip 
temperature  depression  and  nucleation  of  the  peritectic  phase  above  Tp 
must  be  considered.  Dendrite  tip  temperature  depression  can  be 
modeled  using  the  equations  of  Burden  and  Hunt  [74Bur1,  74Bur2]  while 
the  elevation  of  the  nucleation  of  the  peritectic  phase  above  Tp  can 
be  treated  in  an  analogous  manner  to  eutectic  temperature  depression. 

First,  let's  consider  the  effect  of  dendrite  tip  temperature 
depression  in  a peritectic  system,  see  Figure  5.16.  Supercooling  of 
the  primary  phase  liquidus  shifts  the  composition  of  C to  higher 

c' 

solute  concentrations,  thus  effectively  reducing  the  amount  of  the 
primary  phase.  The  supercooling  at  the  dendrite  tip,  the  volume 
fraction  formed  at  Ct  and  the  volume  fraction  calculated  using 
equation  5.54  are  summarized  in  Table  5.12  for  25  at . % Ni  samples  at 
growth  rates  ranging  from  0.001  to  50  cm/s. 

In  eutectic  systems,  Sarreal  and  Abbaschian  [86Sar]  showed  that 
higher  growth  rates  cause  an  increase  in  the  volume  fraction  of  the 
primary  or  proeutectic  phase.  In  peritectic  systems,  the  volume 
fraction  of  the  properitectic  phase  increases  with  increasing  cooling 
rate.  However,  for  the  aluminum-nickel  compositions  studied  here  the 


Temperature 
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at.%  Ni 


Figure  5.16  The  effects  of  dendrite  tip  temperature  depression  and 
peritectic  isotherm  elevation  on  the  equilibrium 
peritectic  phase  diagram. 
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Table  5.12 

The  volume  fraction  of  Ni2Al3  for  various  growth  rates  by 
taking  into  account  dendrite  tip  temperature  depression 
and  peritectic  isotherm  elevation. 


Growth  Rate 
cm/s 

AT 

(dendrite  tip) , 
K 

k, 

AT  _ 

(peritectic  isotherm),  s 

K s 

Ni2Al3 

Vf 

.001 

.8 

1 .0 

.18 

.44 

.01 

2.4 

3.5 

.18 

.44 

.1 

7.7 

11.3 

.19 

1.0 

24.4 

35.7 

.20 

.31 

10.0 

77-3 

* 

* Exceeds  extrapolated  maximum  temperature. 
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increase  in  volume  fraction  is  very  small.  For  example,  the 
calculated  volume  fraction  of  Ni^Al^  at  a growth  rate  of  50  cm/s  is 
.485  compared  to  .481  using  the  Scheil  equation,  equation  5.42.  It 
should  be  noted  that  although  changes  in  the  volume  fraction  of 
the  Ni^Al^  phase  were  small,  the  undercooling  at  the  dendrite  tip  is 
large.  This  is  because  of  the  steep  primary  phase  liquidus  which 
produces  large  supercoolings  with  small  increases  in  the  tip 
composition.  For  example,  at  growth  rates  of  10  cm/s  and  50  cm/s,  the 
undercoolings  were  about  60  and  140  K,  respectively.  These  present 
calculations  show  that  small  changes  in  the  composition  of  the  liquid 
ahead  of  the  interface  do  not  significantly  alter  the  amount  of  the 
primary  phase  assuming  all  the  supercooling  is  dissipated  at  the  tip, 
but  instead  dramatically  undercool  the  liquid. 

The  calculation  of  f°  (equation  5.56)  assumes  that  all  the 
supercooling  is  dissipated  immediately  at  the  dendrite  tip.  For 
nonfaceted  materials  this  assumption  appears  to  be  accurate  for  a wide 
range  of  growth  rates  [86Sar],  but  for  a faceted  interface  in  which 
the  solid-liquid  interface  is  not  at  equilibrium  this  assumption  may 
not  be  valid  even  at  slow  growth  rates.  If  the  build  up  of  solute  is 
not  immediately  dissipated,  then  the  entire  liquid  is  supercooled. 

This  supercooling  is  indicated  on  the  phase  diagram  in  Figure  5.16  as 
a parallel  liquidus  and  is  the  result  of  supersaturation  necessary  to 
drive  the  interface. 

The  formation  of  the  peritectic  phase  due  to  solute  build  up 
ahead  of  the  primary  phase  was  used  by  Titchner  and  Spittle  [74Tit]  to 
explain  the  banded  microstructure  observed  in  directionally  solidified 
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samples.  Recall  from  Chapter  2 that  at  values  of  G/R  which  were 
predicted  to  give  a flat  interface,  banded  microstructures  consisting 
of  alternating  layers  of  the  primary  and  peritectic  phases  were 
observed.  A possible  explanation  would  be  that  as  the  primary 
solidifies,  with  a flat  solid-liquid  interface,  solute  builds  up  ahead 
of  the  interface.  The  interface  effectively  becomes  undercooled  since 
the  composition  of  the  liquid  follows  the  liquidus  of  the 
properitectic  phase.  With  sufficient  solute  build  up,  the  peritectic 
phase  nucleates  and  spreads  across  the  primary.  The  growth  of 
peritectic  phase  ceases  when  the  solute  build  up  ahead  of  the 
interface  is  incorporated  into  the  peritectic  phase.  The  primary 
phase  renucleates  and  the  process  continues  as  the  interface  advances - 
further . 

In  addition  to  depression  of  the  primary  phase  liquidus,  the 
possibil-ity  exists  of  elevation  of  the  peritectic  isotherm  [74Boe]. 
This  can  be  seen  from  Figure  5.17.  which  shows  the  free  energy  vs 
composition  diagram  at  a temperature  above  the  peritectic  isotherm. 

The  equilibrium  composition  of  the  primary  and  liquid  phases  are 
indicated  by  the  line  tangent  to  the  two  curves.  The  liquid  of 
composition  CQ  can  lower  its  free  energy  by  forming  a metastable 
peritectic  phase  with  a corresponding  metastable  liquid  given  by  the 
line  tangent  to  both  the  peritectic  and  liquid  phases. 

Boettinger  [74Boe]  applied  the  Jackson  and  Hunt  [66Jac]  model  of 
eutectic  temperature  depression  to  peritectic  systems  and  showed  that 
increasing  growth  rates  would  raise  the  peritectic  isotherm.  The 
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basic  assumptions  in  model  for  eutectic  temperature  depression  are 
that  the  growth  of  two  phases  is  coupled  and  growth  is  occurring  at  an 
isothermal  interface.  For  such  an  analysis  to  be  valid  for  a 
peritectic  system,  similar  conditions  must  also  be  present . As  was 
shown  in  the  directionally  solidifed  and  EM  processed  samples,  coupled 
growth  between  the  primary  and  peritectic  phases  is  not  occurring. 
Therefore,  the  applicability  of  Boettinger's  modification  of  eutectic 
temperature  depression  to  the  peritectic  reaction  involving  N^Al^  and 
NiAl ^ is  questionable. 

The  amount  of  the  peritectic  isotherm  elevation  is  given  by  the 
difference  between  the  extrapolated  NiAl 3 liquidus  and  Tp , or 
alternatively,  the  temperature  difference  between  the  primary  phase 
liquidus  and  the  extrapolated  peritectic  phase  liquidus.  To  evaluate 
the  peritectic  isotherm  elevation  due  to  the  growth  rate  of  the 
primary  phase,  the  following  assumptions  were  made:  (1)  The 
peritectic  isotherm  elevation  is  governed  by  equation  5.58.  (2)  The 

temperature  elevation  is  such  that  for  a given  growth  rate  the 
supercooling  of  the  primary  phase  (due  to  the  solute  build  up)  and  the 
elevation  of  the  peritectic  isotherm  (due  to  equation  5.58)  shift  CD 

r 

along  the  extrapolated  peritectic  phase  liquidus,  see  Figure  5.16. 

The  intersection  of  the  liquidus  temperature  depression  and 
peritectic  elevation  temperatures  is  given  by  the  extrapolated 
liquidus  of  the  peritectic  phase,  shown  in  Figure  5.16. 

The  temperature  of  the  primary  phase  liquidus  is  given  by 

T = 1 6 - 5(C  - C ) + 1128 
P 


5.61 
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and  the  temperature  of  the  metastable  peritectic  liquidus  is  given  by 

T = 9 . 8 ( C - C ) + 1128  5.62 

P 

The  temperature  difference,  AT,  between  the  primary  phase  liquidus  and 
the  peritectic  phase  liquidus  is, 

AT  = 1 6 . 5(C  - C ) - 9.8(C  - C ) 

P P 

= 6 . 7 ( C - C ) 5.63 

P 

where  C is  the  composition  in  wt.  % Ni. 

The  calculated  values  of  AT  as  function  of  R from  equation  5.53 
were  substituted  into  equation  5.63  and  the  composition  of  the 
extrapolated  peritectic  phase  liquidus  was  determined.  This 
composition  was  then  substituted  into  equation  5.62  to  give  the 
temperature  of  the  extrapolated  liquidus.  The  amount  of  the 
peritectic  isotherm  elevation  is  the  difference  between  the  liquidus 
and  Tp . Using  the  values  of  R and  AT  from  Table  5.12,  a value  of  A, 

I/O 

the  constant  in  equation  5.58,  equal  to  35.7°C  (sec/cm)  is 
calculated . 

Once  the  metastable  extrapolation  of  the  peritectic  liquidus  as  a 
function  of  the  primary  phase  growth  rate  has  been  determined,  it  is 
possible  to  calculate  the  volume  fraction  of  primary  phase  as  a 
function  of  its  growth  rate.  This  is  done  by  using  the  composition  of 
the  extrapolated  peritectic  phase  liquidus  as  Cp  and  recalculating  k 
accordingly.  The  results  of  these  calculations  are  summarized  in 
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Table  5.13.  Note  that  for  growth  rates  higher  than  10  cra/s  the 
calculated  peritectic  isotherm  elevation  exceeds  the  extrapolated 
intersection  of  the  NiAl^  solidus  and  liquidus.  By  combining  dendrite 
tip  depression  with  the  peritectic  elevation,  it  is  possible  to 
predict  the  volume  fraction  of  N^Al^  as  function  of  its  growth 
rate.  While  the  growth  rate  in  the  present  experiments  is  unknown, 
the  data  in  Table  5.13  predicts  a reduction  in  the  volume  function  of 
the  N^Al^  phase  with  increasing  growth  rate.  For  example  at  a growth 
rate  of  5 cm/s,  the  calculated  volume  fraction  of  N^Al^  is  *20  which 
is  approximately  the  volume  fraction  found  in  splat  cooled  samples. 
Al-16.5  and  20  at.  % Ni 

The  volume  fraction  of  N i ^Al ^ in  samples  containing  16.5  and 
20  at . % Ni  are  shown  in  Figure  5.18.  The  figure  also  shows  the  data 
for  the  25  at . % Ni  samples  discussed  earlier.  The  data  for  the 
20  at . % Ni  samples  at  cooling  rates  below  600  K/s  were  obtained  from 
directionally  solidified  samples.  Note  that  for  each  alloy  there  is  a 
maximum  in  the  volume  fraction  of  the  primary  phase.  The  location  of 
the  maximum  shifts  to  lower  cooling  rates  as  the  initial  composition 
approaches  the  peritectic  liquidus.  The  cooling  rate  necessary  to 
suppress  the  formation  of  Ni^Al^  also  depends  on  the  composition.  At 
cooling  rate  of  10^  K/s  the  N^A^  phase  was  suppressed  in  samples 
containing  16.5  at.  % Ni.  In  samples  containing  20  at . % Ni , a 

5 

cooling  rate  of  10  K/s  was  necessary  to  eliminate  the  primary 
phase.  For  samples  containing  25  at . % Ni , the  trend  of  data  shows  a 
cooling  rate  larger  than  io  K/s. 
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Table  5.13 

The  log  of  the  number  of  Ni^Al^  nuclei,  calculated 
for  undercooling  below  the  liquidus,  initial  compositions 


of  16. 
cooling 

5,  20  and 
rates  of 

25  at. 
104  and 

% Ni 
105 

and 

K/s. 

C0  " 

16.5 

C0 

= 20 

CQ  = 25, 

at . % Ni 

AT 

io\ 

105 

io\ 

105 

104, 

1 05 , K/s 

5 

* 

* 

* 

* 

* 

* 

55 

* 

* 

* 

* 

.5 

* 

65 

* 

* 

* 

* 

8.8 

7.8 

75 

* 

* 

* 

* 

14.2 

13.2 

85 

* 

* 

4.2 

3.2 

17.9 

16.9 

95 

1.9 

.9 

9.6 

8.6 

20.6 

19.6 

105 

5.2 

6.2 

13.6 

12.6 

22.5 

21  .5 

115 

9.3 

10.3 

16.6 

15.6 

24.0 

23.0 

* Number  of  nuclei  is  less  than  one. 
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The  volume  fraction  of  Ni^Al  in  samples  containing  16.5,  20  and  25  at . % Ni  solidified  at 
cooling  rates  ranging  from  10  to  10  K/s . 
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Referring  to  Figure  5.19,  if  the  peritectic  phase  can  nucleate 
only  at/or  below  the  peritectic  isotherm,  the  minimum  supercooling 
necessary  to  suppress  the  formation  of  the  primary  phase  is  given  by 
the  temperature  difference  between  the  equilibrium  liquidus  and  the 
peritectic  isotherm,  AT^ . If  the  peritectic  phase  nucleates  above  the 
peritectic  isotherm,  the  minimum  supercooling  is  given  by  AT  , which 
is  less  than  AT  by  an  amount  equal  to  the  temperature  difference 
between  the  extended  peritectic  liquidus  and  the  peritectic  isotherm. 

Equation  5.12  predicts  that  the  number  of  nuclei  is  inversely 
proportional  to  the  cooling  rate.  If  the  surface  energy  and 
AGcheffl  are  known,  then  it  should  be  possible,  using  equations  5.11,  to 
predict  the  cooling  rate  necessary  to  suppress  the  primary  phase.  The 
heat  of  fusion  of  Ni^Al^  was  calculated  using  equations  5.29,  5.30, 
5.31  and  5.32  as  2.8  X 10^  erg/cm^  and  a value  of  165  ergs/cm^  was 
assumed  for  the  solid-liquid  interfical  energy.  For  the  primary  phase 
to  be  suppressed  at  a given  cooling  rate  and  undercooling,  the  total 
number  of  nuclei  has  to  be  less  than  1 . The  supercooling  and  hence 
nucleation  temperature  is  unknown  but  a minimum  limiting  supercooling, 
AT^,  is  imposed  by  the  phase  diagram.  The  log  of  the  number  of 
N^Al^  nuclei  formed  during  cooling  from  the  liquidus  to  various 
undercoolings  for  alloys  containing  16.5,  20,  and  25  at . % Ni , are 
calculated  for  cooling  rates  of  10^  and  10^  K/s , and  the  results 
given  in  Table  5.13  and  plotted  vs  the  supercooling  in  Figure  5.20. 
Note  that  as  the  nickel  constant  of  the  alloy  increases,  the 
supercooling  below  the  liquidus  decreases.  Notice  also  that  an 
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at.%  Ni 


Figure  5.19  Extrapolated  peritectic  phase  liquidus  showing  the 
reduction  in  undercooling  necessary  to  suppress  the 
primary  phase  formation. 


Table  5.14 

The  number  of  nuclei  of  Ni  A1  calculated 
as  a function  of  supercooling  below  the 
liquidus  for  ICr  K/s  cooling  rate 
and  20  at . % Ni  . 


AT 

K 

tn 

K 

Log 

Number  of  Nuclei 

5 

1268 

* 

65 

1208 

* 

75 

1198 

# 

85 

1188 

* 

95 

1178 

# 

105 

1168 

4.7* ** 

115 

1158 

8.8 

125 

1 1 48 

11.9 

135 

1138 

14.4 

145 

1128 

16.4 

155 

1110 

18.0 

* Number  of  nuclei  is  less  than  one. 

**  Extrapolated  metastable  NiAl^  liquidus. 
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increase  in  the  cooling  rate  increases  the  amount  of  supercooling 
prior  to  nucleation. 

Al-31 .5  at.  % Ni 

In  alloys  containing  between  27  to  50  at . % Ni , the  as-solidified 
structure  may  contain  NiAl  in  addition  to  the  Ni^Al^,  NiAl  and 
aluminum  phases,  depending  on  the  cooling  rate.  The  volume  fractions 
of  NiAl  plus  Ni^Al^.  NiAl^  and  the  NiAl^-Al  eutectic,  as  determined  by 
both  image  analysis  and  x-ray  diffraction  are  given  in  Table  5.15  and 
are  plotted  vs  the  cooling  rate  for  samples  with  31.5  at.  % Ni  in 
Figure  5.21 . 

In  contrast  to  samples  of  25  at . % Ni , good  agreement  between  the 
volume  fractions  determined  using  image  analysis  and  x-ray  diffraction 
were  not  obtained.  Data  from  two  sources  are  summarized  in  Table 
5.15.  The  volume  fraction  of  NiAl^  in  the  x-ray  analyzed  samples 
dropped  from  .35  at  20  K/s  to  approximately  .25  at  600  K/s , following 
the  same  trend  as  the  image  analyzed  data.  The  volume  fraction  in  the 
x-ray  diffraction  data  remained  approximately  constant  at  .25  until  a 

ll 

cooling  rate  of  2 X 10  K/s  while  over  the  same  range  of  cooling 
rates,  the  volume  fraction  of  NiAl^  nose  to  .M2  in  the  image  analyzed 
data . 

Likewise,  the  volume  fraction  of  the  NiAl  + Ni^l^  phases  rose 
from  .52  at  20  K/s  to  .61  at  600  K/s.  At  cooling  rates  above  600  K/s, 
the  volume  fraction  of  the  NiAl  + Ni2Al  phase  did  not  change 
appreciably  with  cooling  rate  according  to  the  x-ray  diffraction  data 
while  image  analysis  showed  a decrease  in  the  volume  fraction  with 


increasing  cooling  rate. 
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Table  5.15 

Volume  fractions  of  Ni2Al3,  NiAl^  and  eutectic 
as  determined  by  x-ray  and  image  analysis  for 
31.5  at.  % Ni  samples  cooled  at  20,  600  and  IQ1*  K/s. 


Volume  Fraction  Analysis 


Cooling  Ni2Al3  + NiAl  NiAl 3 Eutectic 


rate,  K/s 

X-ray 

Image 

X-ray 

Image 

X-ray 

Image 

20 

.63 

.52 

.35 

.36 

.02 

.12 

600 

.71 

.61 

.24 

.30 

.05 

.10 

2 x 104 

.71 

.40 

.25 

.43 

.04 

.17 

001 
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The  volume  fraction  of  the  eutectic  also  shows  a marked 

difference  between  the  image  analysis  and  x-ray  diffraction 

techniques.  In  the  image  analyzed  data,  the  volume  fraction  of  the 

eutectic  remained  constant  at  about  .10  for  all  cooling  rates  studied, 
4 

except  for  2 X 10  X/s  for  which  the  volume  fraction  rose  to  .17.  In 
contrast,  the  volume  fraction  of  the  eutectic  by  the  x-ray  analysis 
was  always  below  .05. 

The  large  difference  in  the  amount  of  eutectic  measured  by  x-ray 
and  image  analysis  may  reflect  the  larger  errors  in  the  x-ray  data  at 
small  volume  fractions,  since  both  A1  and  NiAl  ^ are  minor  phases.  The 
difference  could  be  also  due  to  the  incorporation  of  porosity  volume 
to  the  image  analysis  results.  In  samples  cooled  at  less  than  600  K/s 
the  difference  between  the  image  analysis  and  the  x-ray  diffraction 
determinations  of  the  eutectic  was  only  5?;  which  was  about  the  same 
amount  as  was  found  in  samples  containing  25  at . % Ni . However,  at 
2x1 01*  K/s  cooling  rate,  the  difference  between  the  two  measuring 
techniques  is  15 %.  If  the  difference  was  due  to  porosity,  this  amount 
of  porosity  should  be  visible,  yet  Figure  4.34  shows  clearly  that  such 
porosity  was  not  present. 

Of  the  two  sets  of  data,  the  data  from  the  image  analyzer  are 
considered  to  be  more  accurate  for  the  NiAl  + Ni^l^  phases.  The 
accuracy  of  the  x-ray  diffraction  measurements  is  reduced  by  the 
presence  of  the  NiAl  phase  and  the  relatively  small  volume  fraction  of 
NiAl^-  The  presence  of  the  NiAl  phase  changes  the  correction  factor 
of  the  diffraction  peak  at  31.5  of  20.  Since  the  extent  of  the  change 
is  dependent  on  the  amount  of  NiAl,  which  is  unknown,  the  accuracy  of 
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the  corrected  intensity  is  reduced.  The  presence  of  smaller  amounts 
of  NiAl^,  compared  to  25  at . 1 Ni  samples,  further  reduces  the 
accuracy  of  the  x-ray  diffraction  technique.  This  is  because  the 
x-ray  diffraction  techniques  uses  the  ratio  method  and  since  the 
volume  fraction  of  NiAl^  appears  in  the  denominator  of  the  ratio,  the 
uncertainty  of  the  ratio  increases  as  the  denominator  gets  smaller. 

The  general  accuracy  of  the  ratio  technique  is  the  subject  of 
discussion  in  the  section  devoted  to  error  analysis. 

At  cooling  rates  below  about  10^  K/s,  the  volume  fraction  of 
NiAl^  phase  follows  the  same  trend  as  was  observed  in  25  at . % 
samples;  the  volume  fraction  initially  decreases  from  .36  at  20  K/s  to 
.30  at  600  and  then  increases  to  .43  at  about  J\o1*  K/s.  At  cooling 
rates  beyond  10^  K/s,  however,  the  volume  fraction  of  NiAl^  decreases 
again  with  increasing  cooling  rate.  This  is  in  contrast  to  25  at . % 
samples  in  which  a continuous  increase  in  the  volume  fraction 
of  NiAl ^ • was  observed  beyond  104  K/s.  The  NiAl  plus  Ni^Al^  phases 
show  the  opposite  behavior  to  the  NiAl^  phase;  while  the  volume 
fraction  of  NiAl^  decreases,  the  volume  fraction  of  NiAl 
plus  Ni^Al^  increases.  The  volume  fraction  of  the  NiAl^-Al 
eutectic  in  31*5  at.  % samples  decreases  from  . 1 0 at  20  K/s  to  less 
than  .01  at  105  K/s. 

The  normalized  volume  fraction  of  Ni^Al^  is  given  by 


V 


normalized 
f (Ni2Al  ) 


Vf(Ni2Al  ) 


1 - V 


5.64 


f (NiAl) 
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and  is  summarized  in  Table  5.16  and  is  plotted  in  Figure  5.22.  The 
data  are  based  solely  on  the  x-ray  diffraction  measurements  since 
image  analysis  did  not  give  information  on  the  volume  fraction  of 
NiAl.  The  large  uncertainty  in  the  normalized  volume  fraction 
reflects  the  large  error  associated  with  determining  the  volume 
fraction  of  the  NiAl  phase.  Given  the  rather  narrow  range  of  the  data 
(±8$)  and  the  high  degree  of  uncertainty  (±15%) , the  significance  of 
the  change  with  respect  to  cooling  rate  is  questionable. 

As  was  the  case  for  samples  with  25  at . % Ni , the  amount  of  the 
primary  phase  controls  the  amount  of  the  peritectic  phase  in 
continuously  cooled  samples.  However,  in  addition  to  the  amount  of 
primary  phase,  the  peritectic  reaction  Ni^l^  + Liquid  -*•  NiAl ^ has  to 
be  considered.  At  cooling  rates  above  10^  K/s , the  previous 
calculations  showed  that  the  peritectic  phase  can  nucleate  above  the 
peritectic  isotherm.  Thus  the  volume  fraction  of  the  Ni^Al ^ phase 
should  increase  because  of  elevation  of  the  NiAl/Ni^Al^  peritectic 
isotherm.  Since  the  Ni^l^/NiAl^  isotherm  is  also  being  elevated,  the 
net  result  is  such  that  the  volume  fraction  of  the  Ni^Al^  phase  does 
not  change  significantly  with  cooling  rate. 

In  summary,  at  continuous  cooling  rates  above  approximately 
600  K/s,  the  volume  fraction  of  the  peritectic  phase  is  controlled  by 
the  amount  of  primary  phase  present  prior  to  the  nucleation  of  the 
peritectic  phase.  Dissolution  of  the  primary  phase  via  the  peritectic 
reaction  does  not  significantly  affect  the  volume  fraction  of  either 
the  primary  or  peritectic  phases.  The  reduction  in  the  volume 
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Table  5.16 

The  volume  fraction  of  N^Al^  in  samples  containing 
31.5  at.  % Ni  normalized  to  the  amount  of  liquid 
remaining  after  the  solidification  of  NiAl  for 
cooling  rates  ranging  from  20  to  10^  K/s 


Cooling  Rate 
K/s 

Normalized  Volume 
Fraction  of  N^Al^ 

20 

. 6 ± .1 

600 

.7  ± .1 

20,000 

.7  ± .1 

100,000 

.6  ± .1 
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fraction  of  the  primary  phase  is  the  results  of  three  factors:  one, 

the  supercooling  of  liquid  prior  to  nucleation;  two,  dendrite  tip 
temperature  depression  resulting  from  solute  build  up  ahead  of  the 
pr imary-liquid  interface;  and  three,  nucleation  of  the  peritectic 
phase  above  Tp . The  analysis  of  Jackson  and  Hunt  [66Jac]  of  eutectic 
temperature  depression  can  be  modified  to  a peritectic  reaction  to 
predict  the  peritectic  isotherm  as  function  of  the  growth  rate  of  the 
primary  phase. 

At  cooling  rate  less  than  approximately  600  K/s,  the  effects  of 
the  three  factors  described  above  is  diminished.  This  can  be  seen 
from  Table  5.11  which  showed  dendrite  tip  temperature  supercooling  due 
to  growth  rates  is  only  a couple  of  degrees.  At  these  cooling  rates, 
however,  solid  state  diffusion  can  influence  the  volume  fraction  of 
the  peritectic  and  primary  phases.  The  effect  of  solid  state 
diffusion  is  covered  in  a later  section. 

The  Effects  of  Increasing  Nickel  Content  on  the  Volume  Fraction 
of  the  Constituent  Phases  at  a Constant  Cooling  Rate 

From  the  data  in  Tables  4.7  and  4.9,  it  was  also  possible  to 
investigate  the  effects  of  increasing  nickel  content  on  the  amount  of 
the  constituent  phases  at  a constant  cooling  rate.  The  volume 
fractions  of  NiAl , Ni^Al^,  NiAl^  and  A1  are  plotted  vs  the  at.  % Ni  in 
Figure  5.23  for  samples  containing  between  16  to  50  at.  % Ni 
solidified  at  10^  K/s.  The  figure  shows  that  the  properitectic 
Ni^l^  phase  is  eliminated  in  alloys  containing  less  than  about 
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Figure  5.23  The  volume  fraction  of  NiAl,  Ni ^A1  +NiAL„  and  eutectic  as  function  of  the  initial 
composition  for  samples  solidif led'at  1 03  K/s . 
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22  at.  % Ni.  The  Ni^l^  also  dropped  from  near  its  maximum  volume 
fraction  of  .78  at  40  at . $ Ni,  to  be  completely  absent  in  50  at. 

% Ni.  The  NiAl^  phase  was  not  found  in  alloys  of  more  than  40  at. 

% Ni  . The  aluminum  phase  is  absent  in  compositions  greater  than 
31  at.  % Ni. 

All  the  intermetallic  phases  showed  two  maxima  in  their  volume 
fractions.  The  NiAl^  phase,  for  example,  had  a maximum  volume 
fraction  of  .95  at  a composition  of  23-6  at.  $ Ni  and  dropped  abruptly 
to  .27  at  about  29  at . % Ni  and  then  rose  to  a second  maximum  of  .30 
at  “32  at.  % Ni  before  again  decreasing.  For  the  aluminum  phase,  a 
minimum  appears  at  23.6  at.  % Ni  and  a maximum  at  about  26  at . % Ni . 

The  location  of  the  NiAl ^ maximum  at  23.6  at.  $ Ni  is  close  to 
the  stoichiometric  composition  of  25  at . % Ni . Similarly  the  maximum 
in  the  Ni ^A1 ^ phase  is  centered  close  to  its  stoichiometric 
composition  of  40  at . % Ni . The  existence  of  two  maxima  in  the  volume 
fraction  presented  some  interesting  effects;  for  example,  30  at . % Ni 
samples  were  found  to  contain  over  twice  as  much  aluminum  as  samples 
with  23.6  at.  % Ni . The  relative  difference  in  aluminum  content  can 
be  seen  in  two  x-ray  diffraction  scans  of  splat  cooled  samples 
containing  23-6  and  30  at.  % Ni  shown  in  Figures  5.24  and  5.25, 
respectively.  These  figures  also  illustrate  the  differences  in  NiAl, 
content;  the  first  alloy  contains  95%  NiAl,  while  the  second  alloy 
which  contains  30  at . % Ni  has  only  31  % . The  difference  in  the  NiAl ^ 
is  the  result  of  changes  in  the  amount  of  NijAl^  formed  prior  to  the 

3- 


nucleation  of  NiAl 


Intensity 
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igure  5.2M  X-ray  diffraction  scans  showing  the  relative  intensity  of 
the  A1  and  NiAl  peaks^from  a sample  containing  23.6 
at.  % Ni  solidified  1 CT  K/s . 


Intensity 


287 


28 


Figure  5.25  X-ray  diffraction  scans  showing  the  relative  intensity  of 
the  A1  and  NiAl  peaks  from  a sample  containing  30  at. 

% Ni  solidif ied^at  105  K/s . 


288 


The  volume  fractions  for  the  alloys  which  were  solidified  at 
104  K/s  (instead  of  10^  K/s)  using  the  rotating  copper  cup  of  NiAl, 
N^Al^,  NiAlj,  and  A1  phases  showed  similar  behavior,  as  shown  in 
Figure  5.26.  All  phases  show  two  maxima  in  their  volume  fractions 
with  respect  to  composition.  For  the  Ni^Al^  phase  the  minor  and  major 
maxima  occur  at  25.5  and  34  at.  % Ni,  respectively.  In  the  case  of 
NiAl^,  the  location  of  the  highest  maximum  is  at  a composition  less 
than  1 5 at . % Ni . The  aluminum  phase  was  not  detected  in  compositions 
greater  than  31  at.  % Ni . The  NiAl^  phase  was  not  detected  in 
compositions  greater  than  about  40  at . $ Ni. 

The  volume  fraction  of  NiAl^  vs  composition  is  plotted  for 

samples  solidified  at  10^  and  10^  K/s  in  Figure  5.27.  On  the  other 

hand,  the  minor  and  major  maximum  of  N^A^  shifted  from  25  to  27  and 

from  34  to  39  at . % Ni , respectively,  as  the  cooling  rate  increased 

from  10^  to  i05  K/s.  In  addition  to  the  effect  of  the  cooling  rate  on 

the  locations  of  the  maxima,  the  shape  of  the  curves  also  changed  with 

the  cooling  rate.  The  NiAl^  phase  content  showed  a very  distinct 

c u 

maximum  when  cooled  at  10  K/s  while  at  10  K/s  the  maximum  was 
broader  and  the  minor  maximum  was  less  apparent.  It  is  interesting 
also  to  compare  the  trends  in  the  volume  fraction  of  NiAl^  between  16 
to  23  at.  % Ni  (see  Figure  5.27).  In  this  region  two  different  trends 
are  observed;  in  the  alloys  cooled  at  1014  K/s  the  volume  fraction  of 
NiAl^  decreases  with  increasing  nickel  content,  while  in  the  alloys 

£5 

cooled  at  10  K/s,  the  volume  fraction  increased.  The  difference  is 
due  to  the  presence  or  absence  of  the  primary.  In  samples  containing 
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Figure  5.26  The  volume  fractions  of  NiAl , ^Ni  A1 , NiAl  and  eutectic  as  function  of  nickel  content 
from  samples  solidified  at  10  K/s . 
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Figure  5.2?  The  volume  fraction  of  NiAl 
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20  at . % Ni,  solidified  at  10^  K/s,  the  primary  phase  was  completely 
suppressed  and  thus  the  solute  that  would  have  normally  been 
incorporated  into  the  primary  phase  was  able  to  form  the  peritectic 
phase.  The  same  composition  solidified  at  10^  contained  Ni^l^  and  a 
consequently  lessen  amount  of  the  NiAl^  phase.  These  results  further 
reinforce  the  earlier  conclusion  that  the  volume  fraction  of  the 
peritectic  phase  is  controlled  by  the  amount  of  the  primary  phase 
solidified . 


The  Effect  of  Isothermal  Holding  on  the  Volume  Fraction 
of  the  Constituent  Phases 

The  volume  fraction  of  the  Ni^l^  and  NiAl  phases  and  the 
eutectic  vs  the  solidification  time  of  the  N^Al^  phase  are  shown  in 
Figures  5.28,  5.29  and  5.30  for  samples  quenched  at  20,  600  and 
6,000  K/s  after  isothermal  holding. 

Considering  samples  quenched  at  20  K/s,  the  volume  fraction  of 
the  N^Al^  phase  for  a holding  time  of  only  a few  seconds  is  .32. 
Increasing  the  holding  time  to  2.5  minutes  causes  the  volume  fraction 
to  increase  to  .45,  while  longer  holding  times  seem  to  have  little 
effect  on  the  volume  fraction.  The  volume  fraction  of  the  NiAl ^ phase 
shows  the  opposite  trend;  it  decreased  from  the  initial  value  of  .42 
to  .27,  but  similar  to  the  primary  phase,  longer  holding  times  had 
little  effect.  For  all  the  holding  times  investigated,  the  volume 
fraction  of  the  eutectic  remains  constant  at  approximately  .21 . 
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The  volume  fractions  of  N^Al^,  NiAl^  and  eutectic  in  samples 
quenched  at  6000  K/s  after  isothermal  holding,  followed  a similar 
trend  to  the  samples  quenched  at  20  K/s.  The  volume  fraction  of  the 
primary  phase  initially  decreases  with  increasing  holding  time  but  for 
holding  times  longer  than  approximately  1 .5  mins  almost  no  change  in 
volume  fraction  is  observed.  Note  that  the  volume  fraction  of  NigAl^ 
in  samples  leveled  off  at  approximately  .47  which  is  about  0.03  higher 
than  the  value  found  in  samples  quenched  at  20  K/s.  The  volume 
fraction  of  Ni2Al2  for  both  cooling  rates  is  close  to  the  volume 
fraction  of  the  primary  phase  predicted  by  the  Scheil  equation 
(0.43).  Similar  to  samples  cooled  at  20  K/s,  the  volume  fraction  of 
the  eutectic  remained  approximately  constant  with  increasing  holding 
time . 

The  samples  quenched  in  water  at  a cooling  rate  of  600  K/s  showed 
no  apparent  change  in  the  volume  fraction  of  the  primary,  peritectic 
or  eutectic  with  increasing  holding  time.  The  volume  fraction  of  the 
primary  was  approximately  .45,  about  the  same  as  the  value  found  in 
the  samples  quenched  at  20  K/s . 

The  volume  fraction  of  NiAl ^ in  Figures  5.28,  5.29  and  5.30  can 
be  expressed  as  a function  of  the  surface  area  of  the  primary  phase 
since  holding  in  the  primary  + liquid  region  coarsens  the  primary 
phase,  reducing  its  surface  area.  The  normalized  volume  fraction  of 
NiAl^,  (VfNiAl^/1  - V^Ni^l^),  is  plotted  vs  the  surface  area  of  N^Al^ 
per  unit  volume  of  N^Al^  in  Figure  5.31  for  samples  held  in  the 
primary  + liquid  region  prior  to  quenching  at  20,  600  or 
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Figure  5.31  The  normalized  volume  fraction  of  NiAl^  vs  the  surface  area  of  the  Ni^Al^  phase  per  unit 
volume  of  Ni_Al_. 
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6 X 103  K/s.  Note  that  in  Figure  5.31  the  normalized  volume  fraction 
of  the  NiAl ^ phase  is  highest  for  samples  cooled  at  20  K/s  after 
isothermal  holding.  The  influence  of  the  surface  area  of  the  primary 
phase  on  the  amount  of  the  peritectic  phase  is  the  subject  of  the  next 
section . 

Effect  of  Cooling  Rate  and  Surface  Area  on  the  Volume  Fraction 

The  amount  of  the  peritectic  phase  following  nucleation  will  be 
dependent  on  the  extent  of  three  simultaneously  occurring  reactions: 

(1)  Primary  phase  dissolution 

(2)  Solid  state  diffusion  through  the  peritectic  phase 

(3)  Direct  solidification  from  the  liquid. 

Each  of  the  above  reactions  will  be  discussed  below.  Consider 
first  primary  phase  dissolution.  In  the  previous  discussion  of  the 
growth  kinetics  of  the  peritectic  phase,  it  was  shown  that  the  primary 
phase  is  metastable  and  will  tend  to  dissolve  when  it  is  in  contact 
with  the  liquid  and  peritectic  phases.  The  dissolution  of  the  primary 
phase  will  reduce  its  volume  fraction  with  a corresponding  increase  in 
the  amount  of  the  peritectic  phase.  As  indicated  (see  Figure  5.29), 
the  primary  phase  dissolution  or  liquid  phase  dissolution  (to 
distinguish  it  from  solid  state  diffusion)  occurs  only  at  the  region 
of  three  phase  contacts  between  the  liquid,  primary  and  peritectic 
phases.  As  a result  of  three-phase  contact  between  the  liquid, 
primary  and  peritectic  phases,  the  primary  phase  experiences  a driving 
force  for  dissolution.  The  origin  of  the  driving  force  was  discussed 
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earlier  in  connection  with  the  growth  mechanisms  of  the  peritectic 
phase.  The  extent  of  primary  phase  dissolution  is  minimal  when  the 
peritectic  phase  is  nonfaceted  and,  as  a result,  rapidly  forms  a 
continuous  rim.  On  the  other  hand,  when  the  peritectic  phase  is 
faceted,  considerable  liquid  phase  dissolution  occurs  in  the  regions 
of  three-phase  contact.  The  relative  contributions  of  liquid  phase 
dissolution  is  dependent  on  the  fraction  of  the  interface  available 
for  each.  In  addition  to  the  surface  area,  the  liquid  dif f usivities , 
and  the  composition  gradients  will  all  affect  the  contribution  of 
liquid  phase  dissolution  to  the  final  microstructure. 

The  amount  of  primary  phase  dissolved  as  a function  of 

temperature  below  the  peritectic  isotherm  can  be  calculated  using 

equation  5.4.  Recall  that  equation  5.4  assumes  that  the  peritectic 

phase  forms  at  Tn,  and  the  composition  differences,  (C^  - CL  ) and 

p per  pn 

(Cper  " Cpri ) » were  written  as  function  of  AT,  where  AT  is  temperature 
difference  between  the  interface  temperature  and  the  peritectic 
isotherm, 


C 


L 

per 


. 039 (AT ) 


C 


L 

per 


C . 
pn 


27  + ( . 1 AT ) 


5.65 

5.66 


These  equations  can  be  written  as  a function  of  time  using  the 
expression  t = AT /£,  where  e is  the  cooling  rate  during  the  formation 
of  the  peritectic  phase.  Equations  5.65  and  5.66  now  become 
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C - C = 

per  pri 

CL  - C = 

per  pri 

which  are  substituted  back  into 


.039et 
27  + .let 

equation  5.4  to  give 


dx 

dt 


= 2(- 


.039et 
27  + .let 


)(-£) 

irt 


1/2 


5.67 

5.68 


5.69 


Equation  5.69  was  numerically  integrated  from  t = 0 to 
T = (T  - T e)/e  where  is  the  temperature  of  the  last  liquid  to 
solidify,  in  this  case  640°C,  to  give  the  thickness,  Ax,  of  the 

primary  phase  dissolved  as  function  of  time  for  different  cooling 
rates . 

The  volume  fraction  of  the  primary  phase  dissolved  was  then 
calculated  from  the  surface  area  of  the  primary  phase  per  unit  volume 
of  sample , 


Ni  - A1 
2 3 

V (dissolved)  = 0S  Ax 


5.70 


where  0 is  the  fraction  of  the  interface  available  for  liquid  phase 
dissolution . 

Observations  of  the  primary-peritectic  interface,  shown  in  Figure 
4.47,  suggest  that  most  of  the  dissolution  is  occurring  in  the 
intercellular  channels.  The  fraction  of  interface  available  for 
dissolution  is  in  turn  dependent  on  the  spacing  of  the  NiAl ^ cells  and 
the  thickness  of  the  channels  between  the  cells.  A comparison  of 
the  Ni ^A1 ^-NiAl  interface  from  samples  solidified  at  20,  600  and 
6000  K/s  showed  that  despite  the  range  of  cooling  rates,  the  thickness 
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of  the  channels  remained  constant  at  approximately  1 pm,  but  the 
spacing  decreased  with  the  cooling  rate. 

It  can  be  assumed  that  all  of  the  dissolved  primary  phase 
converts  to  the  peritectic  phase,  since  the  volume  fraction  of  the 
eutectic  remains  constant,  see  Figures  5.28,  5.29  and  5.30.  Thus  the 
amount  of  the  peritectic  phase  formed  from  the  dissolution  of  the 
primary  phase  is  given  by 


NiAl  Ni  A1 

Vf  = 1.20Vj.  (dissolved) 


5.71 


where  the  factor  1.2  represents  the  ratio  of  the  densities  of  Ni^l^ 
to  NiAl^.  The  calculated  volume  fraction  of  NiAl^  formed  as  a result 
of  the  dissolution  of  the  N^Al^  phase  is  summarized  in  Table  5.17  for 

(i)  the  cooling  rates  studied  (20,  600  and  6,000  K/s)  using  a 
constant  surface  area  (700  cm2/cm^); 

(ii)  a constant  cooling  rate  but  taking  into  account  the  effect 
of  cooling  rate  on  the  surface  area  of  the  primary  phase; 
and 

(iii)  the  range  of  surface  areas  studied  with  a constant  cooling 
rate  of  20  K/s  below  the  peritectic  reaction  temperature. 

The  first  set  of  calculations  were  done  to  show  the  effect  of  cooling 
rate  alone  on  the  amount  of  the  primary  phase  dissolved.  These 
samples  are  designated  25XYA , where  XY  refers  to  the  equivalent 
quenching  media  used  in  the  experimental  work.  The  second  set  of 
calculations  were  done  to  show  the  effect  of  the  surface  area  of  the 
primary  phase  as  governed  by  cooling  rate,  see  equation  5. ■4.  These 
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Table  5.17 

The  calculated  volume  fraction  of  the  NiAlo  phase 
formed  as  a result  of  primary  phase  dissolution 


Sample 

Cooling 

Rate 

K/s 

Ax, 

cm 

Sv 

0 

Ni2Al3 

Vf 

(dissolved) 

NiAl3 

Vf 

(added) 

25He1 

20 

1.2 

X 

10_3 

740 

.05 

.044 

.053 

25HeA 

20 

1 .2 

X 

10~3 

700 

.05 

.042 

.05 

25He2 

20 

1.2 

X 

10~3 

710 

.05 

.042 

.05 

25He3 

20 

1 .2 

X 

10~3 

670 

.05 

.040 

.048 

25He4 

20 

1.2 

X 

10"3 

630 

.05 

.038 

.045 

25He5 

20 

1.2 

X 

10~3 

740 

.05 

.044 

.053 

25He6 

20 

1.2 

X 

10'3 

640 

.05 

.038 

.046 

25He7 

20 

1 .2 

X 

10“3 

530 

.05 

.032 

.038 

25Wa1 

600 

2.2 

X 

10~4 

2640 

.126 

.073 

.088 

25WaA 

600 

2.2 

X 

10~4 

700 

.126 

.02 

.024 

25Pb1 

6000 

.7 

X 

10~4 

2300 

.237 

.038 

.046 

25PbA 

6000 

.7 

X 

10~4 

700 

.237 

.01 

.014 

302 


samples,  which  were  continuously  cooled,  are  designated  25XY1  and  the 
measured  surface  areas  were  obtained  from  Table  5.2.  For  the  last 
calculations,  samples  isothermally  held  prior  to  quenching  and  the 
measured  surface  area,  Table  4.5,  were  used. 

The  calculations  show  that  if  the  surface  area  remained  constant, 
an  increase  in  the  cooling  rate  from  20  to  6000  K/s  would  result  in  a 
reduction  from  .042  to  .01  of  the  amount  of  N^Al^  dissolved  (compares 
samples  25HeA  and  25  PbA).  On  the  other  hand,  for  a given  cooling 
rate,  the  amount  of  A^O^  dissolved  increases  with  increasing  the 
surface  area  (compares  samples  25He1  and  25  Wal).  Holding  in  the 
liquid-primary  region  causes  a decrease  in  the  surface  area  of  the 
primary  phase,  and  for  a constant  cooling  rate  after  holding,  the 
results  show  that  there  is  a reduction  in  the  amount  of  N^Al^ 
dissolved.  The  reduction  in  amount  of  N^Alo  dissolved  at  a constant 
cooling  rate,  but  different  holding  times  above  Tp,  is  again  due  to 
the  reduction  in  the  surface  area  available  for  dissolution. 

Solid  State  Diffusion 

In  addition  to  the  liquid  phase  dissolution,  the  primary  phase 
can  be  reduced  by  solid  state  diffusion  through  the  peritectic  phase 
[56Rhi].  When  the  peritectic  phase  forms  a continuous  rim,  this 
mechanism  dominates  the  reduction  in  the  amount  of  the  primary  phase 
since  there  is  no  three  phase  contact  between  the  primary,  peritectic 
and  liquid  phases.  The  concentration  profiles  in  the  primary, 
peritectic  and  liquid  phase  at  a temperature  below  the  peritectic  are 
shown  in  Figure  5.32.  The  peritectic  thickness  is  governed  by  the 
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Figure  5-32  The  concentration  profiles  in  the  primary,  peritectic  and 

liquid  phases  at  temperatures  below  T . 

P 


growth  into  the  liquid  as  well  as  by  consumption  of  the  primary 
phase.  According  to  the  peritectic  thickness  is  given  by  [77StJ] 


304 


Ax  = (ktD) 


1/2 


5.72 


where 


k 


5.73 


1 2 

where  C and  C are  the  composition  of  the  peritectic  phase  in 


equilibrium  with  the  primary  phase  and  the  liquid,  respectively.  The 
rate  of  advancement  of  the  interface  is  given  by 

The  thickness  of  the  primary  phase  dissolved  can  be  calculated 
knowing  the  time,  the  solid  state  diffusion  coefficient  of  the 
peritetic  phase  and  the  interface  compositions  as  a function  of 
time.  The  factors  in  the  constant  k were  first  evaluated  as  a 
function  of  supercooling  below  T , 


5.75 


- C 

per  per 


• 2, 


wt . 1 Ni 


5.76 
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Cper  " Cper  = 14  + '1(AT)  wt ■ * Ni 


5.77 


C . - C =13 
pri  per 


wt . % Ni 


5.78 


The  amount  of  supercooling  is  equal  to  et  and  when  substituted  into 
equations  5.72  and  5.73  gives 


Ax 

dt 


(£) 

T 


1/2 


T ~T 
P e 


.2(27  + .1(et) 

1 3t  (1-4  + .1(et)) 


dt 


5.79 


This  equation  could  then  be  integrated  from  t = 0 to  (t  - T )/e 

P e 

where  Tg  is  the  temperature  of  the  last  liquid  to  solidify,  640°C.  A 
-o  p 

value  of  1 X 10  cm  /sec  was  used  for  the  solid  state  diffusion 
coefficient  of  NiAl^  [58Cas].  The  calculated  thickness  of 
the  NiAl^phase  is  .45  and  .04  microns  for  cooling  rates  of  20  and 
600  K/s,  respectively.  At  6000  K/s  the  thickness  of  dissolved  layer 
was  less  than  .004  microns.  Considering  that  the  size  of  the  primary 
phase  particles  is  between  100-500  microns,  a loss  of  less  than  1/2 
micron  of  the  primary  phase  as  a result  of  solid  state  diffusion  will 
not  measurably  alter  the  volume  fraction  of  the  primary  phase. 

The  third  mechanism  that  determines  the  volume  fraction  of  the 
peritectic  phase  is  the  direct  solidification  of  the  peritectic  phase 
from  the  liquid.  The  first  two  mechanisms  which  were  discussed  above 
involved  a reduction  in  the  amount  of  the  primary  phase.  The  third 
mechanism,  on  the  other  hand,  does  not  involve  the  primary,  but 
instead  considers  only  the  amount  of  the  peritectic  phase  that 
solidifies  from  the  remaining  liquid.  These  calculations  were  done 
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earlier  using  the  non-equilibrium  lever  rule  or  Sheil  model  [74Fle], 
as  summarized  in  Table  5.9. 

Comparing  the  three  mechanisms  shows  that  for  nonfaceted 
peritectics,  once  the  peritectic  phase  nucleates,  the  mechanism  that 
determines  its  volume  fraction  is  solidification  from  the  remaining 
liquid.  If  the  peritectic  phase  is  faceted  (as  is  NiAl^),  dissolution 
of  the  primary  is  an  additional  factor  affecting  its  volume 
fraction.  Contribution  of  the  solid  state  diffusion  is  negligible  at 
all  the  cooling  rates  investigated. 

Summary 

Procedure 

The  effects  of  cooling  rate  and  primary  phase  surface  area  on  the 
volume  fraction  and  morphology  of  the  peritectic  phase  in  aluminum- 
nickel  alloys  containing  between  15  to  50  at  % Ni  were  studied  using 
electromagnetic  levitation  and  directional  solidification.  The  volume 
fractions  of  the  constituent  phases  were  measured  using  x-ray 
diffraction  and  computer  aided  image  analysis.  The  surface  area  of 
the  primary  phase  was  measured  using  an  intercept  counting  technique. 
Morphology  of  Primary  and  Peritectic  Phases 

The  effect  of  cooling  rate  on  the  morphology  of  the  primary  and 
peritectic  phases  in  Al-Ni  alloys  was  investigated  using  the  secondary 
dendrite  arm  spacing  and  the  surface  area.  For  the  primary  phase,  the 
dendrite  arm  spacing  was  proportional  to  e where  e is  the  cooling 
rate.  The  pre-exponential  proportionality  constant  in  the 
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expression  was  found  to  be  within  a factor  of  two  of  that  predicated 
theoretically . 

For  samples  isothermally  held  in  the  liquid  plus  solid  region, 

the  surface  area  of  the  primary  phase  particles  per  unit  volume  of 

sample  and  per  unit  volume  of  phase  were  used  to  describe  the  extent 

of  coarsening  and  scale  of  the  microstructure . The  surface  area 

measurements  were  also  found  to  be  applicable  to  samples  rapidly 

solidified  and  therefore  was  a common  means  of  describing  all  the 

microstructures . For  a given  composition,  all'  samples  regardless  of 

q-2 

processing  followed  e kinetics. 

Comparing  samples  quenched  with  and  without  electromagnetic 
levitation  showed  that  the  enhanced  fluid  flow  resulting  from  the 
electromagnetic  stirring  had  caused  break  up  and  coarsening  of  the 
primary  phase  particles. 

An  analysis  of  the  nucleation  of  the  peritectic  phase  identified 
three  mechanisms:  (1)  the  nucleation  of  the  peritectic  phase  takes 

place  heterogeneously  on  the  primary  phase  without  the  aid  of  the 
peritectic  reaction,  (2)  the  peritectic  reaction  plays  only  a minor 
role  while  the  primary  phase  acts  as  a heterogeneous  nucleation  site, 
and  finally  (3)  the  peritectic  phase  nucleates  in  the  liquid  without  a 
contribution  from  either  the  primary  phase  or  the  peritectic 
reaction.  The  nucleation  rate  calculations  showed  the  first  mechanism 
was  preferred  for  NiAl/NiAl^  while  the  second  mechanism  was  preferred 
for  the  NiAl/Ni^Al^  peritectic.  These  findings  were  further  supported 
by  the  close  crystallographic  relationship  between  NiAl  and 
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Ni^Al^  (as  demonstrated  by  the  TEM  results),  no  low  index  orientation 
relationship  between  Ni^l^  and  NiAl  phases. 

The  morphology  of  the  peritectic  phase  on  the  primary  phase  was 
found  to  be  influenced  by  the  growth  kinetics  of  the  peritectic 
phase.  If  the  peritectic  phase  was  nonfaceted  (as  was  the  case 
with  N^Al  ),  then  the  peritectic  phase  formed  a continuous  rim  around 
the  primary.  On  the  other  hand,  if  the  peritectic  phase  was  faceted 
(as  was  the  case  with  NiAl  ) , it  formed  a discontinuous  rim  with 
faceted  cells  . The  spacing  of  the  cells  was  found  to  decrease  with 
increasing  the  cooling  rate,  with  the  three-phase  contact  between  the 
primary,  peritectic  and  liquid  phases  persisting  until  the  last  liquid 
solidifies.  The  different  morphologies  of  the  peritectic  phase  was 
also  found  to  affect  the  volume  fractions  of  the  primary  and 
peritectic  phase  as  summarized  below. 

Volume  Fractions  of  the  Primary  and  Peritectic  Phases 

The  factors  affecting  the  volume  fraction  of  the  primary  and 
peritectic  phases  have  been  identified.  They  are  (i)  solid  state 
diffusion,  (ii)  liquid  phase  dissolution,  (iii)  dendrite  tip 
temperature  depression,  (iv)  peritectic  temperature  elevation,  (v) 
supercooling  prior  to  the  primary  phase  nucleation,  and  (vi)  direct 
formation  of  the  peritectic  phase  from  the  liquid.  The  last  mechanism 
was  found  to  be  dominant  in  reducing  the  amount  of  the  primary 
phase.  The  other  mechanisms  all  caused  a decrease  in  the  amount  of 
the  primary  phase,  with  a corresponding  increase  of  the  peritectic 
phase.  Their  quantitative  effect,  however,  depended  strongly  on  the 
cooling  rate  and  nature  of  the  primary  and  peritectic  phases. 
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The  contribution  of  solid  state  diffusion  was  found  negligible 
even  at  the  lowest  cooling  rate  studied  (20  K/s).  Liquid  phase 
dissolution,  on  the  other  hand,  had  a measurable  affect  on  the  volume 
fractions,  but  only  in  samples  with  a faceted  peritectic  phase. 
Increasing  the  cooling  rate  reduced  the  contribution  of  liquid  phase 
dissolution  by  reducing  the  time  available  for  dissolution. 

At  cooling  rates  greater  than  about  10^  K/s,  dendrite  tip 
temperature  depression,  peritectic  temperature  elevation  and 
supercooling  prior  to  nucleation  of  the  primary  phase  all  caused  a 
significant  reduction  in  the  amount  of  the  primary,  with  a 
corresponding  increase  in  the  peritectic  phase.  The  significance  of 
supercooling  prior  to  nucleation  was  further  demonstrated  by  the 
ability  to  entirely  suppress  the  primary  phase  formation.  The  degree 
of  supercooling  required  was  found  to  depend  on  the  initial 
composition,  the  cooling  rate,  and  the  ability  of  the  peritectic  phase 
to  nucleate  above  the  peritectic  isotherm.  Compositions  further  from 
Cp  required  a higher  cooling  rate  to  suppress  the  primary  phase.  The 
combined  effect  of  supercooling  prior  to  nucleation,  dendrite  tip 
temperature  depression  and  peritectic  temperature  elevation  increased 
with  increasing  the  cooling  rate. 


CHAPTER  SIX 
CONCLUSIONS 

This  study  was  an  attempt  to  elucidate  the  solidification 
processing  parameters  which  control  the  volume  fraction  and  morphology 
of  the  primary  and  peritectic  phases.  The  variables  studied  included 
the  cooling  rate  above  and  below  the  peritectic  reaction  temperature, 
the  surface  area  of  the  primary  phase  and  the  initial  composition. 

The  volume  fractions  of  the  primary  and  peritectic  phases  were 
measured  using  image  analysis  and  x-ray  diffraction.  The  surface  area 
of  the  primary  phase  was  measured  using  intercept  counting. 
Transmission  electron  microscopy  was  used  to  investigate  and  determine 
the  orientation  relationship  between  the  primary  and  peritectic 
phases . 

The  conclusions  are  summarized  considering  first  the  morphologies 
of  the  primary  and  peritectic  phases  and  then  the  volume  fractions  of 
the  primary  and  peritectic  phases. 

Morphologies  of  the  Primary  and  Peritectic  Phases 

(1)  A faceted  peritectic  phase  forms  a discontinous  rim  on  the 
primary  phase  while  a nonfaceted  peritectic  phase  forms  a continuous 
rim. 

(2)  Analysis  of  directionally  solidified  alloys  and  alloys 
solidified  after  electromagnetic  levitation  showed  that  the  spacing  of 
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the  peritectic  cells  on  the  primary  phase  does  not  follow  the 

oo  1 q 

t kinetics  but  rather  follows  at*  law.  When  the  primary  phase 

was  absent,  the  secondary  dendrite  arm  spacing  of  the  peritectic  phase 

. 33 

followed  the  usual  t kinetics. 

(3)  Considering  the  nucleation  of  the  peritectic  phase,  three 
mechanisms  were  identified.  In  the  first  mechanism,  the  peritectic 
reaction  aids  in  the  formation  of  the  peritectic  phase  and  the  primary 
phase  acts  as  a heterogeneous  nucleation  site.  In  the  second 
mechanism,  the  peritectic  reaction  plays  no  role  but  the  primary  phase 
still  acts  as  a heterogeneous  nucleation  site.  The  third  mechanism 
assumes  no  interaction  between  the  peritectic  and  primary  phases, 
whereas  the  peritectic  phase  nucleates  within  the  liquid,  not  in 
contact  with  the  primary  phase. 

Calculations  showed  that  the  peritectic  reaction  was  the  most 
effective  mechanism  in  forming  the  NiAl^  phase,  while  the  formation  of 
the  peritectic  Ni-^Alj  phase  may  occur  without  the  peritectic  reaction. 

Transmission  electron  microscopy  shows  a strong  orientation 
relationship  between  NiAl  and  Ni2Al3  which  could  be  summarized  as 

[001]  Ni2Al3  //  [111]  NiAl 

(100)  Ni2Al3  //  (110)  NiAl 

For  the  Ni2Al3-NiAl3  phases  no  unique  orientation  relationship  could 


be  determined. 
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Volume  Fractions  of  the  Peritectic  and  Primary  Phases 

The  volume  fraction  of  the  primary  and  peritectic  phases  were 
measured  by  x-ray  diffraction  and  image  analysis.  A comparison  of  the 
two  techniques  showed  good  agreement.  The  difference  between  the  two 
techniques  was  attributed  to  the  inclusion  of  porosity  in  the  image 
analyzed  data.  Based  on  the  measured  volume  fraction  the  following 
conclusions  may  be  drawn: 

(1)  For  continuously  cooled  samples,  low  and  high  cooling  rates 
cause  a reduction  in  the  amount  of  the  primary  phase. 

(2)  For  samples  containing  16  at.  % Ni , the  primary  phase  could 

li 

be  eliminated  at  10  K/s  cooling  rate.  The  cooling  rate  necessary  to 
surpass  the  primary  phase  increased  to  1 05  K/s  in  samples  with  an 
initial  composition  of  20  at . % Ni . 

(3)  For  samples  held  in  the  primary  and  liquid  phase  region 
prior  to  quenching,  the  reduction  in  the  volume  fraction  of  the 
primary  phase  was  relatively  greatest  in  samples  held  for  the  shortest 
times.  Holding  times  longer  than  two  minutes  had  little  effect  on  the 
primary  and  peritectic  phases. 

(4)  Over  the  range  of  cooling  rates  studied,  the  volume  fraction 
of  the  final  liquid  to  solidify  (the  aluminum-NiAl^  eutectic), 
remained  approximately  constant  for  a given  initial  composition. 

The  mechanisms  that  govern  the  volume  fractions  of  the  primary 
and  peritectic  phases  have  been  identified.  They  are 

(1)  undercooling  prior  to  nucleation  of  the  primary  phase; 

(2)  dendrite  tip  temperature  depression  caused  by  solute  build 
up  ahead  of  the  growing  dendrite  tip; 
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(3)  elevation  of  the  peritectic  isotherm; 

(4)  dissolution  of  the  primary  phase  at  temperatures  below  the 
peritectic  isotherm  when  it  is  in  contact  with  the  liquid  and 
peritectic  phases; 

(5)  solid  state  diffusion,  i.e.  the  diffusion  of  solute  through 
the  peritectic  phase  to  the  per itectic-primary  interface;  and 

(6)  direct  solidification  from  the  liquid. 

The  data  show  that  regardless  of  the  cooling  rate,  direct 
solidification  from  the  liquid  is  an  important  factor  controlling  the 
volume  fraction  of  the  peritectic  phase.  At  high  cooling  rates  the 
first  three  mechanisms  dominate.  The  mechanisms  that  depend  on  long 
range  diffusion  in  the  liquid  and  solid  state  diffusion  are  not 
significant  for  solidification  times  less  than  one  second. 

At  high  cooling  rates,  undercooling  prior  to  nucleation  reduces 
the  time  available  for  primary  phase  growth.  If  the  undercooling  is 
large  enough,  then  the  possibility  exists  for  the  independent 
nucleation  and  growth  of  the  peritectic  phase.  If  the  primary  phase 
is  present,  supercooling  at  the  dendrite  tip  acts  to  lower  the 
liquidus.  As  the  growth  rate  increases,  due  to  larger  cooling  rates, 
the  possibility  also  exists  for  the  peritectic  isotherm  to  be 
elevated.  The  combination  of  dendrite  tip  temperature  depression  and 
peritectic  temperature  elevation  acts  to  reduce  the  volume  fraction  of 
the  primary  phase. 

The  reduction  in  the  amount  of  the  primary  phase  is  balanced  by 
an  increase  in  the  volume  fraction  of  the  peritectic  phase.  This  was 
demonstrated  by  the  constant  value  of  the  final  eutectic.  As 


mentioned  above,  at  high  cooling  rates,  the  peritectic  reaction 
(liquid  reacting  with  the  primary  phase  to  form  the  peritectic  phase) 
does  not  occur  to  a significant  extent  because  of  the  short  time 
available  for  mass  transport. 

Compared  to  high  cooling  rates,  at  low  cooling  rates,  the  amount 
of  solute  build  up  is  small  and  therefore  the  supercooling  ahead  of 
the  primary  dendrite  tip  is  also  small.  The  peritectic  temperature 
elevation  is  also  small  since  it  too  is  dependent  on  the  growth 
rate.  Therefore,  the  influence  of  dendrite  tip  temperature  depression 
and  peritectic  elevation  are  reduced.  On  the  other  hand,  other 
factors  such  as  solid  state  diffusion  and  liquid  phase  dissolution 
become  important  at  slower  cooling  rates.  Liquid  phase  dissolution 
was  shown  to  be  the  dominant  mechanism  (aside  from  direct 
solidification)  if  the  peritectic  phase  is  faceted.  If  the  peritectic 
phase  is  nonfaceted,  liquid  phase  dissolution  does  not  measurably 
influence  the  volume  fraction  of  either  the  primary  or  peritectic 
phases . 

In  the  present  system,  solid  state  diffusion  was  shown  to  have  an 
insignificant  influence  on  the  final  volume  fractions.  This  was  due 
to  the  low  diffusion  coefficient  and  the  relatively  short 
solidification  times. 


Suggestions  for  Future  Work 

Further  work  in  the  area  might  wish  to  confirm  the  above 
conclusions  in  other  systems.  Other  studies  may  want  to  further 
investigate  the  competing  reactions  of  solid  state  diffusion  and 
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liquid  phase  dissolution.  Controlled  directional  solidification 
experiments  could  be  used  to  test  the  theories  concerning  peritectic 
temperature  elevation. 


APPENDIX  A 

PHYSICAL  PROPERTIES  OF  THE  A1 , 
NiAlg,  Ni2Al3,  AND  NiAl  PHASES 


Aluminum* 

Crystal  Structure 
Type 

Unit  Cell  Dimensions 
Density 

Melting  or  Transformation  Temperature 

Entropy  of  Fusion 

Enthalpy  of  Fusion 

Enthalpy  of  Formation  at  298  K 


Cubic 

FCC 

a = 4.05  A 
2.07  g cm  ^ 
933  K 

11.47  J (mole )~ 1 
10.7  KJ (mole )~ 1 
0 


* Source  [83Smi], 
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NiAlg* 


Crystal  Structure 

Orthorhombic 

Type 

NiAl3 

Atoras/Unit  Cell 

16 

Unit  Cell  Dimensions 

a = 6.60  A 

b = 7.35  A 


c = 4.80  A 

Density 

3.983  g cm  ^ 

Melting  or  Transformation  Temperature 

1128  K 

Entropy  of  Fusion 

-15.8  J(g*atom)-1K-1 

-1.80  J cnf3K  1 


Enthalpy  of  Fusion 

-17.8  KJ (g "atom)  1 

Enthalpy  of  Formation  at  298  K 

37.7  KJ (g 'atom) ” 1 

* Source  [83Smi]. 
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Ni 2^1 3* 

Crystal  Structure 
Type 

Atoms/Unit  Cell 
Unit  Cell  Dimensions 

Density  (stoichiometric) 

(A1  rich) 

Melting  or  Transformation  Temperature 
Entropy  of  Fusion 

Enthalpy  of  Fusion 

Enthalpy  of  Formation  at  298  K 


Trigonal 

NijAl^ 

5 

a = 4.04  A 
c = 4.90  A 
4.788  g cm-3 
4 . 593  g cm"3 
1406  K 

-16.5  J (g ‘atom) _ ^K- 1 
-1 .99  J cm-3  K'1 
-23.2  KJ (g "atom) _1 
-282.6  KJ(mole)-1 


* Source  [83Smi]. 
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NiAl* 


Crystal  Structure 
Type 

Atoms/Unit  Cell  (stoichiometric) 

(A1  rich) 

Unit  Cell  Dimensions  (stoichiometric) 

(A1  rich) 

Density  (stoichiometric) 

(A1  rich) 

Melting  or  Transformation  Temperature 
Entropy  of  Fusion  (calculated) 

(measured) 

Enthalpy  of  Fusion  (calculated) 

(measured) 

Enthalpy  of  Formation  at  298  K 


Cubic,  BCC 
CsCl 
2 

1.75 

a = 2.88  A 
a = 2.86  A 
5.873  g cm- 
5.3  g cm- 3 


1911  K 

-16.56  J(g‘atom)-1K-1 
-16.42  J(g'atom)-1K-1  [77Bar] 
-31 -65  KJ(g'atom)-1 
-31.38  KJ(g’atom)-^  [77Bar] 
-59.25  KJ(g'atom)-1 


* Source  [83Smi],  unless  otherwise  noted. 


APPENDIX  B 

X-RAY  DIFFRACTION  PARAMETERS 


Following  previous  investigations  [85Sar]  which  utilized  x-ray 
diffraction  to  measure  volume  fractions,  three  correction  parameters 
were  applied  to  the  raw  intensity  data.  These  are 

(i)  Temperature  Factor 

(ii)  Structure  Factor 

(iii)  Lorentz  Polarization  Factor. 


Mathematically  the  temperature  factor  is  expressed  as 

-2M  „ , 

e B . 1 

where  M depends  on  the  thermal  vibration  and  the  scattering  angle  (0), 
given  by 


Temperature  Factor 


M = 8ir  u ( 


2 u2  (iiiLQ)2  = B ) 2 


B . 2 


The  constant  B has  been  approximated  by  the  expression 


B.3 
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where 


h 

M 

k 

0 


= Planck's  constant 
= Atomic  mass 
= Boltzmann's  constant 
= Debye  temperature  of  the  material 


x = 0/T 

0(x)  = Debye's  function 

Values  for  Debye's  function  for  A1  and  Ni  were  obtained  from  Mirkin 
[64Mir]  and  values  for  the  Debye  temperature  were  taken  from  the 
A.I.P.  Handbook  [72Gra], 


A1 

428  k 

XA1  ■ 

Qr  \ = 
(x) 

.697 

Ni 

450  k 

V ’ '-51 

0 ( x ) = 

.688 

Thus  the  calculated  values  of  B for  A1  and  Ni  are  7.29x10  17  and 
3 .06x1 0_  1 7,  respectively.  Values  of  B for  A1 , NiAl^  and  Ni2Al3  were 
obtained  from  proportional  amounts  of  A1  and  Ni , i.e., 


BNi  A1  = -4(3.06x10~17  + .6(7.29x10~17) 

= 5 .60x1  0_  1 7 


and 


BNiAl3 


.25  (3.06x10  17)  + .75(7.29x1 0_1 7) 
6.23x10” 17 


-2M 


Values  of  e 


were  obtained  from  Mirkin  [64Mir].  The  calculated 
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values  of  B,  with  sin  0/A  (A  = 1 .5^05  A),  the  peak  location,  20,  and 
-2M 

the  values  of  e obtained  from  Mirkin  [64Mir]  are  given  in  Table 

B . 1 . 


In  the  Al-Ni 
F(hkl) 


Structure  Factor 

binary  system  the  structure  factor  is  given  by 


N 

f , . £ exp[2iri(hu  + kv  + lw  )]  + 

A1  n n n 

N 

fM.  £ exp[2iri(hu  + kv  + lw  )] 

Ni  n n n 


B . 4 


where  N is  the  number  of  atoms  in  the  unit  cell  with  fractional 

indices  of  u , v and  w . 

n n n 


The  Ni2Al 

^ is  5 atoms 

per 

unit 

cell 

with  locations  given  by 

Al: 

O 

o 

o 

Al: 

1/3,  1/3,  . 

352; 

2/3, 

2/3, 

-.352 

Ni: 

1/3,  2/3,  . 

149; 

2/3, 

1/3, 

-.149 

The  atomic  scattering  factor,  which  is  a function  of  scattering  angle 
and  radiation  used,  was  obtained  from  Cullity  [78Cul].  For  the 
aluminum  phase,  the  structure  factor  is  reduced  to  F = 4f  and  the 
values  of  the  structure  factor  for  NiAl^  were  already  tabulated  by 
Bradley  and  Taylor  [37Bra1].  The  values  of  F and  |f|^  are  summarized 


in  Table  B.2. 
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Table  B.1 


The  values 
for  the 

of  B,  sin  0/A  and  the 
A1 , NiAl^  and  Ni2Al3 

temperature,  e ^ 
phases  [64Mir]. 

Phase 

20 

B 

sin  0/A 

e-2m 

A1 

38.38 

7.29  x 

IQ-1? 

.2137 

.939 

NiAl3 

29.31 

6.23  x 

IQ"17 

.1641 

.958 

35.02 

6.23  x 

10-17 

.1951 

.947 

41 .10 

6.23  x 

10“ 17 

.2277 

.918 

41 .82 

6.23  x 

10-17 

.2315 

.916 

N i 2AI ^ 

17.98 

5.60  X 

10-17 

.1014 

.988 

31-36 

5.60  X 

10-17 

.1753 

.964 
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Table  B.2 

Summary  of  Structure  Factor  Calculations 


Phase 

hkl 

20 

F 

|F|2 

A1 

1 1 1 

35.38 

35.166 

1237 

niai3 

210 

29.3 

15.0 

225 

21  1 

35.0 

7.9 

62.4 

221 ,031 

41 .5 

16.3 

265.7 

112 

41  .8 

18.2 

331  .2 

NigAlg 

001 

18.0 

49.4 

2442 

101 

31  .4 

22.3 

499 
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Lorentz-Polarization  Factor 

The  Lorentz-Polarization  factor  (LP)  was  calculated  using  the 
expression 

2 

. n 1 + cos  20 

LP  = ^ B.5 

sin  0 cos  0 

and  the  results  are  summarized  in  Table  B.3. 

Volume  Fraction  Measurements 

The  calculated  values  of  the  correction  factor,  R,  for  the  planes 
of  interest  are  summarized  in  Table  B.4.  Raw  integrated  intensity 
data  are  given  for  the  NiAl^-Al  and  N^Al^-NiAl^  standards  in  Tables 
B.5  and  B.6,  respectively.  The  raw  intensity  was  divided  by  the 
correction  factor  and  the  results  summarized  in  Table  B.7  for  the 
Al-NiAl^  standards.  Similarly,  Tables  B.8  and  B.9  summarized  the 
corrected  integrated  intensities  of  the  Ni^l^-NiAl^  standards.  The 
ratio  of  the  summed  corrected  intensities,  the  corresponding  volume 
fraction  ratios  of  the  standard  samples  are  given  in  Tables  B.10  and 
B.11  and  the  respective  calibration  curves  are  plotted  in  Figures  B.1 
and  B.2. 

For  the  Al-NiAl^  and  N^Al^-NiAl^  standards,  a linear  correlation 
was  obtained  between  the  ratio  of  the  integrated  intensities  and  the 
volume  fraction  ratios.  A least  squares  linear  regression  analysis  of 
the  data  yielded  the  following  equations: 
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Table  B.3 

Summary  of  Lorentz-Polarization  Factor  Calculations 


Phase 

hkl 

29 

L P 

A1 

111 

38.38 

15.82 

NiAl3 

210 

29.3 

28.43 

211 

35.0 

19.35 

221 ,031 

Ml  .5 

13.59 

112 

41.8 

13.07 

Ni2Al3 

001  . 

18.0 

78.98 

101 

31.4 

24.59 
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Table  B.4 

Summary  of  the  correction  parameters  used  to 
calculate  integrated  intensities. 


Phase 

hkl 

e-2m 

LP 

F2 

R 

A1 

111 

.939 

15.82 

1237 

18380 

NiAl3 

210 

.958 

28.43 

225 

6128 

21 1 

.947 

19.35 

62.41 

1144 

221 ,031 

.918 

13.59 

265.7 

3315 

112 

.916 

13.07 

331  .2 

3965 

Ni2Al3 

001 

.988 

78.98 

2442 

191000 

101 

.964 

24.59 

499.1 

11840 
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Table  B.5 

Raw  intensity  data  for  the  Al-NiAl 3 standards 
uncorrected  for  texture. 


Standard 

% Ni 

A1 

NiAl3 

111 

210 

21 1 

031 ,221 

1 A 

25.1 

785 

52.6 

29.7 

269 

IB 

25.1 

801 

59.9 

26.4 

276 

1 Avg 

25.1 

793 

56.2 

28.1 

273 

2A 

30.4 

587 

80.7 

44.1 

310 

2B 

30.4 

506 

85.1 

36.6 

282 

2Avg 

30.4 

547 

82.9 

40.3 

296 

3A 

35.4 

327 

93.1 

41  .1 

348 

3B 

35.4 

370 

92.4 

45.8 

331 

3Avg 

35.4 

348 

92.7 

43.4 

339 

4A 

38.0 

330 

110 

55.9 

427 

4b 

38.0 

207 

101 

48.4 

374 

4Avg 

38.0 

268 

105 

52.2 

400 

5A 

41.8 

23.8 

91  .9 

55.1 

397 

5B 

41  .8 

49.1 

112 

68.4 

435 

5Avg 

41  .8 

35.5 

102 

61  .8 

416 
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Table  B.6 

Raw  intensity  data  for  the  N^Al^-NiAl^  standards 
uneorrected  for  texture. 


Standard 

$ Ni 

Ni 

2A13 

NiAl  ^ 

001 

101 

210 

21 1 

031 ,221 

6A 

45.1 

41.4 

33-3 

95.5 

52.3 

414 

6b 

-45.1 

37.1 

34.3 

102.4 

56.2 

407 

6Avg 

45.1 

39.2 

33.8 

98.9 

54.3 

410 

7A 

47.4 

72.4 

62.9 

87.9 

48.2 

370 

7B 

47.4 

61  .1 

51 .8 

93.2 

45.1 

369 

7Avg 

47.4 

66.7 

57.3 

90.5 

46.6 

370 

8A 

50 

80.4 

106 

61  .4 

30.7 

249 

8b 

50 

113 

91.2 

73.5 

35.4 

240 

8Avg 

50 

96.4 

98.5 

67.4 

33.0 

245 

9A 

60 

218 

217 

1.03 

-3.10 

-1.44 

9B 

60 

154 

198 

10.8 

-0.283 

- .60 

9Avg 

60 

186 

208 

5.90 

-1.69 

-1  .02 
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Table  B.7 

Corrected  intensity  data  for  Al-NiAlo  standard 
samples  used  to  construct  the  calibration  curve. 


Al,  hkl 

NiAl3, 

hkl 

1 1 1 

210 

21 1 

031,221 

X 

Standard 

% Ni 

X102 

X102 

X102 

X102 

X102 

1 A 

25.1 

4.27 

0.86 

2.59 

7.39 

10.8 

IB 

25.1 

4.36 

0.98 

2.31 

7.58 

10.9 

1 Avg 

25.1 

4.31 

0.92 

2.45 

7.49 

10.9 

2A 

30.4 

3.20 

1 .32 

3.86 

8.52 

13.7 

2B 

30.4 

2.75 

1.39 

3.20 

7.76 

12.3 

2Avg 

30.4 

2.98 

1.35 

3.53 

8.14 

13.0 

3A 

35.4 

1.78 

1.52 

3.59 

9.56 

14.7 

3B 

35.4 

2.01 

1 .51 

4.00 

9.10 

14.6 

3Avg 

35.4 

1.90 

1.51 

3.80 

9.33 

14.6 

4A 

38.0 

1 .80 

1 .79 

4.89 

1 1 .7 

18.4 

4b 

38.0 

1.13 

1 .64 

4.24 

10.3 

16.1 

4Avg 

38.0 

1 .46 

1 .72 

4.56 

1 1 .0 

17.3 

5A 

41.8 

0.13 

1.50 

4.82 

10.9 

17.2 

5B 

41.8 

2.27 

1 .83 

5.99 

11.9 

19.8 

5Avg 

41  .8 

0.20 

1.67 

5.40 

11.4 

18.5 
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Table  B.8 

Corrected  intensity  data  for  the  NiAl ^ phase  in 
N^Al^NiAl^  standard  samples  used  to 
construct  the  calibration  curve. 


Standard 

Wt  % Ni 

Corrected 

Integrated  Intensity,  NiAl 

210 

X102 

21 1 
X102 

031,221 
XI  02 

E 

X102 

6a 

115.1 

1 .56 

4.58 

11.37 

17.5 

6B 

45.1 

1.67 

4.91 

11.17 

17.8 

6Avg 

45.1 

1 .61 

4.75 

11.27 

17.6 

7A 

47.4 

1.43 

4.21 

10.16 

15.8 

7B 

47.4 

1 .52 

3.94 

10.15 

15.6 

7Avg 

47.4 

1.48 

4.08 

10.15 

15.7 

8A 

50 

1.00 

2.68 

6.84 

10.5 

8b 

50 

1.20 

3.10 

6.56 

10.9 

8Avg 

50 

1.10 

2.89 

6.70 

10.7 

9A 

60 

0.02 

_ 

_ 

_ 

9B 

60 

0.176 

- 

- 

_ 

9Avg 

60 

0.096 

- 

- 

- 
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Table  B.9 

Corrected  Intensity  data  for  the  N^Al^  phase 
in  Ni 2M o-NiAl o standard  samples  used  to 
construct  the  calibration  curve. 


Corrected  Integrated  Intensity,  NigAlg,  hkl 


Standard 

Wt  $ Mi 

001  X 10* 

101  X 10J 

Z X 10 

6A 

45.1 

2.17 

2.818 

3.03 

6b 

45.1 

1.95 

2.896 

3.09 

6Avg 

45.1 

2.06 

2.857 

3.06 

7A 

47.4 

3.80 

5.312 

5.69 

7B 

47.4 

3.21 

4.381 

4.70 

7Avg 

47.4 

3.50 

4.846 

5.20 

8A 

50 

4.22 

8.947 

9.37 

8B 

50 

5.90 

7.709 

8.30 

8Avg 

50 

5.06 

8.328 

8.83 

9A 

60 

11.43 

13.628 

19.50 

9B 

60 

8.06 

16.764 

17.57 

9Avg 

60 

9.74 

15.196 

18.54 
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Table  B.10 

Calculated  intensity  and  volume  fraction  ratios 
for  Al-NiAl^  standard  samples. 


<I/R>A1 

fAl 

Standard 

Wt  % Ni 

(I/R)NiAi^ 

fNiAl3 

1 A 

25.1 

0.394 

IB 

25.1 

0.401 

1 Avg  . 

25.1 

0.397 

.81  1 

2A 

30.4 

0.233 

2B 

30.4 

0.223 

2Avg 

30.4 

0.229 

.497 

3A 

35.4 

0.121 

3B 

35.4 

0.138 

3Avg 

35.4 

0.129 

.256 

4A 

38.0 

0.0976 

4b 

38.0 

0.0697 

4Avg 

38.0 

0.0845 

.136 

5A 

41.8 

0.00755 

5B 

41.8 

0.0135 

5Avg 

41.8 

0.0107 

.008 
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Table  B.1 1 

Calculated  intensity  and  volume  fraction  ratios 
for  N^Al^'NiAl^  standard  samples. 


(I/R) 

NijAlo 

f 

Ni2Al3 

Standard 

Wt  % Ni 

(I/R)NiAl3 

fNiAl3 

6a 

45.1 

0.0173 

6B 

45.1 

0.0174 

6Avg 

45.1 

0.0174 

.279 

7A 

47.4 

0.0360 

7B 

47.4 

0.0301 

7Avg 

47.4 

0.0331 

.642 

8A 

50 

0.0890 

8B 

50 

0.0764 

8Avg 

50 

0.0825 

1 .444 

9A 

60 

00 

00 

9B 

60 

00 

00 

9Avg 

60 

00 

00 
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Table  B.12 

The  integrated  intensity  of  the  001  Ni2Alo  peak 
from  the  standard  samples . 


Volume  Fraction 


Standard 

Ni^l^ 

Intensity  001 

5A 

0 

7.49 

5B 

0 

7.83 

5Avg 

0 

7.66 

6A 

.218 

41  .36 

6b 

.218 

37.13 

6Avg 

.218 

39.24 

7A 

.391 

72.35 

7B 

.391 

61.12 

7Avg 

.391 

66.74 

8A 

.591 

80.36 

8B 

.591 

112.5 

8Avg 

.591 

96.43 

9A 

1.000 

217.9 

9B 

1 .000 

153.5 

9Avg 

1.000 

185.7 
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Figure  B.1  Calibration  curve  generated  by  the  Al-NiAlo  standards. 
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Figure  B.2  Calibration  curve  generated  by  the  Ni?Alo-NiAl3  standards. 
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For  the  Al-NiAl^  mixture, 

f (A1 )/f (NiAl^)  = 2.30  X I(Al)/I(NiAl  ) - 0.034  B.6 

For  the  NigAl^-NiAl^  mixture, 

f (Ni2Al3)/f (NiAl3)  = 17.6  I(Ni2Al3)/I(NiAl  ) + .1  B.7 

where  f is  the  volume  fraction  and  I is  the  sum  of  the  corrected 
integrated  intensities  of  each  phase.  These  equations  were  used  along 
with  equations  3-9,  3.10  and  3-11  to  determine  the  volume  fraction  of 
the  constituent  phases.  The  integrated  intensity  of  the  001  Ni2Al3 
peak  is  tabulated  with  the  corresponding  volume  fraction  for  the 
standards  in  Table  B.12  and  plotted  in  Figure  B.3.  Two  determinations 
were  made  for  each  standard.  As  the  volume  fraction  of  N^Al^ 
increased,  the  spread  in  the  determinations  also  increased.  The 
errors  associated  with  the  determination  of  NigAlg  and  NiAl  using  the 
above  mentioned  techniques  are  discussed  later. 
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Figure  B.3  Calibration  curve  relating  the  volume  fraction  of  N^Ai^  to  integrated  intensity  of  001 
peak . 


APPENDIX  C 

CORRECTED  INTEGRATED  INTENSITIES  OF  THE  A1  AND  Ni2Al3  PHASES 
FROM  SAMPLES  CONTAINING  BETWEEN  1 6 TO  27  at . % Ni 


I/R(hkl) 


Sample 

A1 

Ni 2AI ^ 

111  X 103 

001  X 105 

101  X 105 

E X 105 

16.5  CU  la 

22.2 

1.32 

-7.83 

16.5  CU  1b 

21.8 

-.79 

-27.7 

16.5  CU  lavg 

22.0 

0.27 

-17.8 

(-) 

16.5  SP  1 

21  .3 

- 

- 

(-) 

20  DS  la 

19.8 

7.92 

53.5 

20  DS  1b 

14.8 

5.12 

81.1 

20  DS  lavg 

17.3 

6.52 

67.7 

73.8 

20  DS  2a 

18.2 

9.40 

136 

20  DS  2b 

21  .2 

8.60 

80.6 

20  DS  2avg 

19.7 

9.00 

108 

117 

20  DS  3a 

16.6 

13.2 

116 

20  DS  3b 

16.3 

8.48 

147 

20  DS  3avg 

16.5 

10.8 

131 

142 

20  DS  4a 

17.2 

12.5 

1 1 1 

20  DS  4b 

12.7 

10. 1 

80.8 

20  DS  4avg 

14.9 

11.3 

95.9 

107 

20  CU  la 

15.9 

16.2 

230 

20  CU  1b 

16.1 

19.4 

259 

20  CU  lavg 

16.0 

17.8 

245 

262 

20.3  SP  la 

16.4 

- 

- 

- 

21 .9  CU  la 

14.3 

23.0 

240 

21 .9  CU  1b 

14.5 

22.0 

351 

21 .9  CU  lavg 

14.4 

22.5 

296 

318 

340 


341 


I/R (hkl ) 


Sample 

A1 

Ni^l^ 

111  X 103 

001  X 105 

101  X 105 

Z X 105 

22  SP  la 

7.16 

22  SP  1b 

6.58 

- 

- 

- 

22  SP  lavg 

6.87 

- 

- 

- 

23.2  CU  la 

13-8 

25.5 

432.2 

23.2  CU  1b 

13.5 

26.6 

407.4 

23.2  CU  lavg 

13.6 

26.0 

419.8 

445.8 

23.6  SP  la 

3.7 

. 1 

-23.33 

23.6  SP  1b 

3.4 

-.5 

-43.62 

23.6  SP  1c 

3.6 

.8 

78.55 

23.6  SP  lavg 

3.6 

.1 

19.42 

19.55 

25  HE  la 

18.7 

25.7 

456.6 

25  HE  1b 

19.6 

23.7 

356.9 

25  HE  lavg 

19.2 

24.7 

406.7 

431  .5 

25  HE  2a 

18.9 

32.5 

453.2 

25  HE  2b 

10.0 

28.2 

384.3 

25  HE  2avg 

14.4 

30.3 

418.8 

449.3 

25  HE  3a 

19.4 

27.8 

371.6 

25  HE  3b 

17.9 

33-3 

438.0 

25  HE  3avg 

18.7 

30.5 

404.8 

435.3 

25  HE  4a 

21  .1 

31 .6 

376.8 

25  HE  4b 

20.0 

32.5 

475.3 

25  HE  4a vg 

20.2 

32.0 

426.1 

458.1 

25  HE  5a 

14.9 

40.0 

608.3 

25  HE  5b 

17.1 

31  .4 

561.7 

25  HE  5avg 

16.0 

35.7 

585.0 

620.7 

25  HE  6a 

22.9 

27.4 

391.8 

25  HE  6b 

20.9 

31.9 

449.9 

25  HE  6c 

24.6 

26.0 

443.0 

25  HE  6avg 

22.8 

28.4 

428.2 

456.7 

25  HE  6a* 

12.9 

22.4 

400.4 

25  HE  6b* 

11.6 

20. 1 

400.0 

25  HE  6avg* 

12.2 

21  .2 

400.2 

421  .4 

342 


Sample 

I/R(hkl) 

A1 

Ni^l^ 

111  X 103 

001  X 

105  101  X 105 

E X 105 

25  HE  7a 

14.1 

46.1 

601.9 

25  HE  7b 

18.8 

35.8 

478.4 

25  HE  7avg 

16.4 

40.9 

540.2 

581 . 1 

25  WA  2a 

19.9 

42.8 

540.8 

25  WA  2b 

20.6 

45.8 

561.6 

25  WA  2avg 

20.3 

44.3 

551  .2 

595.5 

25  WA  3a 

19.1 

54.2 

648.1 

25  WA  3b 

21  .7 

39.1 

611  .8 

25  WA  3avg 

20.4 

46.7 

630.0 

676.6 

25  WA  4a 

19.5 

41  .3 

521.9 

25  WA  4b 

21 .4 

44.8 

617.0 

25  WA  4avg 

20.4 

43.1 

569.4 

612.5 

25  WA  5a 

17.9 

37.2 

533.7 

25  WA  5b 

19.9 

44.0 

613-3 

25  WA  5avg 

18.9 

40.6 

573.5 

61  4. 1 

25  WA  6 

16.1 

17.5 

265.1 

282.6 

25  WA  7a 

17.7 

33.5 

365.6 

25  WA  7b 

17.6 

23.1 

343.4 

25  WA  7avg 

17.7 

28.3 

354.5 

382.8 

25  WA  8a 

20.3 

31.9 

475.3 

25  WA  8b 

21.4 

38.6 

563.1 

25  WA  8avg 

20.9 

35.2 

519.2 

554.4 

25  WA  9a 

14.1 

43.4 

529.7 

25  WA  9b 

14.7 

37.0 

445.8 

25  WA  9avg 

14.4 

40.2 

487.8 

528.0 

25  CU  1 

14.2 

38.7 

455.2 

493-9 

25  SP  1 

5.7 

15.7 

200.7 

216.4 

25  DT  1 

2.6 

12.4 

1 49.0 

161.4 

* Sample  was  reground. 


APPENDIX  D 

CORRECTED  INTEGRATED  INTENSITIES  OF  THE  NUI3  PHASE 
FROM  SAMPLES  CONTAINING  BETWEEN  16  TO  27  wtT  % Ni 


Sample 

I/R (hkl ) 

, NiAl3 

210  X 102 

211  X 102 

221,031  X 102 

S X 10' 

16.5  CU  la 

1.07 

2.94 

7.30 

16.5  CU  1b 

1 .06 

3.21 

7.18 

16.5  CU  lavg 

1 .06 

3.07 

7.24 

11.37 

16.5  SP  1 

0.88 

2.71 

6.87 

10.45 

20  DS  la 

1.22 

3.08 

7.24 

20  DS  1b 

1.15 

3.15 

6 . 62 

20  DS  lavg 

1.18 

3.12 

6.926 

11.22 

20  DS  2a 

1.14 

3.07 

6.41 

20  DS  2b 

1.17 

2.99 

6.97 

20  DS  2a vg 

1 .16 

3.03 

6.69 

10.87 

20  DS  3a 

1 .04 

1.87 

6.3 

20  DS  3b 

1 .01 

2.15 

6.35 

20  DS  3avg 

1.02 

2.01 

6 . 36 

9.39 

20  DS  4a 

1 .20 

2.32 

7.01 

20  DS  4b 

1.06 

2.25 

6.51 

20  DS  4avg 

1.13 

2.28 

6.76 

10.17 

20  CU  la 

• 83 

2.59 

5.77 

20  CU  1b 

.90 

2.59 

5.54 

20  CU  lavg 

.87 

2.59 

5.66 

9.11 

20.3  SP  la 

1.49 

4.07 

9.37 

1 4.92 

21 .9  CU  la 

.61 

2.18 

5.19 

21 .9  CU  1b 

.79 

2.50 

4.97 

21  .9  CU  lavg 

• 70 

2.34 

5.08 

8.12 

343 


344 


I/R (hkl ) ’ NlA13 

Sample 

210  X 102 

211  X 102  221 ,031  X 102 

E X 1 02 

22  SP  la 

1.47 

3.49 

9.68 

22  SP  1b 

1 .41 

3.56 

9.28 

22  SP  lavg 

1.44 

3.53 

9.48 

14.44 

23-2  CU  la 

.76 

2.17 

4.99 

23-2  CU  1b 

.72 

2.16 

5.08 

23.2  CU  lavg 

.74 

2.17 

5.04 

7.94 

23-6  SP  la 

1.46 

3.74 

9.31 

23.6  SP  1b 

1 .39 

3.91 

9.56 

23.6  SP  1c 

1.35 

3.78 

9.21 

23.6  SP  lavg 

1 .40 

3.81 

9.36 

14.58 

25  HE  la 

1.06 

2.77 

6.83 

25  HE  1b 

1 .03 

2.89 

6.58 

25  HE  lavg 

1.04 

2.83 

6.70 

10.57 

25  HE  2a 

0.84 

2.54 

5.79 

25  HE  2b 

0.83 

1.90 

.49 

25  HE  2avg 

0.83 

2.22 

3.14 

6.20 

25  HE  3a 

1.02 

2.63 

6.33 

25  HE  3b 

0.96 

2.14 

6.00 

25  HE  3avg 

0.99 

2.39 

6.17 

9.54 

25  HE  4a 

0.91 

2.60 

6.18 

25  HE  4b 

0.91 

2.38 

5.98 

25  HE  4a vg 

0.91 

2.49 

6.08 

9.48 

25  HE  5a 

0.81 

2.54 

5.94 

25  HE  5b 

1 .03 

2.40 

6.09 

25  HE  5avg 

.92 

2.47 

6.01 

9.41 

25  HE  6a 

1.03 

2.50 

6.72 

25  HE  6b 

.95 

2.85 

6.29 

25  HE  6c 

1 .02 

2.40 

6.72 

25  HE  6avg 

1.00 

2.58 

6.58 

10.15 

25  HE  6a* 

.55 

2.09 

3.93 

25  HE  6b* 

.47 

1.72 

3.72 

25  HE  6avg* 

.51 

1 .90 

3.52 

5.38 

345 


Sample 

I/R(hkl) 

, NiAl^ 

210  X 102 

211  X 102 

221 ,031  X 102 

E X 1 02 

25  HE  7a 

0.73 

2.17 

4.32 

25  HE  7b 

0.66 

2.77 

5.36 

25  HE  7avg 

0.700 

2.47 

4.84 

8.01 

25  WA  2a 

0.87 

2.84 

5.90 

25  WA  2b 

0.96 

2.68 

6.04 

25  WA  2avg 

0.91 

2.76 

5.97 

9.64 

25  WA  3a 

0.64 

2.50 

4.76 

25  WA  3b 

0.82 

2.1 

5.33 

25  WA  3avg 

0.73 

2.30 

5.05 

8.08 

25  WA  4a 

0.67 

2.37 

4.95 

25  WA  4b 

0.71 

2.08 

5.24 

25  WA  4avg 

0.69 

2.23 

5.09 

8.01 

25  WA  5a 

0.79 

1.76 

4.82 

25  WA  5b 

0.73 

2.37 

5.08 

25  WA  5avg 

0.76 

2.06 

4.95 

7.78 

25  WA  6 

0.66 

1 .53 

4.63 

6.83 

25  WA  7a 

0.82 

1.78 

5.00 

25  WA  7b 

0.74 

2.12 

4.99 

25  WA  7avg 

0.78 

1.95 

4.99 

7.72 

25  WA  8a 

0.75 

2.03 

5.08 

25  WA  8b 

0.92 

2.47 

5.5 

25  WA  8avg 

0.84 

2.25 

5.29 

8.38 

25  WA  9a 

0.56 

1.42 

3.85 

25  WA  9b 

0.64 

1 .87 

3.96 

25  WA  9avg 

0.6 

1.65 

3.90 

6.15 

25  CU  1 

.98 

2.35 

5.87 

9.20 

25  SP  1 

1.62 

3.76 

8.97 

14.35 

25  DT  1 

1 .63 

4.36 

9.35 

15.33 

* Sample  was  reground. 


APPENDIX  E 

INTEGRATED  INTENSITY  RATIOS  AND  CORRESPONDING 
VOLUME  FRACTION  RATIOS  FOR  SAMPLES  CONTAINING 
16  TO  27  at.  % Ni 


Sample 

Z (Al) 

f (Al) 

ZtNi^l^ 

f (NigAlg) 

E(NiAl3) 

f (NiAl3) 

E(NiAl3) 

f (NiAi3) 

16.5  CU  1 

.19 

.41 

- 

- 

16.5  SP  1 

.20 

.44 

- 

- 

20  DS  1 

.15 

• 30 

.007 

.12 

20  DS  2 

.18 

.36 

.011 

.20 

20  DS  3 

.18 

.35 

.015 

.28 

20  DS  4 

.15 

.29 

.01 1 

.19 

20  CU  1 

.18 

.37 

.029 

.51 

20.3  SP  1 

.11 

.21 

- 

- 

21 .9  CU  1 

.18 

.37 

.039 

.70 

22  SP 

.05 

.08 

5X1 O-5 

.007 

23.2  CU  1 

.17 

.36 

.056 

.99 

23.6  SP  1 

.02 

.02 

1 .3X10"3 

.03 

25  HE  1 

.18 

.36 

.041 

.73 

25  HE  2 

.17 

.34 

.054 

.97 

25  HE  3 

.20 

.39 

.046 

.82 

25  HE  4 

.22 

.43 

.048 

.86 

25  HE  5 

.17 

.33 

.0660 

1.18 

3^6 


3^7 


Sample 

l (Al) 

f(Al) 

E(Ni2Al3) 

f (Ni2Al3) 

E(NiAl3) 

f (NiAl3) 

Z(NiAl3)" 

f (NiAl3) 

25  HE  6 

.22 

.45 

.045 

.80 

25  HE  7 

.20 

.41 

.072 

1.29 

25  WA  2 

.21 

.42 

.062 

1.10 

25  WA  3 

.25 

.51 

.084 

1 .49 

25  WA  4 

.26 

.51 

.077 

1 .36 

25  WA  5 

.24 

.49 

.079 

1.41 

25  WA  6 

.24 

.47 

.041 

.74 

25  WA  7 

.23 

.46 

.050 

.89 

25  WA  8 

.25 

.50 

. 066 

1 .18 

25  WA  9 

.47 

1.53 

25  CU  1 

.15 

.30 

.054 

.96 

25  SP  1 

.039 

.059 

.015 

.28 

25  DT  1 

.017 

.012 

.01 1 

.19 

APPENDIX  F 

CORRECTED  INTEGRATED  INTENSITIES  OF  THE  A1  AND 
NiAl  + Ni2AI3  PHASES  FOR  SAMPLES  CONTAINING 
BETWEEN  27  TO  50  at.  % Ni 


I/R(hkl) 


A1 

Ni2Al3 

NiAl  + Ni2Al3 

Sample 

111  X 103 

001  X 105 

001 ,101  X 105 

E X 105 

27  SP  la 

7.61 

38.2 

575.7 

27  SP  1b 

7.25 

34.0 

518.0 

27  SP  lavg 

7.43 

36. 1 

546.8 

582.9 

27.3  CU  la 

7.68 

36.4 

554.3 

27.3  CU  1b 

7.52 

38.1 

614.6 

27.3  CU  lavg 

7.60 

37.2 

584.4 

621  .6 

29  SP  la 

4.22 

31.7 

619.0 

29  SP  1b 

4.91 

39.7 

645.9 

29  SP  lavg 

4.56 

35.7 

632.4 

668.1 

31.5  HE  la 

2.76 

51  .4 

829.8 

31 .5  HE  1b 

2.44 

54.4 

660.8 

31.5  HE  lavg 

2.60 

52.9 

745.3 

798.2 

31.5  HE  4a 

3.09 

46.9 

718.8 

31.5  HE  4b 

2.89 

36.0 

734.4 

31 .5  HE  4avg 

2.99 

41.4 

726.6 

76.80 

31 .5  WA  la 

5.00 

48.4 

838.6 

31 .5  WA  1b 

5.04 

63.7 

931  .3 

31.5  WA  lavg 

5.02 

56.0 

885.0 

941  .0 

31.5  WA  2a 

6.51 

53.6 

742. 1 

31  .5  WA  2b 

5.75 

55.4 

768.2 

31.5  WA  2avg 

6.13 

54.5 

755.2 

809.7 

31 .5  WA  4a 

7.36 

45.9 

734.5 

31.5  WA  4b 

5.85 

42.  4 

685.3 

31  .5  WA  4a vg 

6.61 

44.2 

709.9 

750.1 

348 


349 


Sample 

A1 

111  X 103 

I/R 

Ni2Al3 
001  X 105 

(hkl) 

NiAl  + NijA^ 
001,101  X 105 

E X 105 

31.5  CU 

la 

3.92 

54.2 

862.7 

31  .5  CU 

1b 

4.09 

51.2 

803-2 

31  .5  CU 

lavg 

4.01 

52.7 

833.0 

885.7 

31 .5  SP 

la 

1.18 

33-3 

642.9 

31.5  SP 

1b 

1.06 

48.0 

779.6 

31 .5  SP 

lavg 

1.12 

40.6 

71 1 .2 

751.8 

31 .5  DT 

1 

0.07 

26.5 

395.4 

421.9 

34.1  CU 

la 

1 .91 

62.0 

1082.7 

34.1  CU 

1b 

2.12 

54.7 

1063.0 

34.1  CU 

lavg 

2.02 

58.4 

1072.9 

1130 

35.8  SP 

la 

.10 

67.1 

1110.6 

35.8  SP 

1b 

.48 

58.0 

1022.3 

35.8  SP 

lavg 

.29 

62.0 

1066.5 

1130 

37.8  SP 

la 

.06 

69.7 

1286.5 

37.8  SP 

1b 

.08 

66.6 

1178.5 

37.8  SP 

lavg 

.07 

68.1 

1232.5 

1300 

40.8  CU 

la 

.16 

37.0 

1175.3 

1210 

50  CU  la 

- 

-1  .2 

2092.4 

50  CU  1b 

- 

1.4 

2046.9 

50  CU  lavg 

— 

0.1 

2069.7 

2070 

APPENDIX  G 

CORRECTED  INTEGRATED  INTENSITIES  OF  THE  NiAl ? PHASE 
FOR  SAMPLES  CONTAINING  BETWEEN  27  TO  50  at . % Ni 


I/R(hkl) 


Sample 

210  X 102 

211  X 102 

221 ,031  X 102 

E X 102 

27  SP  la 

.46 

1.57 

3-67 

27  SP  1b 

• 43 

1 .33 

3.35 

27  SP  lavg 

.45 

1.45 

3.51 

5.41 

27.3  CU  la 

.61 

1.61 

4.81 

27.3  CU  1b 

.75 

1.97 

4.72 

27.3  CU  lavg 

.68 

1 .79 

4.77 

7.24 

29  SP  la 

.39 

.62 

3.13 

29  SP  1b 

• 37 

1 .54 

3.25 

29  SP  lavg 

• 38 

1.08 

3.19 

4 . 65 

31 .5  HE  la 

.74 

2.53 

5.07 

31 .5  HE  1b 

.72 

2.29 

4.63 

31.5  HE  lavg 

.73 

2.41 

4.85 

7.99 

31.5  HE  4a 

.61 

1.48 

3.58 

31 .5  HE  4b 

.43 

1 .25 

3.5 

31.5  HE  4avg 

.52 

1.36 

3.54 

5.42 

31 .5  WA  la 

.51 

1 .65 

3.50 

31 .5  WA  1b 

.58 

1.59 

3.61 

31  .5  WA  lavg 

.54 

1 .62 

3.56 

5.72 

31.5  WA  2a 

.41 

1.51 

2.90 

31.5  WA  2b 

.42 

.13 

3.30 

31.5  WA  2avg 

.44 

1.41 

3.10 

4.94 

31  .5  WA  4a 

• 39 

1 .09 

3-35 

31.5  WA  4b 

.49 

1 .20 

2.94 

31 .5  WA  4avg 

.44 

1.14 

3.14 

4.72 
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I/R(hkl) 


Sample 

210  X 102 

211  X 102 

221,031  X 102 

Z X 102 

31.5  CU  la 

.53 

1.65 

3.66 

31 .5  CU  1b 

.44 

1 .56 

3.45 

31 .5  CU  lavg 

.49 

1.61 

3.56 

5.65 

31 .5  SP  la 

.48 

1.17 

3.69 

31  .5  SP  1b 

.5 

1.51 

4.35 

31 .5  SP  lavg 

.49 

1 .34 

4.02 

4.65 

31 .5  DT  1 

.34 

1 .05 

2.63 

4.02 

34.1  CU  la 

.26 

.95 

1 .79 

34.1  CU  1b 

.40 

1.37 

2.03 

34.1  CU  lavg 

.33 

1 .16 

1 .91 

3.40 

35.8  SP  la 

.17 

.14 

1 .41 

35.8  SP  1b 

.20 

.99 

1 .38 

35.8  SP  lavg 

.19 

.56 

1.39 

2.15 

37.8  SP  la 

.04 

.42 

.52 

37.8  SP  1b 

-.03 

.48 

.51 

37.8  SP  lavg 

.00 

.45 

.51 

.97 

40.8  CU  la 

.03 

-.04 

0.70 

.69 

50  CU  la 

- 

- 

- 

50  CU  1b 

- 

- 

- 

50  CU  lavg 

- 

- 

- 

- 

APPENDIX  H 

INTEGRATED  INTENSITY  RATIOS  AND  CORRESPONDING  VOLUME 
FRACTION  RATIOS  FOR  SAMPLES  CONTAINING  27  TO  50  at . % Ni 


Sample 

l (Al) 

f(Al) 

I(Ni2Al3+NiAl) 

f (Ni2Al3+NiAl) 

E(N1A13) 

f (NiAIg) 

KNiAl  3) 

f (NiAl3) 

27  SP  1 

• 137 

.28 

.108 

1.90 

27-3  CU  1 

.150 

.21 

.086 

1.52 

29  SP  1 

.0981 

.192 

.144 

2.54 

31 .5  HE  1 

.0325 

.041 

.100 

1.76 

31 .5  HE  4 

.0552 

.093 

.142 

2.50 

31 .5  WA  1 

.0877 

.168 

.164 

2.90 

31 .5  WA  2 

.124 

.251 

.164 

2.89 

31 .5  WA  4 

.140 

.287 

.160 

2.82 

31 .5  CU  1 

.071 

.13 

.157 

2.77 

31 .5  SP  1 

.0192 

.01 

.128 

2.27 

31 .5  DT  1 

.0017 

0.0 

.105 

1 .84 

34.1  CU  1 

.0593 

.102 

• 333 

5.86 

35.8  SP  1 

.013 

(-) 

.526 

9.27 

40.8  SP  1 

.0068 

0.0 

1.34 

23-57 

50  CU  1 

- 

- 

00 

CO 
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APPENDIX  I 
ERROR  ANALYSIS 


Associated  with  any  measurement  are  degrees  of  uncertainty  or 
error.  These  errors  can  originate  from  statistical  variations  or  from 
inherent  limitations  in  the  measuring  technique.  Of  these  two  sources 
of  error,  the  second  is  the  most  insidious  and  therefore  difficult  to 
identify  and  quantify.  Statistical  variations  are  quantified  by 
repeated  measurements  which  can  in  some  cases  give  an  idea  as  to  the 
accuracy  of  the  measurement  technique.  However,  a measurement 
technique  that  is  biased  and  consistently  gives  the  incorrect  result 
cannot  be  detected  by  a simple  estimate  of  the  mean  and  standard 
deviation.  For  example,  a sensitive  instrument  designed  to  give 
reproducible  results  will  consistently  give  inaccurate  measurements  if 
calibrated  incorrectly.  For  this  reason  measurements  made  by  two  or 
more  independent  techniques  are  more  accurate  than  any  one  technique 
alone . 

Assuming  that  the  technique  used  is  actually  measuring  the 
desired  property,  uncertainties  can  result  from  measurements  made  at 
different  locations  on  the  sample.  Normally  errors  originating  from 
statistical  variations  make  the  assumption  that  the  entire  sample  is 
uniform  and  the  variations  that  are  obtained  are  due  solely  to 
variations  in  counting  statistics.  If  the  sample  is  not  uniform, 
variations  occur  from  one  region  to  another  despite  the  good  accuracy 
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within  each  region.  In  the  later  case  the  mean  and  standard  deviation 
of  the  quantity  being  measured  reflect  not  only  the  accuracy  of  the 
measuring  method,  but  the  inhomogeneity  or  range  of  microstructures 
present  in  the  sample. 

In  this  study  there  were  three  principal  measurements  which  could 
be  subject  to  errors.  These  are  the  volume  fractions,  the  surface 
area  and  the  cooling  rate.  Errors  in  composition  were  minimized  by 
preparing  each  sample  individually  rather  than  using  a batch 
technique.  Initial  work  in  preparing  master  alloys  showed  that  even 
after  repeated  arc  meltings,  chemical  homogeneity  was  not  achieved. 
Composition  changes  from  other  factors  such  as  vaporization  were  also 
not  important  because  vaporization  from  the  liquid  surface  was 
appreciable  at  temperatures  above  2000  K.  The  isothermal  heat 
treatment  temperatures  were  either  1425  or  1045  K,  well  below  the 
temperature  needed  for  significant  vaporization  to  occur. 

Errors  in  the  cooling  rate  originate  from  two  sources  depending 
on  the  magnitude  of  the  cooling  rate.  For  samples  solidified  at  low 
cooling  rates,  i.e.,  using  helium  gas  and  for  those  used  to  construct 
the  dendrite  arm  spacing  vs  cooling  rate  master  curve,  the  errors 
originate  from  the  uncertainties  in  the  determination  of  time  and 
temperature.  On  the  other  hand,  for  samples  solidified  at  cooling 
rates  above  20  K/s,  the  cooling  rate  was  estimated  from  the  dendrite 
arm  spacing.  The  uncertainty  in  these  cooling  rates  reflects  the 
uncertainty  in  the  calculated  DAS  vs  cooling  rate  master  curve  and  the 
accuracy  of  extrapolating  the  curve  to  higher  cooling  rates. 
Extrapolation  of  the  dendrite  arm  spacing  vs  cooling  rate  has  been 
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well  documented  by  comparing  the  measured  cooling  rates  to  those 
calculated  from  heat  transfer  models  [82Bro]. 

Errors  in  the  directional  solidification  experiments  arise  from 
the  estimation  of  time,  temperature  and  dendrite  arm  spacing.  The 
temperature  was  measured  from  the  Ni-Cr/Ni-Cr-Al  thermocouple.  The 
elapsed  time  was  determined  based  on  the  distance  between  the  thermal 
arrests  and  the  chart  recorder  speed. 

The  dendrite  arm  spacing  was  determined  by  measuring  a string  of 
dendrite  arms  and  then  dividing  by  the  number  of  spacings.  This 
method  helped  to  reduce  the  uncertainty  in  estimating  the  centers  of 
the  individual  dendrite  arms.  Care  was  taken  to  measure  only  the  arms 
of  closest  approach  since  this  guarantees  that  the  sectioning  had  been 
perpendicular  to  the  dendrite  stock.  A section  not  perpendicular  to 
the  dendrite  arm  would  give  an  artificially  high  measure  of  the 
spacing.  A similar  technique  is  used  in  measuring  the  interlaminar 
spacing  in  eutectic  colonies. 

Temperature  measurements  during  cooling  in  the  levitated  state, 
isothermal  holding  and  quenching  using  helium  gas  were  based  on 
measurements  from  a two-color  pyrometer.  The  pyrometer,  which  was 
calibrated  to  the  melting  points  of  copper  and  nickel,  was  considered 
accurate  to  ±7  K.  Reproducibility  was  excellent,  often  within  ±3  K 
and  never  greater  than  ±5  K.  The  sample  also  cools  during  the  drop 
from  the  levitated  state  to  the  quenching  medium.  A major  concern 
during  the  isothermal  holding  experiments  was  that  the  temperature  did 
not  fall  below  the  peritectic  isotherm  before  being  quenched.  This  is 
because  the  size  and  number  of  the  peritectic  nuclei  are  strongly 
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dependent  on  the  cooling  rate  during  the  transformation . To  prevent 
this  from  occurring,  the  holding  temperature  was  chosen  about  35  K 
above  the  peritectic  isotherm  so  that  even  in  a "worst  case"  scenario, 
the  coarsening  temperature  did  not  fall  below  the  peritectic  isotherm. 

Volume  fractions  measured  using  the  image  analysis  technique  are 
also  subject  to  error.  The  operation  of  an  image  analyzer  involves 
taking  an  analog  signal  of  varying  strength,  converting  the  voltage  to 
a number,  scaling  the  range  of  the  measurements  and  then  representing 
the  observed  range  of  values  as  grey  or  color  scale  on  a CRT.  The 
problem  of  converting  an  analog  signal  to  a digital  one  is  not  unique 
to  this  discussion  but  occurs  in  any  situation  where  discrete  bits  of 
information  have  to  be  sampled  from  a constantly  varying  signal. 

The  dimensions  of  the  CRT  screen  were  7.^-cm  square  and  the  area 
of  each  pixel  is  a function  of  the  pixel  resolution  and  the 
magnification.  Table  1.1  summarizes  the  dimensions  of  the  region 
analyzed  and  the  dimensions  of  each  pixel  for  resolutions  of 
128  x 128,  256  x 256,  and  512  x 512  and  for  magnifications  ranging 
from  100  to  5000  X.  The  activation  volume  of  electron  beam  is  about  1 
micron;  therefore  at  magnifications  of  200  times  and  less  and  at  a 
pixel  resolution  of  256  x 256,  the  information  associated  with  each 
pixel  is  coming  from  a region  that  is  smaller  than  the  pixel.  Thus 
each  pixel  does  not  truly  represent  the  region  covered  by  the  pixel. 
Conversely  at  magnifications  larger  than  about  500  times,  the  size  of 
the  pixel  is  smaller  than  the  area  analyzed  and  therefore 
overestimates  the  resolution  of  the  system.  As  a result,  an 
improvement  in  the  sampling  rate  or  pixel  resolution  at  a given 
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Table  1.1 

The  area  analyzed  and  area  of  each  pixel 
for  different  manipulations  and  pixel  resolutions. 


2 

Area  Analyzed  Area  of  Each  Pixel,  pm  , Resolution 


Magnification 

_2 

pm 

128  X 128 

256  X 256 

512  X 51 ; 

100 

5.476  X 105 

33.4 

8.3 

2. 1 

200 

1 .369  X 105 

8.3 

2.1 

.52 

300 

6.101  X 104 

3.7 

.92 

.23 

500 

2.190  X 104 

1 .3 

.34 

.08 

1000 

5.476  X 10“3 

.34 

.08 

.02 

2000 

1 .369  X 103 

.08 

.02 

.005 

5000 

2.190  X 102 

.02 

.003 

.002 
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magnification  does  not  necessarily  imply  a more  accurate  image.  This 
occurs  because  the  resolution  of  the  final  image  is  not  determined  by 
the  final  pixel  resolution  but  by  the  spatial  resolution  of  the 
electron  beam  interacting  with  the  sample.  Another  way  to  view  the 
situation  is  to  imagine  enlarging  an  out  of  focus  photographic 
negative.  The  enlargement  process  does  not  add  any  further 
information  to  the  image  and  will  in  fact  further  distort  what  are 
already  indistinct  boundaries.  Ideally  then,  the  size  of  the  pixel 
net  should  correspond  to  the  area  analyzed  by  the  electron  beam. 

In  addition  to  the  resolution  there  is  also  a sampling  problem 
due  to  the  random  orientation  of  the  microstructure  to  the  pixel  net 
and  the  influence  of  the  signal  strength  of  the  particular  phase. 
Figure  1.1  is  an  illustration  of  the  signal  generated  by  the 
backscattered  detector  as  it  scans  across  the  microstructure . In  this 
case  the  y direction  is  assumed  to  be  large  and  the  range  of  signal 
strengths  within  each  phase  is  much  smaller  than  the  differences 
between  the  phases.  The  region  of  highest  signal  would  correspond  to 
the  Ni^l^  followed  by  NiAl^  while  the  region  of  lowest  signal  would 
be  either  porosity  or  eutectic. 

The  x-ray  technique  adopted  here  to  measure  volume  fractions  is 
well  established  and  has  been  used  for  the  determination  of  retained 
austenite  in  steels  [35Ave].  Previous  studies  have  claimed  a 
measuring  accuracy  of  2%  when  standards  were  used.  In  a recent  study 
of  solute  segregation  in  Al-Si  and  Al-Cu  alloys,  Sarreal  [86Sar]  using 
standard  curves  measured  absolute  volume  fraction  differences  of 
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igure  1.1  Schematic  representation  of  the  variation  in  the 
backscattered  signal  from  the  scanning  electron 
microscope . 
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±0.0001  or  relative  differences  of  ±2.0%.  In  general  the  accuracy  of 
the  technique  is  dependent  on  a number  of  assumptions;  these  include  a 
lack  of  or  the  ability  to  correct  for  texture,  adequate  counting 
statices,  and  the  ability  to  integrate  the  peaks  unambiguously. 

In  the  present  study  peak  overlap  prevented  the  use  of  4 peaks 
for  the  A1  and  Ni^Al^  phases.  The  problem  was  overcome  somewhat 
through  the  use  of  standards,  standardized  sample  preparation,  and  a 
fine  particle  size  (56  micron)  in  the  x-ray  powders.  Since  the 
calculated  volume  fractions  are  based  on  the  standard  curves,  the 
uncertainty  in  the  calculated  volume  fractions  would  be  reflected  in 
the  errors  associated  with  the  standard  curves  [77Wan].  The  errors  in 
a fitted  linear  line  are  given  by  s , the  residual  variance, 


S 


2 


1 

N-2 


N 

E 

i = 1 


1.1 


where  Y^  is  the  fitted  value  on  the  estimated  regression  line,  Y. 
is  the  measured  value  and  n is  the  number  of  determinations  used  to 
construct  the  line.  The  standard  error,  SQ,  is  then  given  by 
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where  x.  are  the  x values  corresponding  to  Y^ . From  the  standard 
error,  a 95%  confidence  interval  can  be  constructed  on  the  slope  of 
the  fitted  line,  given  by  equation  1.3, 
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8 = e ± t>025  3 


1.3 


where  t is  student's  "t"  distribution  with  the  same  degrees  of  freedom 
2 

as  S and  g and  g are  the  true  and  fitted  slopes,  respectively. 
Similarly  a 95%  confidence  interval  for  the  intercept  is  given  by 


a 


a ± t 


.025 


_S 

AJ 


1.4 


where  a and  a are  the  true  and  fitted  intercepts,  respectively.  In 
our  present  discussion,  refers  to  the  measured  ratio  of  the 
integrated  intensities  of  either  Al/NiAl ^ or  Ni^l^/NiAl^ . The  values 
of  x^  and  n are  the  ratios  of  the  known  volume  fractions  and  the 
number  of  points  on  the  standard  curves. 

The  error  in  the  slope  of  the  Al-NiAl^  standard  curve  is  3.9$ 
while  the  error  in  the  Ni^l^NiAl^  slope  is  8.5$.  The  relatively 
larger  error  in  the  Ni^l^NiAl^  standards  compared  to  the 
Al-NiAl ^ standard  is  to  be  expected  due  to  the  mathematical  dependence 
of  the  error  on  the  ratio  of  the  volume  fractions.  The  ratio,  R,  of 
Ni^l^  to  NiAl^  is  expressed  by  the  formula, 


where  A represents  the  volume  fraction  of  Ni^l^.  Differentiating  the 
ratio  with  respect  to  A gives 


1 

(1  - A)2 


dR 

dA 


1.6 
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and  thus  for  a given  error  in  Ni^l  the  uncertainty  in  the  ratio  is 

2 

proportional  to  1/(1  - A)  . As  A 1 , the  uncertainty  in  the  ratio 
goes  to  infinity.  At  increasing  volume  fractions  of  N i ^A1 ^ the  spread 
between  the  two  determinations  becomes  larger  while  the  average  value 
does  not  deviate  from  the  straight  line. 

For  25  at.  % Ni  samples,  the  error  in  the  ratio  was  not  critical 
because  the  volume  fraction  of  Ni^l^  seldom  exceeded  .45.  However  at 
compositions  greater  than  25  at . $ Ni,  the  errors  in  the  determination 
of  Ni ^A1 ^ became  larger  than  what  would  be  suggested  by  the  regression 
analysis . 

The  reproducibility  of  the  x-ray  diffraction  technique,  and  the 
experimental  procedures  were  tested  by  repeating  experiments  under  the 
same  conditions.  Two  samples  containing  20  at . % Ni  were  solidified 
at  a cooling  rate  of  10^  K/s  by  splat  cooling;  the  N^Al^  phase  was 
suppressed  in  both  splats  and  the  volume  fraction  of  NiAl ^ agreed  to 
within  ±.02.  In  another  test  for  16.5  at.  % Ni  samples  solidified  at 
1 0^  K/s  which  showed  no  Ni2Al^  phase,  the  volume  fractions  of  NiAl^ 
agreed  to  within  ±.005  (.709  vs  .705).  Finally,  for  two  20  at.  % Ni 
samples  solidified  at  10^  K/s,  containing  the  N^Al^  and  the  NiAl^ 
phases,  the  volume  fractions  of  the  phases  agreed  to  within  ±.02  and 
.005  (.272  vs  .256  and  .531  vs  .527),  respectively.  Clearly  the 
reproducibility  of  experiments  and  the  volume  fractions  determined  by 
x-ray  diffraction  were  excellent. 

Ultimately,  the  confidence  in  the  volume  fraction  determinations 
rests  on  the  comparison  of  the  two  techniques.  Figure  1.2  plots  the 
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Figure  1.2  The  volume  fractions  of  Ni  A1  , NiAl  and  eutectic  as 
determined  by  x-ray  and  image ^analysts  from  the  same 
sample . 
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volume  fractions  determined  using  image  analysis  to  those  determined 
from  x-ray  diffraction.  The  difference  between  the  two  techniques 
fell  into  two  categories.  For  most  samples,  the  agreement  between  the 
two  techniques  was  excellent,  within  5%  absolute  error.  In  some  of 
the  isothermally  held  samples  however,  the  differences  between  the  two 
techniques  were  large,  often  exceeding  12$  absolute  error.  The  large 
discrepancy  showed  up  in  both  the  helium  and  water  quenched  samples 
that  were  held  for  approximately  100  to  200  seconds  in  the  liquid  plus 
solid  region.  Samples  with  longer  and  shorter  annealing  times  each 
showed  excellent  agreement  between  the  two  measuring  techniques. 

An  examination  of  the  ground  powders  revealed  the  source  of  the 
error.  Samples  that  were  held  between  100  and  200  seconds  developed 
an  average  particle  size  that  was  approximately  50  microns  in 
diameter.  When  this  microstructure  was  ground  to  a powder,  the 
Ni 2A1 3 and  NiA13  Phases  separated  from  the  eutectic  matrix  and  passed 
through  the  56  micron  screen  without  further  reduction.  The  N^Al^ 
was  still  covered  by  the  NiAl ^ . 

The  ground  powder,  shown  in  Figure  I. 3a,  consists  of  broken 
NiAl ^ cells  and  larger  particles  resembling  the  rounded  primary  phase 
found  in  the  coarser  microstructure.  The  x-ray  beam,  in  theory, 
interacts  with  an  infinite  depth  of  material;  but  in  practice  the 
information  contributing  to  the  diffracted  beam  comes  from  a very  thin 
region  near  the  surface.  The  fraction  G of  the  total  diffracted 
intensity,  contributed  by  a surface  layer  of  depth  x is  given  by 
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Figure  I. 3 The  ground  powder  from  which  the  volume  fractions  were 
determined  using  x-ray  analysis:  (a)  average  particle 

size  is  56  pm  and  (b)  average  particle  size  is  20  pm. 
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G - 1 - e~2ux/3ln9  1.7 

where  y is  the  mass  absorption  coefficient  and  0 is  the  Bragg  angle. 
The  mass  absorption  coefficient  for  the  NiAl^  and  Ni2Al  phases  have 
been  calculated  as  208.3  and  254.4  cm  ^ from  the  weighted  absorption 
coefficients  of  nickel  and  aluminum.  The  difference  between  the  two 
phases  is  slight  but  more  importantly,  over  50?  of  the  diffracted  beam 
originates  from  a region  only  5 microns  from  the  surface.  The  powders 
shown  in  Figure  I. 3a  were  reground  to  a particle  size  of  approximately 
20  microns,  shown  in  Figure  I. 3b.  The  volume  fractions  of  the  56  and 
20  micron  powders  are  compared  to  the  imaged  analyzed  data  in  Table 
1.2.  The  volume  fractions  determined  using  the  reground  powder  now 
agree  well  with  the  image  analysis  results. 

Measurements  of  the  interplannar  spacings  are  very  sensitive  to 
the  geometry  of  the  diffracting  conditions  as  well  as  the  means  of 
sample  preparation.  For  the  goimeter  used  in  this  study,  a variation 
of  0.1  mm  in  the  height  of  the  sample  causes  a variation  of  0.06 
degrees  of  two  theta,  corresponding  to  a change  in  the  calculated  d 
spacing  of  0.006  A at  30  degrees  of  two  theta.  Lattice  strains 
introduced  during  sample  preparation  can  also  shift  the  peak  maxima. 
Fortunately,  NiAl^  and  Ni^Al^  are  both  quite  brittle  and  relatively 
unaffected  by  grinding  during  sample  preparation. 

At  the  end  of  the  investigation  it  was  pointed  out  that  the 
diffractometer  had  a graphite  monochromator.  This  changes  the 
calculation  of  the  Lorentz  Polarization  factor  (LP)  and  hence  the 
value  of  the  correction  factor  R.  The  Lorentz  Polarization  factor 


367 


Table  1.2 

Comparison  of  the  volume  fractions  of  Ni^^,  NiAl 3 
and  eutectic  determined  by  image  analysis  and 
x-ray  diffraction  using  two  powder  size. 


Volume  Fraction 


Sample 

Measuring  Technique 

Ni2Al3 

NiAl3 

Eutectic 

25  HE  6 

Image  Analysis 

.436 

.292 

.272 

25  HE  6 

X-ray  diffraction, 
powder  size  = 56  ym 

.357 

.420 

.2235 

25  HE  6 

X-ray  diffraction, 

.458 

.364 

.179 

powder  size  = 20  ym 
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for  a diffracted  beam  monochromator  is  given  by  [58Sab] 


2 2 

1 + cos  20  cos  0 


m 


LP 


2 

1 + cos  20 


1.8 


m 


where  0^  is  calculated  using  Brag's  law  and  the  2d  value  of  graphite 
(6.708  A).  Thus  LP  becomes 


The  Lorentz  polarization  factors  were  recalculated,  the  R values 
redetermined  and  the  results  summarized  in  Table  1.3.  The 
recalculated  R values  have  been  designed  as  R ' and  have  been  used  to 


and  N^Al^  NiAl^  standards,  which  are  summarized  in  Tables  1.4  and 
1.5,  respectively. 

The  corrected  integrated  intensities  in  Tables  1.4  and  1. 5 were 
used  to  construct  new  calibration  curves  shown  in  Figure  1.4  for  the 
Al-NiAl^  standards  and  in  Figure  1.5  for  the  N^Al^-NiAl^  standards. 
Linear  regression  gave  the  following  equations,  for  the  Al-NiAl^ 
standards 


LP 


1 + 0.8002  (cos220) 
1 .8002 


1.9 


recalculate  the  summed  integrated  intensities  ratios  of  the  Al-NiAl^ 


f (NiAl  ) 


f (Al) 


1.10 


and  for  the  N^Al^NiAl^  standards, 
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Table  I. 3 

Recalculated  Lorentz  polarization  factors  and 
R values  using  equation  1.9  for  monochromatic  x-rays. 


Phase 

20 

LP 

R ' 

A1 

38.38 

.897 

1042 

NiAl3 

29.31 

.893 

192 

35.02 

■=r 

CO 

50 

Hi  .10 

.808 

197 

41  .82 

.802 

243 

N i 

17.98 

.958 

2311 

31.36 

.880 

423 
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Table  1.4 

Calculated  intensity  (using  R')  and  volume  fraction  ratios 
for  Al-NiAl^  standard  samples. 


Standard 

wt.  % Ni 

(i/r-)Ai 

fAl 

(i/r'w3 

fNiAl3 

1 Avg. 

25.1 

.365 

.811 

2 Avg. 

30.4 

.20 

.497 

3 Avg. 

35.4 

.11 

.256 

4 Avg. 

38.0 

.08 

.136 

5 Avg. 

41.8 

.008 

.008 
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Table  1.5 

Calculated  intensity  (using  R')  and  volume  fraction  ratios 
for  Ni^Al^-NiAl^  standard  samples. 


Standard 

wt.  % Ni 

<I/r)Ni2Al3 

fNi2Al 

(I/R'!NiAl3 

fNiAl3 

6 Avg. 

45.1 

.028 

.279 

7 Avg. 

47.4 

.054 

.642 

8 Avg. 

50 

.129 

1 .444 

9 Avg. 
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00 


372 


Figure  1.4  Calibration  curves  for  the  Al~NiAl0  standards. 
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EIVINj 


E!VZINj 


Figure  1.5  Calibration  curves  for  the  N i „A1  _~N  i A1  _ standards. 


11.3 


.004 


1.11 


' NiAl . 


d/R') 


NiAl. 


Equations  1.10  and  1.11  were  used  with  the  raw  intensity  data  to 
recalculate  the  volume  from  fractions  of  the  constituent  phases.  This 
was  done  to  check  the  affect  the  recalculated  R values  and  calibration 
curves  had  on  the  volume  fractions. 

For  example  the  volume  fractions  of  Ni^l^,  NiAl ^ and  A1 
calculated  from  the  intensity  rate  of  sample  20  Cul  using  two  sets  of 
R values  and  calibration  curves  are  summarized  in  Table  1.6.  Note 
that  there  is  no  difference  in  the  volume  fractions.  The  reason  is 
because  of  the  use  of  standards  and  the  volume  fraction  ratios  instead 
of  absolute  numbers.  Thus,  despite  changing  the  magnitude  of  the 
connected  integrated  intensities  ratios,  the  volume  fraction  ratio 
does  not  change  and  the  measured  volume  fractions  are  the  same. 
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